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Preface

This book presents the novel concept of plaston, which accounts for the high
ductility or large plastic deformation of emerging high-performance structural mate-
rials, including bulk nanostructuredmetals, hetero-nanostructuredmaterials,metallic
glasses, intermetallics, and ceramics. The plaston concept was first proposed within
an intensive discussion and collaboration among members of the Elements Strategy
Initiative for Structural Materials (ESISM), a Japanese national project funded by
MEXT for the period of 2012–2021. This concept has been continuously discussed
in the annual international symposia on "fundamental issues of structural materials"
organized by ESISM and in symposia at the annual meeting of the Japan Institute
of Metals. The authors of the chapters in this book have played active roles in those
discussions.

The book consists of four parts. The first part is a single chapter and describes an
introduction to the plaston concept and strategy to manage both high strength and
large ductility in advanced structural materials, on the basis of unique mechanical
properties of bulk nanostructured metals.

In the second part, simulations of plaston and plaston induced phenomena are
reviewed. Chapter 2 shows free-energy-based atomistic study of nucleation kinetics
and thermodynamics of defects in metals from the viewpoint of plastic strain carrier.
Chapter 3 describes atomistic study of disclinations in nanostructured metals. Chap-
ters 4 and 5 are dedicated to first principles calculations of collective motion of atoms
through phonon calculations and dislocations through large-scale calculations.

The third part consists of five chapters. It presents the analyses based on various
experiments on plaston. Chapter 6 explains the concept of plaston as an elemental
deformation process involving cooperative atom motion. Chapter 7 shows the char-
acterization of lattice defects associated with deformation and fracture in alumina
by transmission electron microscopy (TEM). Chapter 8 describes nanomechanical
characterization using nanoindentation technique and TEM. Chapter 9 shows a
synchrotron x-ray study on plaston in metals. Chapter 10 focuses on microstructural
crack tip plasticity, which controls the growth of small fatigue crack.
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vi Preface

The fourth part is devoted to the design and development of high-performance
structural materials based on the plaston concept. Chapters 11 and 12 describe high
manganese steels and magnesium alloys, respectively.

This is the first book that comprehensively explains the plaston, an important
new concept in structural materials research, from both theoretical and experimental
perspectives. Although the study of structural materials has been conducted for many
years, there are still new and important problems to be solved. We believe that this
book will provide useful information to researchers in both academia and industry
who are challenging these issues.

Wewould like to thank allmembers of ESISMand the steering committee for their
lively discussions and encouragement for the publication of this book.Wewould also
like to express our gratitude to the management office of ESISM at Kyoto University,
especially to Prof. Shojiro Ochiai, Prof. Lina Kawaguchi, and Prof. Kiichiro Oishi.
This book would not be possible without their devoted efforts. Financial support for
the open access publication of this book by MEXT Japan through ESISM of Kyoto
University is gratefully acknowledged.

Kyoto, Japan Isao Tanaka
Nobuhiro Tsuji
Haruyuki Inui
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Introduction



Chapter 1
Proposing the Concept of Plaston
and Strategy to Manage Both High
Strength and Large Ductility
in Advanced Structural Materials,
on the Basis of Unique Mechanical
Properties of Bulk Nanostructured
Metals

Nobuhiro Tsuji, Shigenobu Ogata, Haruyuki Inui, Isao Tanaka,
and Kyosuke Kishida

1.1 Introduction

Higher and higher strengths are nowadays required for structural materials, for
reducing the weight of transportation machines like automobiles in order to improve
fuel efficiency, realizing huge constructions like ultra-tall towers, and securing human
beings and society from incidents and disasters like collisions, earthquakes, and so
on. However, the ductility and/or toughness of materials generally decreases with an
increase in the strength, as is schematically illustrated in Fig. 1.1. The curve showing
the trade-off relationship between strength and ductility/toughness is often called
the “banana curve” due to the shape shown in Fig. 1.1 (Demeri 2013). Among three
major industrial materials, ceramics are very strong but generally brittle and scarcely
show plasticity. Polymers are light and ductile in many cases, but their strength is
limited. Only metals can manage both high strength and large plasticity, which is
derived from their metallic bonding nature. Even in metallic materials, however, the

N. Tsuji (B) · S. Ogata · H. Inui · I. Tanaka · K. Kishida
Center for Elements Strategy Initiative for Structural Materials (ESISM), Kyoto University,
Sakyo-ku, Kyoto 606-8501, Japan
e-mail: nobuhiro-tsuji@mtl.kyoto-u.ac.jp

N. Tsuji · H. Inui · I. Tanaka · K. Kishida
Department of Materials Science and Engineering, Graduate School of Engineering, Kyoto
University, Kyoto 606-8501, Japan

S. Ogata
Department of Mechanical Science and Bioengineering, Graduate School of Engineering Science,
Osaka University, Toyonaka 560-8531, Japan

© The Author(s) 2022
I. Tanaka et al. (eds.), The Plaston Concept,
https://doi.org/10.1007/978-981-16-7715-1_1

3

http://crossmark.crossref.org/dialog/?doi=10.1007/978-981-16-7715-1_1&domain=pdf
mailto:nobuhiro-tsuji@mtl.kyoto-u.ac.jp
https://doi.org/10.1007/978-981-16-7715-1_1
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Fig. 1.1 Schematic
illustration showing the
strength-ductility balances in
various kinds of materials

ductility and toughness deteriorate with increasing strength. We have to overcome
the trade-off relationship between strength and ductility/toughness for realizing the
ultimate structural materials in future, since high strength materials would also be
manufactured into designed shapes bymetalworking processes andmust avoid brittle
or early fracture in practical use. Recently a number of articles have claimed to find
new metallic materials managing both high strength and good ductility (Zhao et al.
2006; Lu et al. 2009; Copper et al. 2011; Liu et al. 2013, 2018; Wu et al. 2014,
2015; Wei et al. 2014; Kim et al. 2015; Li et al. 2016; He et al. 2017; Lei et al.
2018; Tong et al. 2018; Yang et al. 2018; Sun et al. 2019; Zhang et al. 2019, Ma and
Zhu 2017). However, most of the papers have mainly insisted on superior mechan-
ical properties found in particular materials with different (and mostly complicated)
microstructures, and the discussions on the reason why those materials could realize
high strength and large ductility have stayed in phenomenological manners. We still
do not have the guiding principle to manage both high strength and high ductility in
advanced structural materials.

The first author of this manuscript has continuously studied bulk nanostructured
metals (or ultrafine-grained (UFG) metallic materials, in other words) in the last
decades, and has found their unique mechanical properties, such as the unexpected
yield-drop phenomena universally found in UFG metals and alloys regardless of
their chemical compositions and crystal structures (Tsuji et al. 2002; Tian et al.
2018a, 2020a, b; Saha et al. 2013; Yoshida et al. 2017, 2019; Terada et al. 2008;
Zheng et al. 2017, 2019, 2020a; Gao et al. 2014a; Bai et al. 2021), extra Hall–Petch
strengthening (Gao et al. 2014a; Kamikawa et al. 2009; Tian et al. 2020), “hardening
by annealing and softening by deformation” phenomena (Huang et al. 2006), and so
on. Bulk nanostructured metals show very high strength compared to conventionally
coarse-grained counterparts, but most of them still have a dilemma of the strength-
ductility trade-off (Tsuji et al. 2002, 2008). On the other hand, it has been also
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found recently that bulk nanostructured metals, in particular, alloys could manage
both high strength and ductility (Tsuji et al. 2019; Tian et al. 2014, 2015, 2016,
2018b; Chen et al. 2014; Bai et al. 2018; Gao et al. 2019; Chong et al. 2019; Zhang
et al. 2020). In the current manuscript, the authors throw light on the reason why
such bulk nanostructured metals can overcome the strength-ductility trade-off, and
propose a strategy for managing both high strength and large ductility in advanced
structural materials. We also propose a new concept of “plaston” for considering the
nucleation of different deformation modes (Tsuji et al. 2020, 2021), which can be a
key to realizing the strategy.

1.2 Reason of Strength-Ductility Trade-Off,
and Mechanical Properties of Typical Bulk
Nanostructured Metals

In general, metallic materials used in our society are polycrystals composed of
a number of crystal grains having a different crystallographic orientation to each
other. It has been well known that refinement of the grain size in the polycrystalline
metallic materials improves their mechanical properties such as strength, toughness,
etc. However, the minimum mean grain size in bulky metals we can obtain through
conventional fabrication processes has been about 10 µm. Since 1990s, great atten-
tion has been paid to the ultrafine-grained (UFG) metals, of which average grain
sizes are smaller than 1 µm, since various kinds of new processes like severe plastic
deformation (SPD) (Altan 2006; Azushima et al. 2008) made it possible to fabri-
cate bulky metallic materials having such ultrafine-grained structures. Equal channel
angular extrusion (ECAE), high pressure torsion (HPT), accumulative roll bonding
(ARB), etc., are typical SPD processes that can fabricate UFG structures in bulky
metals (Altan 2006; Azushima et al. 2008). Figure 1.2 shows the volume fraction of
grain boundaries in polycrystalline materials as a function of the mean grain size,
assuming that the thickness of the grain boundary regions, where arrangements of
atoms are locally distorted from the periodical and well-organized crystalline struc-
tures in grain interiors, is 1 nm (Tsuji 2002, 2007). In the polycrystalline materials
having average grain sizes over 10µm,which correspond to the conventionalmetallic
materials human beings have used by now, the volume fraction of grain boundaries
is negligibly small. It can be said, therefore, that the conventional metals and alloys
scarcely involve grain boundaries, even though they are polycrystalline materials.
However, the grain boundary fraction quickly increases with decreasing the grain
size below 1 µm. The volume fractions of grain boundaries in the materials with
the mean grain sizes of 1 µm, 0.1 µm (100 nm), and 10 nm are 0.2%, 2%, and
20%, respectively. That is, the UFG metals are materials full of grain boundaries.
Therefore, it would not be surprising that the UFG or nanocrystalline materials show
unique behavior and superior properties that are significantly different from those of
the conventional metals having coarse grain sizes over 10µm.We can call such UFG
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Fig. 1.2 Volume fraction of
grain boundaries in
polycrystalline materials as a
function of the mean grain
size. It is assumed that the
thickness of the grain
boundary regions, where
atomic arrangements are
locally distorted from the
periodical and
well-organized crystalline
structures in grain interiors,
is 1 nm

metallic materials having bulky dimensions and average grain sizes of nano-meter
scale as “Bulk Nanostructured Metals”.

Bulk nanostructured metals usually exhibit very high strengths. Figure 1.3 shows
tensile strengths of a commercial purity Al (JIS 1100-Al) and an ultra-low carbon
interstitial free (IF) steel (Tsuji 2007). The blue bars in Fig. 1.3 indicate the tensile
strengths of starting materials having conventionally coarse average grain sizes (d ~
20 µm), while red bards represent the tensile strengths of the UFG specimens (d ~

Fig. 1.3 Tensile strength of
a commercial purity
aluminum (JIS 1100-Al) and
IF steel having different
mean grain sizes (d). The
starting materials had
conventionally coarse grain
sizes (d ~ 20 µm), while the
nanostructured specimens of
the same materials fabricated
by the ARB process showed
d ~ 0.2 µm



1 Proposing the Concept of Plaston and Strategy to Manage … 7

0.2 µm) fabricated by the ARB process. The coarse-grained specimen of 1100-Al
showed a tensile strength of 84 MPa, but it increased to 330 MPa when the grain
size was reduced down to 0.2 µm. The strength of the UFG Al was four times higher
than that of the coarse-grained counterpart and surprisingly higher than the strength
of the IF steel with conventional grain size (274 MPa). That is, aluminum can be
strengthened as high as steel by the ultra-grain refinement. Such strengthening in
nanostructured metals was also found in the IF steel (Fig. 1.3). The typical strength
of the coarse-grained starting IF steel specimen (274 MPa) increased over 1 GPa by
nano-structuring.

Bulk nanostructured metals show such high strength, but their tensile ductility
is limited in most cases. A typical example of the trade-off relationship between
strength and tensile ductility in nanostructured metals is shown in Fig. 1.4a, which
indicates engineering stress–strain curves of an ultra-low carbon interstitial free (IF)
steel (Takechi 1994) having various average grain sizes (d) ranging from0.4 to 33µm
(Gao et al. 2014b). The IF steels have a single-phase α matrix with body-centered
cubic (BCC) crystal structure. The specimens with various mean grain sizes were
fabricated by SPD using the ARB process (Saito et al. 1998, 1999; Tsuji et al. 2003)
and subsequent annealing (Gao et al. 2014b). Figure 1.4b shows microstructures of
the specimens obtained by electron back-scattering diffraction (EBSD) analysis in

Fig. 1.4 a Engineering
stress–strain curves of the
ultra-low carbon IF steel
with different average grain
sizes (d) ranging from
0.4 µm to 33 µm. The
specimens were fabricated
by the ARB process
followed by annealing (Tsuji
et al. 2020a). b EBSD-IPF
maps showing typical
microstructures of the
specimens. The colors
indicate crystallographic
orientations parallel to the
rolling direction (RD) (Gao
et al. 2014b). Reprinted from
Scripta Materialia, vol. 181,
Tsuji et al., Strategy for
managing both high strength
and large ductility in
structural
materials–sequential
nucleation of different
deformation modes based on
a concept of plaston, p. 36,
Copyright (2020), with
permission from Elsevier
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field-emission type scanning electron microscope (FE-SEM). The specimen with d
= 0.4 µm was the as-ARB processed specimen, and the EBSD inverse pole figure
(IPF) map represented elongated lamellar UFG grains typically found in metals
SPD processed in monotonic direction (Tsuji et al. 2019). This is also a kind of
deformed microstructure formed by the grain subdivision mechanism (Tsuji et al.
2019), where grains are elongated along the major deformation direction and include
deformed substructures with high dislocation densities. By increasing the annealing
temperature and time, recovery and grain boundary migration happened to make
the dislocation density lower and the grain size larger. The specimens having the
mean grain sizes of 1.3 µm or larger showed equiaxed grains free from dislocations,
which were equivalent to recrystallized microstructures. The strength, especially the
yield strength of the IF steel increased with decreasing grain size (Fig. 1.4a). The
relationship between the yield strength and the average grain size followed the well-
knownHall–Petch relationship (Hall 1951; Petch 1953). TheHall–Petch relationship
is expressed as

σy = σ0 + kd− 1
2 (1.1)

where σy is the yield strength of the material, σ0 and k are constants depending on
materials, and d is the average grain size. Different from the strength, the tensile
ductility, especially the uniform elongation of the IF steel suddenly decreased down
to a few%when the average grain size became smaller than 1µm (Fig. 1.4a). This is
the typical strength–ductility trade-off observed in most of the bulk nanostructured
metals (Tsuji et al. 2002, 2008; Tsuji 2002, 2007). It should be also noted, by the
way, that the specimens with grain sizes smaller than 2 µm showed discontinuous
yielding characterized by a clear yield-drop phenomenon, even though the IF steels
have no interstitial carbon and nitrogen atoms and they normally show continuous
yielding (Takechi 1994). In fact, the IF steel specimens with grain sizes larger than
5 µm indicated typical continuous yielding without yield drop (Fig. 1.4a). Fully
annealed or recrystallized UFGmetals and alloys universally show such a yield-drop
phenomenon, regardless of their chemical compositions and crystal structures (Tsuji
et al. 2002; Tian et al. 2018a, 2020a; Saha et al. 2013; Yoshida et al. 2017, 2019;
Terada et al. 2008; Zheng et al. 2017, 2019, 2020a; Gao et al. 2014a; Bai et al. 2021).
As will be argued later, the yield-drop phenomenon found in bulk nanostructured
metals is the sign of the activation of the plaston (or the activation of new deformation
mode).

Another example of typical stress–strain curves of bulk nanostructured metals is
represented in Fig. 1.5, which shows engineering (nominal) stress–strain curves of
a high-purity (99.99 mass % purity) Al with various average grain sizes (Kamikawa
et al. 2009). The specimens were fabricated by ARB and subsequent annealing
processes. The as-ARB processed specimen had ultrafine-grained structure with d
= 0.88 µm, but still somehow maintained features of deformed microstructures,
i.e., elongated grain morphologies and dislocations inside grains (Kamikawa et al.
2009). The specimen showed relatively high yield strength for a high purity metal,
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Fig. 1.5 Engineering
stress–strain curves of the
high-purity (99.99 mass %
purity) Al having different
mean grain sizes (d) ranging
from 0.88 to 23 µm. The
specimens were fabricated
by the ARB process
followed by annealing
(Kamikawa et al. 2009)

but the uniform elongation was very limited again (1–2%). The total elongation
of this specimen was fairly large (>20%), probably because the material had high
purity andwas soft. Although the specimenswithmean grain sizes of 1.2µmor larger
already had nearly equiaxed grain structures with low dislocation density (Kamikawa
et al. 2009), the 1.2 and 1.9 µm grain-sized specimens still showed limited uniform
elongation. It should be noted again that the specimens having mean grain sizes
of 1.2, 1.9, and 3.2 µm showed a sharp yield drop, although the coarse-grained
high-purity Al (d = 23 µm) exhibited continuous yielding usually observed in FCC
metal. Even typical Lüders deformation was found in the 3.2 µm grain-sized spec-
imen, which corresponded to the nearly flat part on the stress–strain curve. After the
Lüders deformation, the specimen showed a slight strain hardening, so that tensile
ductility (uniform elongation) was significantly recovered in the 3.2 µm grain-sized
specimen although the strength already decreased very much. These are basically
the same characteristics as those of the UFG IF steel with BCC structure shown in
Fig. 1.4. The outlines of the stress–strain curves shown in Figs. 1.4a and 1.5 show
banana-like shapes that correspond to the strength–ductility trade-off curve shown
in Fig. 1.1.

The sudden drop of uniform elongation and tensile ductility in bulk nanostructured
metals is simply explained by the plastic instability (Tsuji et al. 2002; Tsuji 2007;
Wang et al. 2002; Morris 2008). In tensile testing of materials, necking of the gage
partmay happen. Since the cross-sectional area of the necked region becomes smaller
than the un-necked region, the tensile stress at the necked region becomes higher.
On the other hand, the necked region becomes harder than the un-necked region,
since the necked region is much more plastically deformed and strain-hardened than
the un-necked region. Consequently, whether the necking progresses furthermore or
not is determined by the balance between the increased tensile stress and increased
strength of the necked region, which is known as the plastic instability condition.
Considère criterion shown below is a well-known plastic instability condition for
strain-rate insensitive materials (Wagoner and Chenot 1997).
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(
dσ

dε

)
≤ σ (1.2)

Here, σ is the true flow stress and ε is the true strain, so that (dσ /dε) corresponds
to the strain-hardening rate. The plastic instability condition indicates the propaga-
tion of necking, that is, the uniform elongation in tensile testing. The Eq. (1.2) tells
that the strain-hardening rate (dσ /dε) plays a critical role in the uniform elongation
of materials. Grain refinement of metallic materials primarily increases the yield
strength and flow stress (σ ) according to the Hall–Petch relationship (Hall 1951;
Petch 1953) shown in the Eq. (1.1), but the strain-hardening ability (dσ /dε) of the
materials is not enhanced because the structure at grain interiors does not change by
the grain refinement. As a result, plastic instability would happen at an earlier stage
of tensile deformation in materials with finer grain sizes. Such a situation is schemat-
ically illustrated in Fig. 1.6. The figure indicates the change of the plastic instability
points when the yield strength increases keeping a constant strain-hardening rate,
which clearly illustrates that the plastic instability occurs at earlier stages of tensile
tests in the material having the finer grain sizes.

The plastic instability condition in UFG materials is examined for the IF steel
with various mean grain sizes (d) of which tensile properties are shown in Fig. 1.4a.
Figure 1.7 shows true stress–strain curves of the IF steel and strain-hardening curves
of the specimens having grain sizes of d = 33 µm (blue) and d = 0.4 µm (red).
The stress–strain curves are drawn in solid lines till the points of uniform elongation
which is determined on the corresponding engineering stress–strain curves, and then
drawn in broken lines after the uniform elongation. Generally, the strain-hardening
rate of metallic materials monotonically decreases with increasing the plastic strain
and meets with the true stress–strain curve. The meeting point corresponds to the

Fig. 1.6 Schematic
illustration showing the
change of the plastic
instability point (i.e., the
point of uniform elongation)
by grain refinement. It is
assumed that the yield
strength increases by the
grain refinement while the
strain-hardening rate (dσ /dε)
does not change
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Fig. 1.7 True stress–strain curves of the IF steel specimens having different grain sizes and and
strain-hardening rate (dσ /dε) curves of the specimens with the average grain sizes of 33 and 0.4µm.
The stress–strain curves are drawn in solid lines up to the uniform elongation points determined
from the engineering stress–strain curves, and then drawn in broken lines in post uniform elongation
regions after. Curves for the representatively coarse grained (d = 33 µm) and ultrafine grained (d
= 0.4 µm) specimen are expressed in blue and red, respectively (Tsuji et al. 2020a). Reprinted
from Scripta Materialia, vol. 181, Tsuji et al., Strategy for managing both high strength and large
ductility in structural materials–sequential nucleation of different deformation modes based on a
concept of plaston, p. 36, Copyright (2020), with permission from Elsevier

plastic instability. The blue curves for the coarse-grained (d = 33 µm) IF steel
typically show such a behavior. The intersection of two curves (the plastic instability
point) coincides well with the uniform elongation point where the curve changes
from the solid line to the broken line. For the UFG specimen with d = 0.4 µm, the
red strain-hardening rate curve quickly falls andmeets with the flow stress curve near
the maximum stress, which also indicates that the plastic instability point coincides
with the uniform elongation point. The results confirm that the uniform elongation of
these specimens can be well explained by the plastic instability. One of the reasons
for the quick decrease of the strain-hardening rate is localized deformation appearing
with the yield drop. However, the strain-hardening rate of the 0.4 µm specimen does
not recover again, while that of the 1.3 µm specimen increases again after the yield
drop and Lüders deformation. Anyway, Fig. 1.7 obviously confirmed the early plastic
instability in fine-grained materials, as was schematically interpreted in Fig. 1.6. It
seems that the limited uniform elongation (i.e., limited tensile ductility) due to the
early plastic instability is indispensable in bulk nanostructured metals having UFG
structures.
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1.3 Bulk Nanostructured Metals Exhibiting Both High
Strength and Large Ductility

Although many bulk nanostructured metals exhibit the early plastic instability as
shown in the former Sect. 1.2, it has been found recently that some kinds of alloys
with UFG microstructures can manage both high strength and large tensile ductility
(Tsuji et al. 2019; Tian et al. 2014, 2015, 2016, 2018b; Chen et al. 2014; Bai et al.
2018, 2021; Gao et al. 2019; Chong et al. 2019; Zhang et al. 2020). One example
was found in a Mg–6.2Zn–0.5Zr–0.2Ca (mass %) alloy (ZKX600) (Zheng et al.
2017, 2019). Figure 1.8 shows EBSD IPF and grain boundary (GB) maps of the
ZKX600 specimens severely deformed by the high-pressure torsion (HPT) process
and then annealed. Fully recrystallized microstructures with various average grain
sizes ranging from 0.77µm to 23.3µmwere obtained. Figure 1.9 shows engineering
(nominal) stress–strain curves of theMg–Zn–Zr–Ca specimens having various mean
grain sizes ranging from 0.1 to 23.3 µm. The 0.1 µm specimen was just HPT
processed, which showed very high yield strength but limited tensile elongation.
These are typical mechanical properties of as-SPD processed materials, which could
be also found inFigs. 1.4a and1.5.Other specimens inFig. 1.9were all fully recrystal-
lized, even in case of the grain size of 0.77µm, as shown in Fig. 1.8 (Zheng et al. 2017,
2019). The strength of the alloy continuously increased with decreasing the grain
size. It was interesting that the tensile elongation rather increased with decreasing

Fig. 1.8 EBSD IPF maps (a, c, e, g) and grain boundary (GB) maps (b, d, f, h) of the ZKX600 Mg
alloy heavily deformed by high pressure torsion (HPT) and then annealed under different conditions.
a, bAnnealed at 300 °C for 60 s; c, d 400 °C for 1.8 ks; e, f 450 °C for 1.8 ks; g, h 500 °C for 1.8 ks.
Colors in the IPF maps indicate crystallographic orientations parallel to the normal direction (ND)
of the disc specimens. In the GB maps, high angle boundaries with misorientations (θ) larger than
15° and low angle boundaries with 2° � θ < 15° are drawn in blue and green lines, respectively
(Zheng et al. 2017, 2019)
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Fig. 1.9 Engineering
stress–strain curves of the
Mg–Zn–Zr–Ca alloy
(ZKX600) with various
mean grain sizes (d) ranging
from 0.1 to 23.3 µm,
fabricated by HPT and
subsequent annealing (Zheng
et al. 2017, 2019)

the average grain size from 23.3 to 6.11 µm. When the grain size decreased further-
more, the elongation somehow decreased but still maintained fairly large values
over 20%. That is, both high strength and large tensile ductility were managed in
the UFG Mg–Zn–Zr–Ca alloy. The 23.3 µm grain-sized specimen showed typical
continuous yielding, while the yielding behavior changed to discontinuous type with
the grain refinement. Although clear yield drop was not observed in Fig. 1.9, the
local strain analysis by the digital image correlation (DIC) technique confirmed that
the 0.77 µm grain-sized specimen showed localized deformation similar to Lüders
banding around yielding (Zheng et al. 2019).

For comparing mechanical properties, two specimens with coarse and ultrafine
grain sizes (d = 23.3 µm and 0.77 µm, respectively) were selected. The grain
refinement from 23.3 µm to 0.77 µm significantly increased the yield strength of
the ZKX600 Mg alloy from 90 to 235 MPa, respectively (Zheng et al. 2017). As
mentioned above, the coarse-grained specimen showed continuous yielding typi-
cally observed in Mg alloys with conventionally coarse grain sizes, while the UFG
specimen showed a discontinuous shape. Different from the IF steel (Fig. 1.4) and
pure Al (Fig. 1.5), the UFG Mg alloy showed good strain hardening after yielding,
so that it exhibited higher tensile strength (328 MPa) as well as larger uniform and
total elongations (20.5% and 26.1%, respectively) than the coarse-grained specimen
(showing the tensile strength, uniform elongation and total elongation of 256 MPa,
17.6%, and 20.3%, respectively).

True stress–strain curves and strain-hardening rate curves of the specimens with
d = 23.3 µm and d = 0.77 µm are shown in Fig. 1.10 (Zheng et al. 2019; Tsuji
et al. 2020a), in order to examine the plastic instability conditions. The curves for the
coarse-grained specimen were drawn in blue, while those for the ultrafine-grained
specimen were drawn in red. The strain-hardening rate (dσ /dε) of the UFG specimen
(d = 0.77 µm; red curve) quickly decreased at the beginning of tensile deformation,
which corresponded to the discontinuous yielding of this specimen. However, the
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Fig. 1.10 True stress–strain curves and strain-hardening rate (dσ /dε) curves of the ZXK600 Mg
alloy specimens with average grain sizes of 23.3 µm (blue) and 0.77 µm (red) (Zheng et al.
2019; Tsuji et al. 2020a). Reprinted from Scripta Materialia, vol. 181, Tsuji et al., Strategy for
managing both high strength and large ductility in structural materials–sequential nucleation of
different deformation modes based on a concept of plaston, Copyright (2020), with permission
from Elsevier

strain-hardening rate recovered, and showed high values comparable to the strain-
hardening rate of the coarse-grained specimen (d = 23.3 µm; blue curve). At later
stages of the tensile deformation, the strain-hardening rate of the UFG specimen
maintained higher values than that of the coarse-grained specimen, which explained
the postponement of plastic instability and the larger uniform elongation of the UFG
specimen than that of the coarse-grained specimen.

Why did the UFG specimen of the Mg alloy exhibit both high strength and large
tensile ductility? In order to clarify this, deformation mechanisms in the Mg alloy
were investigated. It is well known that basal slip having Burgers vector (b) parallel
to an <a> axis in hexagonal close-packed (HCP) crystal structure is the easiest defor-
mation mode in HCP Mg and its alloys (Yoshinaga and Horiuchi 1964). However,
basal slips can realize only two-dimensional deformation in each grain, since there
is only one basal plane in HCP crystal. As a result, deformation twinning having
deformation components along the c-axis operates in Mg and its alloys. Area frac-
tions of deformation twins in the current specimens tensile-deformed to different
strains were measured by crystallographic analysis using EBSD. Figure 1.11 shows
the measured area fraction of the deformation twins in the specimens having average
grain sizes of 23.3 and 0.98µm(Zheng et al. 2019). In the coarse-grained specimen (d
= 23.3 µm), the fraction of deformation twins increased with increasing the tensile
strain, which is a typical behavior in Mg alloys. On the other hand, deformation
twinning was significantly suppressed in the UFG specimen (d = 0.98 µm). Even
after 13% tensile strain, the area fraction of deformation twins was only ~2%. In
such a case, how was the three-dimensional plastic deformation without incompati-
bility between neighboring grains realized in the UFG specimens? For clarifying this
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Fig. 1.11 Area fractions of
deformation twins in the
ZKX600 Mg alloy
specimens with average
grain sizes of 23.3 and
0.98 µm (Zheng et al. 2019)

point, dislocation substructures were observed by transmission electron microscopy
(TEM). Figure 1.12 shows TEM images of the UFG specimen (d = 0.77 µm) of
ZKX600 Mg alloy tensile-deformed to 9.5% strain (Zheng et al. 2019; Tsuji et al.
2020a). A number of dislocations are observed in the ultrafine grain located in the
bright-field image observed from near [01–10] zone axis (Fig. 1.12a). Figure 1.12b
shows a dark-field image of the region surrounded by the red-broken rectangle in
(a). Since g = 0002 was used for the dark-field observation, contrasts of dislocations
belonging to basal slip systems with only <a> component of Burgers vector (b) must
disappear, according to the g · b = 0 criterion. However, many dislocations are still
observed clearly in Fig. 1.12b, which indicates there are many dislocations with <c>

Fig. 1.12 TEM images of theUFG specimen (d = 0.77µm) of ZKX600Mg alloy tensile-deformed
to 9.5% engineering strain. a Bright-field image observed from near [01–10] zone axis under two-
beam condition. b Dark-field image of the region surrounded by red-broken rectangle in (a), using
g = 0002 (Zheng et al. 2019; Tsuji et al. 2020a). Reprinted from Scripta Materialia, vol. 181, Tsuji
et al., Strategy for managing both high strength and large ductility in structural materials–sequential
nucleation of different deformation modes based on a concept of plaston, Copyright (2020), with
permission from Elsevier
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Fig. 1.13 Engineering
stress–strain curves of the
31Mn–3Al–3Si (mass%)
steel with various mean grain
sizes (d) ranging from 0.79
to 85.6 µm, fabricated by
conventional heavy
cold-rolling and subsequent
annealing (Kitamura 2017;
Bai et al. 2016, 2021)

components of Burgers vector within the ultrafine grain. They are presumably dislo-
cations of pyramidal slip systems with <c + a> Burgers vector. It can be concluded
that deformation twinningwas greatly suppressed in theUFGMgalloy, and instead of
deformation twins, <c + a> dislocations were activated to realize three-dimensional
plastic deformation for satisfying deformation compatibility in the polycrystalline
material. The easy basal slips were also activated in all specimens regardless of the
grain size. Dislocations belonging to such different slip systems and having different
Burgers vectors would interact with each other, which would then inhibit dynamic
recovery by cross-slips of screw dislocations, leading to a significant increase of
dislocation density and strain-hardening rate, as was shown in Fig. 1.10. The unex-
pected activation of unusual <c +a> dislocation is the reason for the regeneration
of strain hardening and overcoming the trade-off relationship between strength and
ductility in the bulk nanostructured Mg alloy.

Next, another type of example for the UFG materials overcoming the strength–
ductility trade-off is introduced. Figure 1.13 shows engineering stress–strain curves
of a 31Mn–3Al–3Si (mass %) steel with different mean grain sizes ranging from
0.60 to 15.4 µm (Kitamura 2017; Bai et al. 2016, 2021). The 31Mn–3Al–3Si steel
has a stable austenite (face-centered cubic (FCC) crystal structure) single-phase
microstructure at room temperature. High-Mn steels are known to manage both high
strength and good tensile ductility. It has been considered that their good mechan-
ical properties are attributed to deformation twinning frequently happening during
plastic deformation, so that they are called twinning-induced plasticity (TWIP) steels
(Grässel et al. 2000; De Cooman et al. 2018). The 31Mn–3Al–3Si steel is one of the
typical high-Mn TWIP steels. The specimens having various average grain sizes (d)
ranging from 0.60 to 15.4µmwere fabricated by conventional heavy cold rolling and
subsequent annealing, and all the specimens showed fully recrystallized microstruc-
tures. As is shown in Fig. 1.13, the strength of the alloy increased with decreasing
grain size. Tensile ductility showed nearly the same large values (~100%) from
d = 15.4 µm to d = 7.8 µm, and then gradually decreased with decreasing the



1 Proposing the Concept of Plaston and Strategy to Manage … 17

grain size. However, even the ultrafine-grained specimen with d = 0.60 µm showed
large tensile elongation (uniform elongation) over 40%. The 31Mn–3Al–3Si steel
showed single-phase austenite structure, so that coarse-grained specimens exhibited
continuous yielding typically found in FCC metals and alloys. On the other hand,
discontinuous yielding with clear yield drop was found in the UFG specimens with
mean grain sizes smaller than 1.5 µm. Stress–strain curve of the 0.60 µm specimen
showed a flat part corresponding to Lüders deformation, although the Lüders strain
was small (~4%).

True stress–strain curves and corresponding strain-hardening rate curves of the
Fe–31Mn–3Al–3Si specimens having coarse grain size (d = 15.4 µm; blue) and
ultrafine grain size (d = 0.60 µm; red) are shown in Fig. 1.14 (Tsuji et al. 2020a).
Similar to the IF steel (Fig. 1.7) and the ZKX600 Mg alloy (Fig. 1.10), the strength
of the austenitic steel significantly increased by the grain refinement. The strain-
hardening rate (dσ /dε) of the UFG specimen with d = 0.60 µm quickly dropped,
corresponding to the discontinuous yielding with the yield drop, but promptly recov-
ered and maintained rather higher values than that of the coarse-grained specimen.
Consequently, the UFG specimen showed high tensile strength (836 MPa) and large
uniform elongation (43.3%).

In order to understand the deformation mechanism, deformation microstructures
of theFe–31Mn–3Al–3Si specimens tensile-deformedwere carefully observed. First,
the specimens having average grain sizes of 15.4 µm (coarse grained), 4.5 µm (fine-
grained), and 0.79 µm (ultrafine grained) were deformed to different strains by

Fig. 1.14 True stress–strain curves and corresponding strain-hardening rate curves of the 31Mn–
3Al–3Si austenitic steel specimens having coarse grain size (d = 15.4 µm; blue) and ultrafine
grain size (d = 0.60 µm; red) (Tsuji et al. 2020a). Reprinted from Scripta Materialia, vol. 181,
Tsuji et al., Strategy for managing both high strength and large ductility in structural materials–
sequential nucleation of different deformation modes based on a concept of plaston, Copyright
(2020), with permission from Elsevier
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Fig. 1.15 Number of
deformation twins per unit
area obtained from ECC
images of the tensile
tensile-deformed specimens
having different mean grain
sizes of 15.4 µm, 4.5 µm,
and 0.79 µm. Plotted as a
function of tensile
engineering strain (Bai et al.
2021)

tensile tests, and then deformation substructures were observed by electron chan-
neling contrast imaging (ECCI) in SEM. From ECCI data, area fraction and number
density of deformation twins were measured. Figure 1.15 summarizes changes of
the number densities [number/m2] of deformation twins with a progress of tensile
deformation. It has been experimentally shown and believed that grain refinement of
matrix suppresses deformation twinning in FCCmetals and alloys (Surya et al. 1999).
The suppression of deformation twinning by grain refinement has been explained by
the decrease of the chance of dislocation reactions that produce deformation twins in
FCCcrystals (Venables 1961;Cohen andWeertman 1963;Miura et al. 1968;Mahajan
and Chin 1975). However, Fig. 1.15 clearly shows that the number of deformation
twins per unit area increases by the grain refinement. Especially, the UFG specimen
with d = 0.79 µm exhibited much larger number of twins than the conventionally
coarse-grained specimen with d = 15.4 µm.

An ECC image of the UFG specimen with d = 0.79µm tensile-deformed to 1.6%
is shown in Fig. 1.16 (Tsuji et al. 2020a; Kitamura 2017; Bai et al. 2021). At this
early stage of tensile deformation just after the yield drop, thin deformation twins
nucleated from grain boundaries of ultrafine grains. The deformationmicrostructures
of the 31Mn–3Al–3Si specimens with different mean grain sizes were also observed
by TEM carefully (Hung et al. 2021a, b, c). TEM images shown in Fig. 1.17 indi-
cate a transition of deformation substructures from in-grain slip dislocations in a
coarser grain to deformation twins nucleated from grain boundaries in an ultrafine
grain (Hung et al. 2021a). It should be noted that the deformation twins are quite
thin and have thicknesses of a few nm ~ 10 nm. As a result, the area fraction of
deformation twins in the UFG specimen was rather smaller than that of the coarse-
grained specimen. Since twin boundaries are high-angle grain boundaries (mostly
�3 boundaries), they act as strong obstacles for dislocation slips. The formation of
a number of thin twins subdivides the matrix very much and would decrease the
slip length of dislocations, leading to more dislocations accumulated. This would
be the reason why the strain hardening of the UFG 31Mn–3Al–3Si specimens was
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Fig. 1.16 SEM-ECCI picture of the Fe–31Mn–3Al–3Si specimen having an UFG grain size (d =
0.79 µm) after 1.6% tensile deformation. Nucleation of thin deformation twins from grain bound-
aries is observed (Tsuji et al. 2020a; Kitamura 2017; Bai et al. 2021). Reprinted from Scripta
Materialia, vol. 181, Tsuji et al., Strategy for managing both high strength and large ductility in
structural materials–sequential nucleation of different deformation modes based on a concept of
plaston, Copyright (2020), with permission from Elsevier

Fig. 1.17 TEM images showing the transition of deformation microstructures from in-grain slip
dislocations in a coarse grain to deformation twins nucleated from grain boundaries in an ultrafine
grain (Hung et al. 2021a)

enhanced and good mechanical properties managing both high strength and large
tensile ductility (uniform elongation) was realized. It should be emphasized again
that deformation twinning was exceptionally enhanced and the twins nucleated from
grain boundaries (not by the dislocation interactions in grains) in the UFG specimens
of the 31Mn–3Al–3Si steel.
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The last example introduced as a bulk nanostructured metal managing both high
strength and large tensile ductility is a 24Ni–0.3C (mass %) steel. Although the Fe–
24Ni–0.3C alloy also shows FCC single phase at room temperature, the austenite
is a metastable phase and can transform to α’ martensite with body-centered cubic
or tetragonal (BCC or BCT) crystal structure by deformation. Fully recrystallized
specimens of the 24Ni–0.3C steel composed of single-phase FCC austenite having
different average grain sizes were fabricated by SPD using high-pressure torsion
(HPT) followed by heat treatments under different conditions (Chen et al. 2014,
2015). Figure 1.18 shows engineering (nominal) stress–strain curves of the coarse-
grained (d = 35µm), fine-grained (d = 1.1µm), andUFG (d = 0.5µm) specimens of
the 24Ni–0.3C steel. In this metastable austenitic steel, even the coarse-grained spec-
imen (d = 35 µm) showed a high strain-hardening rate, leading to high strength and
outstanding tensile ductility over 240% elongation. The good mechanical property
is attributed to the deformation-induced martensitic transformation, which is called
transformation-induced plasticity (TRIP) (Zackay et al. 1967). It is known that the

Fig. 1.18 a Engineering
(nominal) stress–strain
curves of the 24Ni–0.3C
specimens having three
different grain sizes, 35 µm,
1.1 µm, and 0.5 µm (Chen
2015). The 35 µm, 1.1 µm,
and 0.5 µm grain-sized
specimens were
tensile-tested at 50 °C,
30 °C, and 20 °C,
respectively, and the test
temperatures corresponded
to the temperature at which
the specimens showed the
largest elongation. b
Fractions of martensite in the
specimens with three
different mean grain sizes
tensile tested to different
strains (Chen 2015)
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tensile elongation of TRIP steels greatly depends on the deformation temperature
since the stability of austenite against martensitic transformation changes depending
on temperature, and the maximum elongation is obtained at a certain deformation
temperature. The stress–strain curves shown in Fig. 1.18 are those showing the
maximum elongations in the different grain-sized specimens. The tensile tests were
carried out at different temperatures indicated, because grain refinement stabilizes
austenite against martensitic transformation (Umemoto and Owen 1974). Actually,
the martensitic transformation starting temperature (Ms) upon cooling of austenite
decreased from −26 to −66 °C with refining the austenite grain size from 35 to
0.5 µm (Chen et al. 2014; Chen 2015). The strength of materials greatly increased
with decreasing the grain size. The coarse-grained specimen (d = 35 µm) showed
typical continuous yielding,while thefine-grained (d=1.1µm)andultrafine-grained
(d = 0.5 µm) specimens exhibited discontinuous yielding with clear yield-drops
as was observed in the UFG IF steel (Fig. 1.4a), pure Al (Fig. 1.5), ZKX600 Mg
alloy (Fig. 1.9), and 31Mn–3Al–3Si austenitic steel (Fig. 1.13). Although the tensile
ductility decreased with decreasing the grain size, the 0.5 µm grain-sized specimen
maintained fairly large tensile elongation over 100% still. Serrations were obvi-
ously observed on the stress–strain curves of all the specimens. Such serrations have
been considered to correspond to thedeformation-inducedmartensitic transformation
during the deformation, although the exact mechanism of serration behavior in TRIP
steels is still unclear (Hwang et al. 2021). Fractions of transformedmartensite in these
specimens tensile tested to different strains were measured by EBSD and plotted in
Fig. 1.18b (Chen 2015). The figure clearly indicates that the deformation-induced
martensitic transformation was rather enhanced in the UFG specimen, despite that
the austenite was stabilized by the grain refinement of austenite, as was described
above. The increase of martensite fraction shown in Fig. 1.18b coincided well with
the appearance of serrations on the stress–strain curves shown in Fig. 1.18a.

True stress–strain curves and corresponding strain-hardening rate curves of the
Fe–24Ni–0.3C steel having average grain sizes of 35 µm (blue) and 0.5 µm (red)
are shown in Fig. 1.19 (Tsuji et al. 2020). The specimens with fully recrystallized
austenitic microstructures with different mean grain sizes were fabricated by heavy
deformation and subsequent heat treatments (Chen et al. 2014), and the tensile tests
were conducted at room temperature. The strain-hardening rate of the coarse-grained
specimen showed a typical S-shape characteristic in TRIP steels. That is, strain-
hardening rate was regenerated by the deformation-induced martensitic transfor-
mation. Martensite in carbon-containing steels is much harder than austenite. The
strain-hardening rate of the UFG specimen quickly dropped due to the discontinuous
yielding again, but gradually recovered to show an S-curve. Although the increase
of the strain-hardening rate in the UFG specimen was moderate, compared to that
in the coarse-grained specimen, a high strain-hardening rate was maintained up to
the later stage of deformation. As a result, the plastic instability point of the UFG
specimen was rather postponed than that of the coarse-grained specimen. It has been
confirmed that deformation-inducedmartensite in the UFG specimen nucleated from
grain boundaries of austenite matrix (Tsuji et al. 2020a; Mao 2021).
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Fig. 1.19 True stress–strain
curves and corresponding
strain-hardening rate curves
of the Fe–24Ni–0.3C steel
having average grain sizes of
35 µm (blue) and 0.5 µm
(red) (Tsuji et al. 2020)

In conclusion, deformation-inducedmartensitic transformation was unexpectedly
activated in the UFG 24Ni–0.3C metastable austenitic steel, which caused signifi-
cant regeneration of strain-hardening rate, leading to managing both high strength
and large ductility. The deformation-inducedmartensite nucleated from grain bound-
aries of austenite. The result is quite similar to the unexpected activation of <c +
a> dislocations in the ZKX600 Mg alloy (Fig. 1.12), and unusual enhancement of
deformation twinning in ultrafine-grained 31Mn–3Al–3Si austenitic steel (Figs. 1.15,
1.6 and 1.17) shown above, suggesting that there is a key phenomenon commonly
happening in bulk nanostructuredmetals (or UFGmetallic materials) for overcoming
the strength-ductility trade-off.

1.4 Proposing the Concept of Plaston and a Strategy
to Overcome Strength-Ductility Trade-Off

In the former Sect. 1.3, mechanical properties of several kinds of bulk nanostruc-
turedmetalswere introduced. Interestingly, somekinds of bulk nanostructuredmetals
managed both high strength and large ductility, which suggested a possibility to over-
come the strength-ductility trade-off shown in Fig. 1.1. In such bulk nanostructured
metals, different deformation modes were unexpectedly activated, i.e., unusual <c+
a> dislocations in the ZKX600Mg alloy, deformation twins having nano-thicknesses
in the 31Mn–3Al–3Si steel, and deformation-induced martensite in the 24Ni–0.3C
metastable austenitic steel. They enhanced or regenerated the strain-hardening rate
of the materials, leading to high strength and large ductility. Then, the question is,
why were such unexpected deformation modes activated?

Theyield-drop phenomenaor discontinuous yielding universally happened in bulk
nanostructured metals would be the key phenomenon to understanding the activation
of unexpected deformation modes. As shown in Figs. 1.4a, 1.5, 1.9, 1.13, and 1.18a,



1 Proposing the Concept of Plaston and Strategy to Manage … 23

the IF steel, pure Al, ZKX600 Mg alloy, 31Mn–3Al–3Si steel, and 24Ni–0.3C steel
all showed discontinuous yielding characterized by clear yield drop in most cases,
even though the coarse-grained counterparts of the same alloys exhibited contin-
uous yielding. Here, it should be noted that the UFG specimens that represented the
discontinuous yielding had recrystallized microstructures. We consider that this was
because the normal deformation mode (i.e., normal dislocation slips) became diffi-
cult to operatewithin fully recrystallized ultrafine grains having limited volumes (Bai
et al. 2021; Tsuji et al. 2017). Similar phenomena have been reported after micro-
pillar experiments in the last decade (Uchic et al. 2004, 2009; Greer et al. 2005;
Kraft et al. 2010). When the size of the micro-pillar single crystals of various kinds
of materials fabricated by focused ion beam (FIB) processing decreased below a few
micro-meters, their strengths greatly increased and the “strain-burst” was frequently
observed on the load–displacement curves under load-controlled deformation (Uchic
et al. 2004, 2009; Greer et al. 2005; Kraft et al. 2010; Fujimura et al. 2011; Inoue et al.
2013; Chen et al. 2016; Okamoto et al. 2016; Zhang et al. 2017; Higashi et al. 2018),
which also corresponded to the “pop-in” phenomenon in nano-indentation tests (Li
et al. 2021). These have been explained by the so-called dislocation source hard-
ening (Greer et al. 2005; Uchic et al. 2009; Parthasarathy et al. 2007; Lee and Nix
2012). Metallic materials maintain a relatively large number of dislocations even
after annealing, so that coarse crystals generally involve easy dislocation sources
(like Frank-Read source (Anderson et al. 2017) as well as pre-existing mobile dislo-
cations. Therefore, coarse crystals need not newly nucleate dislocations to initiate
and continue plastic deformation. When the crystal size decreases very much, the
fine crystals might not include any dislocation sources stochastically, leading to high
yield strength sometimes approaching the ideal strength of the crystal (Uchic et al.
2009; Bei et al. 2008; Zhu et al. 2008, 2009; Jennings et al. 2013; Sudharshan Phani
et al. 2013; Ogata et al. 2002, 2004; Zhu and Li 2010). It would be reasonable to
consider that a similar thing happens in annealed polycrystalline grains with sub-
micrometer grain sizes. We think that the yield-drop phenomenon and discontinuous
yielding that have been universally observed in fully recrystallized bulk nanostruc-
tured metals regardless of the kind of materials (Tsuji et al. 2002; Tian et al. 2018a,
2020a; Saha et al. 2013; Yoshida et al. 2017, 2019; Terada et al. 2008; Zheng et al.
2017, 2019, 2020a; Gao et al. 2014a) reflects such a situation, since it is well known
that the yield-drop phenomenon generally happens when free (mobile) dislocations
are deficient in crystals (Hall 1970).

The dislocation density in recrystallized metallic materials is known to be about
1012 m−2–1013 m−2. Such a dislocation density does not probably depend on the
grain size. However, as is summarized in Table 1.1, the number of dislocations
existing in each grain decreases with decreasing the average grain size naturally.
For the calculation, it was simply assumed that grains had cubic shapes and the
dislocation density (ρ) was 1012 m−2 or 1013 m−2. It is clearly seen from Table
1.1 that the number of dislocations per grain is significantly limited in ultrafine
grain sizes smaller than 1 µm, while each grain has more than 100 dislocations in
conventionally coarse-grained materials even in the annealed state. In such coarse-
grained polycrystals, loading would induce slips of pre-existing dislocations in each
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Table 1.1 The number of dislocations per grain in materials having different average grain sizes
(d). It is assumed that the dislocation density (ρ) in the polycrystalline materials is 1012 m−2 or
1013 m−2

Average grain size, d/µm 100 50 10 5 1 0.5 0.1

Number of dislocations
per grain

ρ = 1012 m−2 10,000 2,500 100 25 1 0.25 0.01

ρ = 1013 m−2 100,000 25,000 1,000 250 10 2.5 0.1

grain. Dislocations can be multiplied by pre-existing Frank-Read sources as well
as dislocation sources formed through the enhanced slips (like double cross-slip) of
dislocations. These lead to the continuous yielding in coarse-grained polycrystalline
metals. On the other hand, when the average grain size decreases to 1µm, the number
of dislocations per grain would be only one or ten under the dislocation density of
1012 m−2 or 1013 m−2, respectively. Slip of such small number of pre-existing dislo-
cations cannot induce large-scale plastic deformation continuously. Furthermore,
there would be less chance of dislocation interactions in each tiny grain for creating
dislocation sources that can multiply dislocations and realize plastic deformation
continuously. As a result, it is difficult to start macroscopic yielding in such ultrafine
grains having recrystallized microstructures. For initiating plastic deformation in
such nanostructured metals, any carriers of plastic deformation have to be nucleated.
When the applied stress (or a local stress) reaches a critical value, such deformation
carriers are nucleated and plastic deformation starts. In case ofmicro pillars and nano-
indentation, nucleation of deformation modes initiates most likely from the surfaces
(Okamoto et al. 2013, 2014; Nakatsuka et al. 1760; Kishida et al. 2018), and unusual
deformation modes might be activated. In fact, Kishida et al. (2020) have recently
found a change of deformation mode from deformation twinning into {10–11} pyra-
midal <c+ a> dislocations in [0001]-orientedmicro pillars of pure Ti due to the small
specimen size. Deformation modes are possibly activated from grain boundaries in
the bulk nanostructuredmetals of which densities of grain boundaries are high, which
agreed with the experimentally observed nucleation of deformation twins in the UFG
31Mn–3Al–3Si steel (Figs. 1.16 and 1.17) and deformation-induced martensite in
the UFG 24Ni–0.3C steel from grain boundaries (Tsuji et al. 2020a; Mao 2021).
The high stress condition that resulted from the suppression of normal dislocation
slips due to the deficiency of pre-existing dislocations and dislocation sources in
each recrystallized ultrafine grain is also a key factor for activating the unexpected
deformation modes. Similar things must happen in the UFG IF steel and pure Al as
well. However, only the same deformation mode as that in the coarse-grained coun-
terparts (i.e., normal a/2 <111> dislocations and a/2 <110> {111} dislocations in
BCC and FCC crystals, respectively) operates, so that the strain-hardening rate can
not be regenerated in the IF steel and pure Al. Consequently, it can be concluded that
activating different deformation modes is important for enhancing or regenerating
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the strain-hardening rate of the material, in order to realize both high strength and
large tensile ductility.

After the consideration mentioned above, a general strategy to manage both high
strength and large tensile ductility can be proposed, as schematically represented in
Fig. 1.20. The operation of a normal deformationmode, such as conventional disloca-
tion slips, promotes strain hardening. However, in general, the strain-hardening rate
monotonically decreases with the progress of plastic deformation, as was shown in
Figs. 1.6 and 1.7. If a different deformation mode (deformation mode-2 in Fig. 1.20)
is activated, the strain-hardening ability of the material could be regenerated prob-
ably owing to interactions between different deformation modes (in other words,
interactions between resultant lattice defects of different types), leading to a post-
ponement of plastic instability. When different deformation modes are sequentially
activated, the strain-hardening ability may be regenerated at all such times, leading

Fig. 1.20 Schematic illustration showing a new strategy, inspired from the results in the bulk
nanostructured metals, for managing both high strength and large ductility in metallic materials
through sequential nucleation (activation) of different deformationmodes and regeneration of strain-
hardening rate. The illustration at the bottom illustrates the nucleation of a new deformation mode
from a grain boundary in an UFG material, as an example of such a nucleation. Reprinted from
ScriptaMaterialia, vol. 181, Tsuji et al., Strategy for managing both high strength and large ductility
in structural materials–sequential nucleation of different deformation modes based on a concept of
plaston, Copyright (2020), with permission from Elsevier
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to high strength and large ductility of the material, as is illustrated in Fig. 1.20.1 A
schematic illustration showing nucleation of new deformation mode from a grain
boundary in UFG metals observed above is also shown in Fig. 1.20, as an example
of such an activation. The details of the reason why the strain hardening was regen-
erated by the operation of different deformation modes are still unclear. High-Mn
steels and metastable austenitic (Ni–C) steels are originally known to show good
balances of strength and ductility even in conventionally coarse grain sizes (Demeri
2013). Their good mechanical properties have been considered due to deformation
twinning or deformation-induced martensitic transformation, which has been named
TWIP (Grässel et al. 2000; De Cooman et al. 2018) or TRIP (Zackay et al. 1967),
respectively. However, the mechanisms of enhanced strain hardening have not yet
been exactly clarified even for the conventional TWIP and TRIP phenomena (Luo
and Huang 2018).

Another critical point unknown and to be clarified is the activation (nucleation)
mechanism of different deformation modes (Li 2007). For designing metallic mate-
rials having appropriate chemical compositions and microstructures for sequentially
activating different deformation modes and enhancing strain hardening as expressed
in Fig. 1.20, we have to figure out the activation mechanism. In order to understand
the activation of deformationmodes generally, we should consider the energetics and
kinetics of the deformation mode under a mechanical loading (stress), as illustrated
in Fig. 1.21. Figure 1.21a shows changes in the free energy of the system (material)
during the activation of a deformation mode, as a function of the reaction coordinate
(collective valuable), i.e., the plastic strain in this case. Figure 1.21b schematically
expresses changes of local atomistic structures in a crystal, corresponding to different
stages in Fig. 1.21a. Figure 1.21b-1, and b-2 exhibit the status between the initial
point (A) and the peak-energy point (B) in Fig. 1.21a, while Fig. 1.21b-3 indicates
that between the point (B) and the point (C) in Fig. 1.21a. In Fig. 1.21a, two different
free energy curves are drawn, corresponding to the case without stress (black) and the
case under a stress (red), respectively. In both cases, the material needs to overcome
an energy barrier (	G) for activation. When no stress is applied, only thermal activa-
tion may help to overcome the barrier (	G0). However, the resultant state (C) would
have higher free energy than the initial state (A) owing to lattice defects introduced
by the plastic deformation (such as dislocations, surface steps, deformation twins,
martensite crystals, and so on), so that the reaction from (A) to (C) via (B) cannot
spontaneously happen without mechanical loading (stress). When stress is applied
to the material, the activation barrier is reduced from 	G0 to 	G1, by mechanical
activation. (Note that the starting point A is fixed in Fig. 1.21a for both unloading and
loading cases.) Correspondingly, it should be noted that the final state (C) becomes

1 Because the initiation of new deformation modes releases elastic energy stored in the material,
the flow stress might decrease at that moment, which is reflected in Fig. 1.20. This corresponds
to the yield-drop phenomenon universally occurring in recrystallized UFG materials, as discussed
above. Such a drop of the stress might be masked in bulky materials having heterogeneities in
microstructures, but can appear more obviously in nano-scale materials. Whether such a stress-
drop appears on the global stress–strain curve would also depend on the nucleation kinetics of the
new deformation mode as well as the degree of heterogeneity of its appearance in the material.
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Fig. 1.21 a Changes in the free energy of the system (material) during the nucleation of a deforma-
tion mode according to the reaction coordinate (collective valuable), the plastic strain in this case.
Two different free energy curves are drawn, corresponding to a case without stress (black) and a case
under a stress (red), respectively. b Schematic illustrations showing changes of atomistic structures
in a crystal, corresponding to different stages of nucleation shown in (a). Red atoms correspond to
the “plaston”, i.e., the local defective region collectively activated mechanically and thermally at a
singular region in the material. The propagation of the plaston brings about plastic deformation and
may leave a particular lattice defects, such as stacking faults, deformation twins, martensite, etc.
Reprinted from Scripta Materialia, vol. 181, Tsuji et al., Strategy for managing both high strength
and large ductility in structural materials–sequential nucleation of different deformation modes
based on a concept of plaston, Copyright (2020), with permission from Elsevier

lower than the initial state (A) in the case under loading, because of a release of an
energy realized by the plastic deformation. This means that a driving force from (A)
to (C) arises under a stress.
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Let us here consider the change of local atomistic structures during the process
in Fig. 1.21b. Here, a perfect crystal without any lattice defects that can be carriers
of plastic deformation (like dislocations) is considered. In such a case, we need to
nucleate a new deformation mode that leads to a plastic deformation for relaxing the
stress. At a singular region with high local stress and/or high energy concentration
in the material, such as grain/phase boundary, surface, crack tip, etc., a certain group
of atoms would be activated mechanically and thermally, and then form defective
zones (drawn by red atoms in Fig. 1.21b). Migration of the local defective zone
results in a plastic strain. Between the states (A) and (B) before the energy barrier
in Fig. 1.21a, the defective zone may migrate back and forth. After overcoming
the barrier (	G1), however, the defective zone migrates in one direction to produce
further plastic deformation. The formation and migration of such a local defective
zone is the elemental process for the nucleation of a new deformation mode. The
propagation of the defective zone may leave a particular defect, such as a dislocation,
stacking fault, deformation twin, martensite, rejuvenated glass, and so on, depending
on the type of the deformation mode. We would like to call such a localized defec-
tive zone of mechanically and thermally excited atoms (expressed by red atoms in
Fig. 1.21b) “plaston”,2 since it is the essential structure that leads to a plastic strain
by its migration. Atomistic structure in dislocation core is one of such localized
defective zones. Such structures would be observed at migrating tips of deformation
twins, martensite, and shear bands in metallic glasses.

As was mentioned above, enhancing both strength and ductility by deforma-
tion twinning and deformation-induced martensitic transformation has been already
known as TWIP (Grässel et al. 2000; De Cooman et al. 2018) and TRIP (Zackay
et al. 1967), respectively. However, we cannot yet actively control TRIP and TWIP,
since we still do not know the critical atomistic process of nucleation for deforma-
tion twinning and deformation-induced martensitic transformation. Additionally, we
think that it has not yet been clearly proved why global strain hardening of materials
is enhanced by deformation twinning (TWIP) andmartensitic transformation (TRIP).
Dislocation theory is generally powerful to explain plastic deformation and strength
of metallic materials, but has a limitation. The dislocation theory is based on elastic
fields around dislocations, but the elastic fields of dislocations are obtained assuming
Volterra’s hollow cylinder (Lee and Nix 2012; Anderson et al. 2017). Therefore, the
dislocation theory does not treat discrete atomistic information.As a result, we cannot
discuss the nucleation of dislocations. Nucleation and growth of deformation twins

2 Here, the authors need to note that the term “plaston” was firstly used by Korbel et al. (1986),
Korbel andMartin (1986), Pawełek and Korbel (1990), to the authors’ best knowledge. Korbel et al.
(1986), Korbel and Martin (1986), Pawełek and Korbel (1990) studied the formation of shear bands
in polycrystalline metals. They considered that avalanche-like movement of dislocations in shear
banding would promote propagation of local stresses in the way similar to “soliton”, so that they
used the term “plaston” for describing the movement of a dislocation group to form a shear band. It
should be emphasized, therefore, that the definition of “plaston” in the present manuscript and our
papers (Tsuji et al. 2020a; Tsuji et al. 2020b) is totally different from that by Korbel et al. (1986),
Korbel and Martin (1986), Pawełek and Korbel (1990).
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(especially in FCC crystals) and martensite have been often described by the move-
ment of partial or interfacial dislocations and reactions of dislocations, which are,
however, just based on geometry. Since conventional metallic materials generally
involve large numbers of pre-existing dislocations and easy dislocation sources, as
was argued in the Sect. 1.4, it is rather unnecessary to consider nucleation of dislo-
cations in most cases. However, as has been shown above, we need to consider the
nucleation of dislocations in nanostructured metals having recrystallized UFG struc-
tures. It is also well known that twins and martensite preferentially nucleate from
grain boundaries. In the present manuscript, indeed, we have shown that deforma-
tion twins, martensite, and c + a dislocations in HCP Mg alloys nucleated from
grain boundaries in ultrafine-grained metals (Figs. 1.12, 1.16, 1.17, and 1.18). Those
nucleation processes cannot be described by the conventional dislocation theory. We
need to understand elementary processes for those phenomena in atomistic scales
with their thermodynamics and kinetics, in order to control the sequential nucleation
illustrated in Fig. 1.20.

The plaston expressed in Fig. 1.21 does describe such atomistic processes. The
concept of plaston expressed in Fig. 1.21 is useful for various kinds of plastic
phenomena, i.e., the nucleation and migration of dislocations (Shinzato et al. 2019),
deformation twins (Ogata et al. 2005; Ishii et al. 2016), martensite, disclination,
dislocation loops (Zhu et al. 2008, 2007; Du et al. 2016; Li et al. 2018; Sato et al.
2019), disconnections/ledges/steps on grain boundary/interface (Combe et al. 2016;
MacKain et al. 2017), vacancy/interstitial clusters, shear transformation in glass
(Shimizu et al. 2006, 2007; Zhao et al. 2013; Boioli et al. 2017), and other unknown
things in atomistic scales.Recently,wehave succeeded in explainingmechanical acti-
vation of different deformationmodes in recrystallized pureMgwith various average
grain sizes based on the concept of plaston, according to a simple diagram showing
critical stresses for activating different deformation modes from grain boundaries
(Zheng et al. 2020b). On the other hand, Mao (2021) has experimentally quan-
tified the activation energy for deformation-induced martensitic transformation in
Fe–23Ni–3.55Mn alloy. Such accumulation of experimental analyses and computer
simulations in atomistic scale considering plaston would deepen the understanding
of activation and migration properties of the localized defective zone (plaston) that
produces plasticity. Different kinds of plaston would have different activation ener-
gies and different dependencies on stress and temperature. Once we figure out those
properties, we would be able to design optimized material with appropriate chemical
compositions and microstructures and to realize optimized processes at appropriate
temperature and strain rate for controlling the activation of plaston. The concept of
plaston would be also useful for considering fatigue and fracture behavior of mate-
rials, since regions near crack-tips are typical singular points of stress. Then it would
become possible not only to overcome the strength-ductility trade-off, but also to
make less deformable materials plastic.
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1.5 Conclusions

Nowadays, extremely high strength is often required for structural materials, but
managing both high strength and large ductility has been a challenge in any kind
of material including metals and alloys. Bulk nanostructured metals composed of
ultrafine grains with average grain sizes smaller than 1µm exhibit very high strength
compared to their coarse-grained counterparts, but bulk nanostructuredmetals gener-
ally show limited uniform tensile elongation of a few % due to the early plastic
instability. On the other hand, the present authors have found several exceptions
of bulk nanostructured alloys with recrystallized structures that can overcome the
strength-ductility trade-off. In such bulk nanostructured alloys, unexpected defor-
mation modes were activated because of the scarcity of dislocations and disloca-
tion sources in each recrystallized ultrafine grain. Concrete examples of unexpected
deformation modes activated were <c + a> dislocations in a Mg alloy, nano defor-
mation twins in high-Mn austenitic steels, and deformation-induced martensite in
metastable austenitic steels. All those newly activated deformation modes seemed
to nucleate from grain boundaries in the nanostructured metals, and they enhanced
strain hardening of the materials (probably due to interactions between different
deformation modes including normal dislocations), leading to the postponement
of plastic instability and excellent mechanical properties managing high strength
and large tensile ductility. Based on such experimental results in bulk nanostruc-
tured metals, the authors have proposed a new strategy of sequential nucleation of
different deformation modes for realizing advanced structural materials showing
excellent mechanical properties and a new concept of plaston for understanding the
nucleation process of deformation modes under mechanical loading. Understanding
of the plaston concept would make it possible to design advanced structural mate-
rials that control the activation of various deformation modes in appropriate timing
in deformation and would give a fundamental guiding principle for managing both
high strength and high ductility/toughness.
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Chapter 2
Free-energy-based Atomistic Study
of Nucleation Kinetics
and Thermodynamics of Defects
in Metals; Plastic Strain Carrier
“Plaston”

Shigenobu Ogata

2.1 Introduction

Unlike elastic deformation, which tends to occur with a broader and more uniform
strain distribution, plastic deformation proceeds in a more localized manner. It is
realized through the nucleation and migration of local atomistic defects, including
dislocations, disconnections, disclinations, vacancies/impurities/interstitials in crys-
tals, and shear transformation zones in glasses. These defects are collectively called
“plastons” in this book, as described in the previous section. The defects function
as “carriers” of plastic strain, releasing the elastic tension/compression (reducing
internal elastic strain energy) by their motion in plastically deformable materials,
such as metals. These defect activities eventually induce changes in the material
structure and texture (e.g., phase transformation, twinning, stacking fault forma-
tion, crack propagation and blunting, surface morphology change, grain growth and
rotation, and glass relaxation). In plasticity and its dynamics, temperature- and stress-
dependent deformation kinetics (e.g., the strain rate and its temperature and stress
dependencies) are crucial factors. These factors often shift the dominant deformation
process in a material by changing the kinetics of the available defect activities. For
example, the dominant deformation process in creep transits from diffusive (atomic
diffusion and grain boundary (GB) migration and sliding) to more displacive (dis-
location glide) with increasing stress and/or decreasing temperature (Wang et al.
2011). Therefore, studying all the available defect activities and the corresponding
kinetics under different temperatures and stress conditions is vital for understanding,
and thus controlling, plasticity dynamics.
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The question arises as to what can be done for understanding and controlling plas-
ticity dynamics. Uncovering the free-energy landscapewith an appropriate corrective
variable (CV) for the available defect activities is a potential answer. The free-energy
landscape directly provides kinetic-related information about defects via the activa-
tion energy, which is characterized as the difference in free energy between the local
equilibrium and saddle states of the considered defect activity. Additionally, the tem-
perature and stress dependencies of kinetics are naturally described from those of
free energy via parameters such as the activation parameters of activation volume
and activation entropy. Furthermore, thermodynamics are fully described according
to the free-energy difference between local equilibrium states. Hence, once the free-
energy landscape covering the possible (accessible) defect activities is understood,
the plasticity dynamics of the materials can be completely defined and predicted
for any temperature and stress conditions. Atomistic modeling methods based on a
reliable energy description, such as density functional theory and sophisticated inter-
atomic interaction, are promising tools for elucidating the free-energy landscape of
the defect activities, because these activities are usually in atomic scale. Fortunately,
substantial advances in atomistic modeling methods have recently reported to eluci-
date the free-energy landscape.

Notably, the free-energy landscape exhibits a multiscale nature in many cases,
as mentioned in classical nucleation theory. For example, studying a dislocation
nucleation process from a nucleation site in a material according to the free-energy
concept can reveal a saddle point configuration at a loop size during the disloca-
tion loop expansion process. However, a careful examination of a segment of the
dislocation line and its motion at the atomic scale can reveal “local” saddle points
attributable to the individual segment motion successively overcoming the Peierls
potential barrier. All these saddle points contribute to the kinetics of the dislocation
loop nucleation; however, the former saddle point defines the activation free-energy
barrier of the entire loop nucleation process.

In this section, atomistic modeling studies on plaston kinetics and thermodynam-
ics, such as the nucleation of deformation twins and the heterogeneous and homo-
geneous nucleation of dislocations, are introduced from the free-energy standpoint.

2.2 Shuffling Dominant {101̄2}〈101̄1̄〉 Deformation
Twinning in Hexagonal Close-Packed Magnesium (Ishii
et al. 2016)

In deformation twinning (DT) (Christian Mahajan 1995), a crystal is transformed
into a mirrored configuration with transformation strain εfinal, which is as important
deformationmode as dislocation.Althoughmany atomisticDT simulation and exper-
iments have been performed, theDTnucleation pathway and kinetics are still unclear.
These issues remain controversial issues in the study of plasticity. The nucleation
pathway and kinetics must be dominated by twin boundary nucleation and migra-
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Fig. 2.1 Atomic arrangements of perfect and twinned hexagonal close-packed (HCP) configura-
tions viewed from

[
12̄10

]
(Ishii et al. 2016). The four-atom supercell shape is depicted by the red

dotted line

tion, which can be driven by local atomic-scale shear deformation. In many cases,
interatomic-layer sliding can realize atomic-scale local shear deformation. However,
in some cases, for instance, the following hexagonal close-packed (HCP) case, more
complicated atomic motion, such as nonaffine atomic “shuffling”, is occurs because
of its lower activation Gibbs free energy.

Figure2.1 presents perfect (λ = 0) and twinned (λ = 1) HCP atomic structures
corresponding to 〈12̄10〉, atσ = 0. The four-atom supercell (M = 4) includes atoms
A, B, C, and D is the minimum lattice correspondence pattern unit required to ren-
der the atomic arrangements during {101̄2}〈101̄1̄〉 twinning shear deformation (Li
and Ma 2009; Wang et al. 2013). The deformation unit has internal degrees of free-
dom geometrically independent of lattice strain. Importantly, external stress cannot
independently control the internal degrees of freedom, referred to as the so called
nonaffine atomic “shuffling,” from the lattice strain because the internal degrees of
freedom are only “slaves” of the affine lattice strain. However, actual deformation
transpires at finite temperatures. Thermal fluctuations are induced by thermal energy.
Thermal energy can independently disturb the internal degrees of freedom from the
lattice strain (i.e., free the degrees of freedom from slavery) and excite them. There-
fore, it can enable to attain instability point (saddle point) on the Gibbs free-energy
landscape to not be taken only by the application of stress, where the soft mode is
mostly along the direction of the nonaffine atomic shuffling. Thus, the method for
applying stress at zero temperaturemay not discover these instability points. AGibbs
free-energy landscape in a space spanned by lattice strain and shuffling degrees of
freedom can resolve this issue, thereby allowing the estimation of minimum energy
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pathway (MEP) and corresponding activation Gibbs free energy considering the
nonaffine atomic shuffling in addition to affine lattice strain.

A scalar for representing the shuffling degree of freedom (Ishii et al. 2016) is
defined as

I ≡ (s − sini)T HT
0 H0(sfin − sini)/M (2.1)

where sini and sfin indicate the internal coordinates of the labeled atoms before and
after deformation (λ = 0 and 1), respectively, for a given σ. Note that, the s differ-
ences in (2.1) corresponds to the changes in internal coordinates with no periodic
boundary condition (PBC) wraparound. The unit of I is Å2. When the deformation
is complete, I takes the meaning of mean square nonaffine displacements (MSDs).
The crystal is transformed from a reference configuration to another configuration
with strain εfinal. The supercell that describes the deformation can be taken as an
irreducible lattice correspondence pattern, which can be greater than the host lattice
primitive cell. The deformation can be atomistically express as

xm(λ) = H(λ)sm(λ), H(λ) = R(λ)(I + 2ε(λ))1/2H0, (2.2)

where xm denotes the Cartesian position, λ denotes the reaction progress variable
(scalar), and sm = [sm1; sm2; sm3] ∈ [0, 1) refers to the reduced coordinate vector of
atom m under PBC. Further, H = [h1h2h3] is a 3 × 3 matrix, where h1, h2, and h3

corresponding to the three edge vectors of the supercell and m = 1, . . . , M is the
atom index in the supercell. (I + 2ε(λ))1/2 and R(λ) are the equation components
corresponding to the irrotational and rotational parts of the deformation gradient,
respectively, where ε(λ) denotes the Lagrangian strain with respect to the initial
configuration.

TheMEPwith the leastM can then be computed based on ab initio first-principles
computation at constant external stress σ, yielding the activation Gibbs energy
G(λ,σ) versus reaction coordinate λ, that is parametrized by σ. An algorithm, such
as the nudged elastic band (NEB) method (Jonsson et al. 1998), can be employed to
obtain the MEP and fix the saddle point on the MEP:

Q(σ) ≡ G(λ∗,σ) − G(0,σ) (2.3)

on the joint ε ⊗ s space (Sheppard et al. 2012), where λ = 0 and 1 denote the state
before and after deformation, respectively, and λ∗ denotes a saddle point, at constant
external stress σ. The Gibbs free-energy landscape can be numerically estimated
using ab initio first-principles computation by changing ε and s.

G(ε, s,σ) ≡ U (ε, s) − W (ε,σ), (2.4)

where W (ε,σ) is the work performed by constant external Cauchy stress σ (Wang
et al. 1995):
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W (ε,σ) ≡
∫ 1

0
dl det |J(η = lε)H0| × Tr

[
J−1(η = lε)σJ−T (η = lε)ε

]
, (2.5)

where η = lε = 1/2(JTJ − I) denotes the Lagrangian strain tensor, and J denotes
the corresponding deformation gradient tensor,

J = R(I + 2η)1/2 (2.6)

where R is an additional rotation matrix RT R = I that is completely defined when
the transformation coordinate frame convention is selected. Although G(ε, s,σ) is
now defined using (2.4), its direct visualization is difficult because the ε ⊗ s space
is 3M + 6-dimensional. Therefore, (2.1) can be used to aid visualization. We can
uniquely compute G(γ, I,σ) by implementing energy minimization to all degrees
of freedom of the supercell system other than γ and I :

G(γ, I,σ) ≡ min
ε∈γ,s∈I G(ε, s,σ) (2.7)

Figure2.2 presents the Gibbs free-energy landscapes ΔG(γ, I ) obtained at dif-
ferent external Cauchy shear stresses (σyz = σzy = 0.0, 1.0, and 2.0 GPa in the
twinning direction). The red curves on the Gibbs free-energy landscapes indicate
the MEPs from the original to the twinned configuration under these external shear
stresses, which were determined using the NEB method. The change in the exter-
nal shear stress shifts the equilibrium state before and after the twinning as well as
the saddle point. Notably, the saddle point is located at a point of finite I and the
MEP parallels the I -axis more closely than it parallels the γ axis, suggesting that
I dominates the DT process. In this case, merely achieving the shear strain γ is
insufficient to overcome the activation Gibbs free-energy barrier. Figure2.4a shows
the Gibbs free-energy profile along the MEP at different external shear stresses. The
change in the Gibbs free-energy barrier with respect to the external shear stress are
presented in Fig. 2.4b. To confirm the above discussion, two NEB calculations were
independently performed: (1) with respect to internal atomic configuration I , where
the supercell shape is relaxed under the predefined external stress (I -control NEB)
and (2) with respect to γ, where the internal atomic configuration s is relaxed for each
supercell frame shape (γ-control NEB). In Fig. 2.4b, the Gibbs free-energy barriers
of the two calculations are compared; results indicates that the Gibbs free-energy bar-
rier obtained using I -control NEB matches that obtained using the two-dimensional
Gibbs free-energy landscape. Alternatively, the Gibbs free-energy barrier using γ-
control NEB is substantially greater that obtained using I -control NEB. These results
clearly indicate that DT corresponding to an I -dominant (nonaffine-displacement
dominant) deformation and not γ-dominant. Hence, the twinned structure can be
generated first without producing local shear strain because the phonons can toggle
the “internal cog” at finite temperatures. After flipping the internal cog, the local γ
can later spontaneously relax along the twinning configuration. Because these pro-
cesses actually occur almost simultaneously in the DT process, it is impossible to
use DT atomic motion observations to determine whether I - or γ-dominant. The
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Fig. 2.2 Gibbs free-energy
landscapes ΔG(γ, I ) at
σyz = σzy = values of a 0.0,
b 1.0, and c 2.0 GPa. The
red-dashed curves denote the
minimum energy paths
(MEPs) of the deformation
twinning processes (Ishii
et al. 2016)

Gibbs free-energy landscape analysis is required to obtain insights into the funda-
mental mechanism. Figure2.3 shows the atomic position and supercell shape change
along the MEP under the stress-free conditions. A uniform supercell shape change
(shear strain) with a staggered rotation of A–B and C–D bonds is clearly observed.
Intuitively, the latter bond rotation behavior is hard to archive only using an external
shear stress along the DT direction. Figure2.4b demonstrates that a very high criti-
cal external shear stress of ∼3.0 GPa is necessary to realize the DT by γ-control at
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Fig. 2.3 Atomic position and supercell shape change along the MEP (Ishii et al. 2016). The green
and black atoms are located in different atomic layers
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Fig. 2.4 a Gibbs free-energy profile along the MEP and b change in the energy barrier along the
MEP with respect to change in applied external shear stress. Figure (b) indicates the DT process
is I -dominant, because the Gibbs energy barrier of the I -controlled NEB reproduces the Gibbs
free-energy barriers obtained using the two-dimensional Gibbs free-energy landscape (2D-land)
(Ishii et al. 2016)

athermal condition, while considerably less lower external shear stress is required
at finite temperatures because the thermal energy activates the system toward the I
direction.

Hence, the free-energy landscape with appropriate CVs, such as I and γ, suc-
cessfully describes the hidden saddle point of the shuffling-dominant deformation
twinning of HCP. Notably, deformation using shuffling should not be specific to HCP
DT, it should be omnipresent and thus should be found in shear deformations in FCC
and BCC metals, glasses, and ceramics with complicated crystal structures.
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2.3 Dislocation Nucleation from GBs (Du et al. 2016)

The dislocation nucleation from interfacial defects dominates the plastic deforma-
tion of materials with limited small volumes, which may have a limited number
and/or activities of plastic deformation carriers. For instance, the plastic deformation
of nanocrystalline metals exhibiting high strength, is led by dislocation nucleation
from GBs (Wang et al. 2011) at low temperatures and high strain rates; this dis-
location nucleation is activated at a stress higher than that necessary for the usual
dislocation motion. Molecular dynamics (MD) is among the best tools for examining
the dislocation nucleation from GBs because the nucleation event is atomistic, thus
enabling a close examination of the details. However, in MD simulations, the typical
strain rate ∼106 s−1 substantially differs from that in the experiments (∼10−3 s−1)
because of the MD simulations’ limited timescale. Therefore, to study the temper-
ature and strain rate sensitivities, accelerated MD methods, such as adaptive-boost
MD (ABMD) (Ishii et al. 2012, 2013), can be used, which is also free-energy-based
atomistic modeling. The benefit of using ABMD is that it enables the direct com-
putation of not only stress-dependent but also temperature-dependent activation free
energy.

The ABMDmethod was employed to study the dislocation nucleation event from
a GB, Σ = 9〈110〉{221} symmetric tilt grain boundary in FCC Cu, under conditions
of lower external stress and temperatures,where regularMD is not applicable because
of the longer incubation time for dislocation nucleation. The ABMD directly esti-
mate the nucleation frequency (incubation time). Based on the nucleation frequency,
the free-energy barrier and activation enthalpy and entropy, can be computed using
the transition-state theory. A bias potential (boost potential) is added by the ABMD
method to the original potential, and the bias potential leads to a boost force on
“boosted atoms” to accelerate the events. The boost potential is automatically con-
structed as a function of predefined CV via MD canonical ensemble sampling. The
CV is a function of the positions of boosted atoms. To apply the ABMD method to
the dislocation nucleation, a relative displacement of adjacent atomic plane along
the slip direction can be considered as the CV.

In a conventional MD simulation at 300K and 2.8 GPa, the Σ9 GB emits par-
tial dislocations using the collective multiple-dislocation nucleation mechanism on
a timescale of picoseconds (Fig. 2.5a, b). However, at lower uniaxial tensile stress
(similar to that at 300K and 2.5 GPa, wherein only accelerated MD (i.e., ABMD)
can be employed) a shuffling-assisted single-dislocation nucleation first occurs on a
timescale of seconds (Fig. 2.5c, d). This finding suggests that the free-energy barrier
exhibited by the shuffling-assisted single-dislocation nucleation mechanism is lower
than that exhibited by the collective multiple-dislocation nucleation mechanism at
lower stresses. To calculate the activation free energy Q(σ, T ) at finite tempera-
tures, the nucleation frequency ν(σ, T ) provided by ABMD or conventional MD is
associated with Q(σ, T ) as

ν(σ, T ) = Nν0 exp

(
−Q(σ, T )

kbT

)
(2.8)
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Fig. 2.5 a Atomistic displacement vector field of the collective multiple-dislocation nucleation
mechanism and b the corresponding partial dislocation colored as per centrosymmetry (Kelchner
et al. 1998). c Atomistic displacement vector field of the shuffling-assisted single-dislocation nucle-
ation mechanism and d the corresponding partial dislocation colored as per centrosymmetry. Du
et al. (2016) Reprinted figure with permission from [Du JP, Wang YJ, Lo YC, Wan L, Ogata S,
Physical Review B, 94, 104110 (2016).] Copyright (2016) by the American Physical Society

where nu0 ∼ 1011 s−1 denotes the attempt frequency, which is calculated using
the curvature of the MEP (Zhu et al. 2008) N indicates the number of equivalent
nucleation sites, and kB denotes the Boltzmann constant. Figure2.6a shows the acti-
vation free energies. There is a clear crossover (shoulder of each plot) of two mech-
anisms, such as the shuffling-assisted single-dislocation nucleation and collective
multiple-dislocation nucleation, at all temperatures. Additionally, Q(σ, T ) dramat-
ically decreases with an increase in T at specific σ, indicating a strong temperature
dependence in the partial dislocation nucleation rate and large positive activation
entropy. In experiments, deformation tests are performed at a constant strain rate
in many cases, and the strain rate dependence of the dislocation nucleation stress
is estimated. In nanocrystalline metals, the dislocation nucleation stress is directly
related to the yield stress, because the dislocation activities in the grain are fairly
restricted. At specific tensile strain rates, the critical dislocation nucleation stress
can be obtained by solving the following equation (Zhu et al. 2008; Weinberger et al.
2012):

Q(σ, T )

kBT
= ln

[
kBT Nν0

E ε̇Ω(σ, T )

]
(2.9)

where E denotes the apparent Young’s modulus, ε̇ represents the strain rate, ν0
denotes the attempt frequency, and N represents the number of equivalent nucleation
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Fig. 2.6 a Activation free energies for shuffling-assisted single-dislocation nucleation (solid sym-
bols) and collective multiple-dislocation nucleation (open symbols) mechanism. The free-end
nudged elastic band method was used for the 0K energy profile. ABMD (solid symbols) and
conventional MD (open symbols) were used to construct the finite-temperature energy profiles. b
Magnified view of (a) (Du et al. 2016). Reprinted figure with permission from [Du JP, Wang YJ, Lo
YC, Wan L, Ogata S, Physical Review B, 94, 104110 (2016).] Copyright (2016) by the American
Physical Society

sites. For simplification, activation energy Q(σ, T ) in Fig. 2.6 was fitted using ana-
lytical functions for the two mechanisms. The activation volume, i.e., the activation
free-energy derivative with respect to stress can be calculated using the fitted ana-
lytical function. The mechanism with lower critical nucleation stress can be viewed
as the dominant mechanism at a specific strain rate. Figure2.7 presents the strain
rate dependence of the critical nucleation stress. Here, the shuffling-assisted single-
dislocation nucleation and collective multiple-dislocation mechanisms transpire at
low strain rates (e.g., at 10−3 s−1 in the evaluated temperature range) and high strain
rates (e.g., at 109 s−1 in the examined temperature range), respectively, which has
been observed in the conventional high-strain rate MD simulation. The dislocation
nucleation mechanism transition can be found as a kink of each plot, which can-
not be detected in the conventional MD simulation. The mechanism transition can
be observed even in actual experiments at experimentally feasible strain rates and
temperatures, including at ∼101s−1 ∼103s−1 and 300K.

Hence, state-of-the-art atomistic modeling and free-energy-based analysis shed
light on the possible mechanism transition of dislocation nucleation from GBs with
respect to temperature and strain rates and its influences on mechanical properties.

2.4 Homogeneous Dislocation Nucleation in
Nanoindentation (Sato et al. 2019)

In nanoindentation experiments, displacement bursts, known as “pop-in,” are notice-
able under load-controlled conditions. In particular, the first pop-in has been well
studied because the indentation load at the first pop-in can be related to the ideal
strength of the target material and thus the critical stress of homogeneous dislocation
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Fig. 2.7 Strain rate dependence of the critical nucleation stress for the shuffling-assisted single-
dislocation nucleation and collective multiple-dislocation nucleationmechanisms (solid and dashed
lines), respectively. A clear mechanism transition can be seen as a “kink” in each plot; this kink
cannot be detected using the conventional MD simulation. Du et al. (2016) Reprinted figure with
permission from [Du JP,WangYJ, LoYC,Wan L, Ogata S, Physical ReviewB, 94, 104110 (2016).]
Copyright (2016) by the American Physical Society

nucleation (Shim et al. 2008; Morris et al. 2011; Li et al. 2012; Wu et al. 2015;
Phani et al. 2013). Because the homogeneous dislocation nucleation is a thermally
activated event, the first pop-in load exhibits strong temperature and loading rate
dependencies, actually following the thermal activation theory (Mann and Pethica
1996, 1999; Biener et al. 2007; Rajulapati et al. 2010; Franke et al. 2015; Schuh
and Lund 2004; Schuh et al. 2005; Mason et al. 2006). Recently, an atomistically
informed prediction for the temperature and loading rate dependencies of the first
pop-in load was achieved by formulating a homogeneous nucleation rate based on
the free-energy analysis.

Sato et al. (2019) proposed an atomistic modeling-based multiscale (two-scale)
method that avoids the timescale issue and consists of three steps. This method was
verified for BCC Fe and Ta using the embedded atom method interatomic potentials
(Mendelev et al. 2003; Ravelo et al. 2013). They first performed a simple MD simu-
lation under various indentation loads below the first pop-in load and determined the
stress state beneath the indenter (Step 1). Thereafter, they conducted NEB analysis
(Henkelman and Jönsson 2000) of homogeneous dislocation nucleation using a per-
fect crystal atomic model by superimposing the stress state at each indentation load
obtained in Step 1 to determine the indentation load-dependent activation energy for
the homogeneous dislocation nucleation (Step 2). Next, using the indentation load-
dependent activation energy obtained in Step 2, they analytically estimated the prob-
ability distribution and critical load of the pop-in event, as well as the corresponding
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Fig. 2.8 Atomic model for
Step 1 nanoindentation
simulation of a Fe and b Ta
(Sato et al. 2019)

temperature and loading rate dependencies (Step 3). Further details regarding each
step are described as follows.

(Step1) By the direct MD nanoindentation simulation to an atomistic model (Fig.
2.8), the local stress tensor was determined via the atomic stress tensor analysis
(Thompson et al. 2009) with the Voronoi atomic volume (Du et al. 1999; Rycroft
2009). At the first instability points for Fe and Ta, the stress tensor components along
the slip plane (in the coordinate system shown in Fig. 2.8) are

σFe
max =

⎡

⎣
−37.8 −23.3 10.2
−23.3 −42.1 10.5
10.2 10.5 −20.4

⎤

⎦GPa, (2.10)

σTa
max =

⎡

⎣
−21.1 13.5 4.7
13.5 −25.4 −5.0
4.7 −5.0 −10.6

⎤

⎦GPa. (2.11)

These stress states are very complicated, and are far from the pure shear condition.
The non-shear components are known to change the critical stress of lattice insta-
bility owing to the elastic anisotropy and the non-linear elasticity of the materials.
Interestingly, although they shear the same BCC structure, Fe and Ta exhibit differ-
ent stress states. This difference is attributed to their different elastic anisotropies.
Consequently, the first instability point (dislocation nucleation point) also differs
between Fe and Ta (Fig. 2.9).
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Fig. 2.9 Images indicating before and after the first pop-in of a Fe and b Ta (Sato et al. 2019);
colors denote to the central symmetry parameter (Kelchner et al. 1998)
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Dislocation nucleation site

NEB model

Fig. 2.10 Superimposition of the stress state beneath the indenter onto the NEB model (Sato et al.
2019)

(Step 2) The activation energy–indentation load relation of homogeneous disloca-
tion nucleation, was determined using the NEB method. To mimic the dislocation
nucleation event beneath the indenter under the actual indentation load using a per-
fect crystal model, the actual stress at the position exhibits the maximum resolved
shear stress, as obtained in Step 1. This stress was superimposed onto a supercell
that contains a perfect crystal (Fig. 2.10) by deforming the supercell shape. During
NEB computation, the strained supercell shape was fixed. A perfect crystal without
and with a dislocation loop on the (11̄0) plane can be reasonably selected as the
initial and final NEB images, respectively. Figure 2.11 presents the typical energy
change along the minimum energy path and corresponding dislocation loop state
(Fe and Ta at P = 1.73 × 10−2 µN and P = 4.01 × 10−2 µN and zind = 0.080
nm and zind = 0.102 nm, respectively). The indentation load-dependent activation
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Fig. 2.11 Dislocation loop nucleation and potential energy change along the minimum energy path
at the position showing the maximum resolved shear stress (Sato et al. 2019)

energy, E(P), corresponds to the potential energy difference between the initial (per-
fect crystal) and saddle point (with an embryonic dislocation loop) configurations.
Figure 2.12 presents E(P), which is normalized by the square of the indenter radius
R. E(P) monotonically decreased with increasing indentation load (Barnoush et al.
2010) in both Fe and Ta. Ta exhibited a higher activation energy than Fe. E(P),
which can be reasonably fitted using the form proposed by Kocks et al. (1975),
E(P) = E0{1 − (P/Pc)α}β , where E0 denotes the activation energy under the stress-
free condition, Pc represents the indentation load at the instability point, and α and
β are parameters.

Such a two-scale modeling, including an MD indentation simulation to obtain
the stress distribution (scale 1) and NEB analysis to determine the activation energy
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Fig. 2.12 Indentation
load-dependent activation
energy E(P) for dislocation
loop nucleation. The solid
lines are the fitted curves
(Sato et al. 2019)
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(scale 2), implicitly assumes the scale invariance of the stress distribution beneath
the indenter. The assumption is reasonable when the indenter radius is sufficiently
larger than the dislocation loop size at the saddle point. In other words, the stress
must be approximately constant within the dislocation loop area.

(Step3) Finally, to estimate the temperature and loading rate dependencies of the
first pop-in load, the probability distribution of dislocation nucleation with respect
to the indentation load must be determined. As per transition-state theory, probabil-
ity distribution p(P) and cumulative probability Q(P) of the pop-in event can be
expressed as

p(P) =
k(P) exp

[
−Ṗ−1

∫ P
0 k(P ′)dP ′

]

∫ Pc
0 k(P) exp

[
−Ṗ−1

∫ P
0 k(P ′)dP ′

]
dP

, (2.12)

Q(P) =
∫ P

0
p(P)dP, (2.13)

where

k(P) =
N∑

i

k0(Ri ) exp

(
−G(P, Ri )

kBT

)
, (2.14)

G(P, Ri ) = E(P, Ri )

(
1 − T

Tm

)
. (2.15)

k(P) denotes the load P-dependent dislocation nucleation rate and G(P, Ri ) is the
activation-free energy with temperature-dependent factor (1 − T/Tm) (Zhu et al.
2008), where T indicates the absolute temperature, Tm can be approximately set to
the melting temperature, kB denotes the Boltzmann constant, k0 denotes the attempt
frequency at nucleation site i , Ri indicates the position of the possible nucleation
site i , and N indicates the number of possible nucleation sites. E(P, Ri ) is refers
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Fig. 2.13 Predicted
temperature dependence of
the pop-in cumulative
probability for a Fe and b
Ta. The load is normalized
by the square of Rsim (Sato
et al. 2019)

(a) Fe

(b) Ta

to the activation energy at 0K at nucleation site i . Here, nucleation at the maximum
resolved shear stress site is assumed to dominate the nucleation rate k(P) because
the high-stress spot should be well localized. Moreover, the dislocation nucleation
rate exponentially decreases with shear stress; thus,

k(P) ≈ Neqk0(RMRSS(P)) exp

(
−G(P, RMRSS(P))

kBT

)
, (2.16)

where, Neq = 8 for BCC, which equals the number of equivalent slip systems, and
RMRSS(P) denotes the position exhibiting the maximum resolved shear stress at
indentation load P . Figures 2.13 and 2.14 present the calculated temperature and
loading rate dependencies of cumulative probability Q(P). The first pop-in load
decreases with increasing temperature and decreasing loading rate, as observed in
other experimental studies (Biener et al. 2007; Rajulapati et al. 2010; Franke et al.
2015) and expected based on theory (Schuh and Lund 2004). The pop-in load of Fe
is more sensitive to both temperature and loading rate that that of Ta.

Hence, atomistically informed two-scale modeling and free-energy landscape
analysis allow us to predict the pop-in load and its temperature and loading rate
dependencies, which cannot be evaluated using the conventional MD simulation
methods because of spatial and temporal scale limitations.
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Fig. 2.14 Predicted
nanoindentation loading rate
dependence of pop-in
cumulative probability at
T = 300 K for a Fe and b
Ta. The load is normalized
by the square of Rsim (Sato
et al. 2019)

(a) Fe

(b) Ta

2.5 Summary

The three free-energy-based atomistic studies on defect nucleationwere briefly intro-
duced. The state-of-the-art atomistic modeling methods enable us to accurately elu-
cidate the free-energy landscape of defect nucleation, as well as migration and prop-
agation under different temperatures and stresses, resulting in a full description of the
kinetics and thermodynamics of the defects. The next step is to determine how to con-
trol the kinetics and thermodynamics, i.e., how to design the free-energy landscape
and tune materials’ plasticity to manage their mechanical properties. Mechanical
properties are well known to be tuned through the control of the loading conditions,
such as temperature and strain rate, and possibly through the control of the chem-
ical environment and the management of the texture and its evolution in materials
and alloying. However, deducing the best conditions remains challenging because
it is a highly nonlinear inverse problem. Combining atomistic free-energy analysis
and machine learning technique can be a promising approach for overcoming this
challenge.
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Chapter 3
Atomistic Study of Disclinations
in Nanostructured Metals

Tomotsugu Shimokawa

3.1 Introduction

3.1.1 Various Deformation Modes in Nanostructured Metals

Nanostructured materials generally have unique mechanical properties that cannot
be easily expressed by extrapolating the mechanical properties of coarse-grained
materials (Gleiter 2000; Valiev et al. 2000; Meyers et al. 2006; Yinmin et al. 2002;
Lu et al. 2009; Wang et al. 2011). A possible reason for these unique mechanical
properties is that the activated plastic deformation modes in nanostructured materi-
als are different from those in coarse-grained materials. Intrinsically, each crystalline
material has various plastic deformation modes: plaston (Tsuji et al. 2020), as dis-
cussed in detail in the previous chapters of this book. Among the several candidates
of plastic deformation modes, one is strongly activated in relation to factors such as
constituent elements, structure size, and environment. For example, the number of
dislocations in each structure decreases with the decrease in the structure size below
the sub-micron level when the dislocation density does not depend on the structure
size. For example, if the dislocation density is 1014 1/m2, there would be 10,000
dislocations in a 10 µm grain but only 1 dislocation in a 100nm grain. Therefore, in
nanostructured metals, the generation of a new plastic deformation mode from the
interface between neighboring structures is more important than the plastic phenom-
ena that start from the intragranular region. Then, unique lattice defects can develop
in nanostructured materials.

An example of the structure dependence of activated deformation modes is shown
in Fig. 3.1, which also shows the grain size dependence of the (a) (b) strength and
(c) (d) deformation mechanism in nanopolycrystalline Al, which was obtained using
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Fig. 3.1 Grain size dependence of the strength and deformation mechanism in nanostructured Al.
a Temperature dependence of strength (Shimokawa 2012). b Grain boundary structure dependence
of strength (Shimokawa 2012). c Collective dislocation motion constrained by the grain boundary
(d = 80nm) (Shimokawa et al. 2005). d Grain rotation of grains A and B and grain boundary
sliding between grains C and D (d = 5nm) (Shimokawa et al. 2005). Reprinted with permission
from Springer and American Physical Society

molecular dynamic simulations (Shimokawa et al. 2005; Shimokawa 2012). The
transition from the grain size strengthening (Hall-Petch relation) to grain size soft-
ening (inverse Hall-Petch relation) (Chokshi et al. 1989; Fougere et al. 1992; Schiøtz
and Jacobsen 2003) occurred as shown in Fig. 3.1a, b. In the Hall-Petch region, dis-
location pile-ups against the grain boundary can be observed in Fig. 3.1c. Hence, the
dominant deformation mechanism was caused by intragranular deformation modes.
However, in the inverse Hall-Petch region, the geometrical misfit caused by the grain
boundary sliding of grains C and D can be accommodated by the grain rotation of
grains A and B, as shown in Fig. 3.1d. Thus, the dominant deformation mechanism
was caused by intragranular deformation modes. Figure3.1a shows the tempera-
ture dependence of the strength and grain size relation and the maximum grain size
changes with the following temperatures: 20nm at 100K, 30nm at 300K, and 40nm
at 500K (Shimokawa 2012). The black lines represent the fitting results of the Hall-
Petch relation: σ = σ0 + kd−1/2. Also, k does not show the temperature dependence
but σ0 shows it. This is because the grain boundary-mediated plastic deformation



3 Atomistic Study of Disclinations in Nanostructured Metals 59

Fig. 3.2 Relationship between the critical shear stress and the characteristic length of the dislocation
source of Al estimated by molecular dynamics simulations. Reproduced from Shimokawa and
Kitada (2014) with permission from The Japan Institute of Metals and Materials

contains more thermal-activated processes than intragranular deformation. On the
other hand, Fig. 3.1b shows the grain boundary structure dependence of the strength
and grain size relation (Shimokawa 2012). Case-1 and case-2 have the same tex-
ture but different grain boundary structures by changing the grain positions. In the
strengthening region, case-1 is stronger than case-2, but in the softening region, case-
2 is stronger than case-1. These results show that the role of the grain boundary in
strength is influenced by the structure. Consequently, the active deformation modes
were changed by the grain size and temperature, and this phenomenon influences the
mechanical properties of nanostructured metals.

Figure3.2 shows the relationship between the critical shear stress to nucleate the
dislocation and the characteristic length (Shimokawa and Kitada 2014). The solid
circles, triangles, and squares represent the dislocation multiplication results from
a Frank-Read source, the dislocation emission from the 〈112〉 tilt grain boundaries,
and the homogeneous nucleation froma perfect crystal, respectively (Shimokawa and
Kitada 2014). The characteristic length of the grain boundary is the distance between
the structural units that can act as a dislocation source (Shimokawa 2010), and the
homogeneous nucleation length is the Burgers vector. This result clearly shows that
the active deformation mode changes with the decrease in the characteristic length.

As a result, the deformation mode plaston can be selected by designing struc-
tures, elements, and environments. Afterward, materials with excellent mechanical
properties can be obtained. Recent attempts have been made to design materials with
excellent mechanical properties by making heterogeneous microstructures, such as
gradient nanotwinned metals (Cheng et al. 2018; Sun et al. 2018) and harmonic
materials (Zhang et al. 2014; Sawangrat et al. 2014). Such excellent properties might
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be closely related to a mix of various structure-specific deformation modes in such
heterogeneous structure materials.

3.1.2 Disclinations

In this chapter, we considered disclination as an example of plaston. Disclination is a
line defect inwhich rotational symmetry is violated (RomanovandVladimirov1992).
Although it is generally difficult for crystalline materials to contain disclinations in a
stable form in intragranular regions, disclinations have recently been recognized as
typical defects that can influence the mechanical properties of nanostructured metals
(Valiev et al. 2000; Gutkin and Ovid’ko 2004), as seen in nanostructure materials
(Murayama et al. 2002). Moreover, the stability of disclinations at the grain bound-
aries of bicrystalline nanowires has been studied using computer simulations (Zhou
et al. 2006, 2007). Here, we introduced three examples of disclinations that can be
observed in nanostructuredmaterials under deformation through atomic simulations.

The first example is disclinations in a grain, as shown in Fig. 3.3a. Since a perfect
disclination is hard to exist in grains due to the huge elastic strain energy, generally
partial disclinations with plane defects exist in grains. Plane defects have a misori-
entation angle; hence, partial disclinations can divide a grain into several regions
with misorientation angles. In Sect. 3.2, we discussed the grain refinement mech-
anism by severe plastic deformation focusing on the formation and movement of
partial disclinations (Shimokawa et al. 2016). The next example shows disclinations
at the junctions of grain boundaries, as shown in Fig. 3.3b. The formation of these
disclinations brings grain rotation (Shimokawa et al. 2005, 2006), as already shown
in Fig. 3.1d. The possible mechanism of the grain rotation with disclinations was
proposed by Gutkin et al. (2003). The last example shows disclinations at the grain
boundaries, as shown in Fig. 3.3c. The disclination dipole at a grain boundary changes
the misorientation angle at the grain boundary region, and its stress field is formed in
the grain. These stress fields can improve the fracture toughness of nanostructured

(a) (b) (c)

Fig. 3.3 Disclinations a in a grain, b at the grain boundary junctions, and c at the grain boundary.
Each disclination state brings grain subdivision (Shimokawa et al. 2016), grain rotation (Shimokawa
et al. 2005), and improved fracture toughness (Shimokawaet al. 2011; ShimokawaandTsuboi 2015),
respectively. The thick and thin solid lines represent the grain boundary and a common lattice of
grains, respectively
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metals (Shimokawa et al. 2011; Shimokawa and Tsuboi 2015). A detailed discussion
can be found in Sect. 3.3.

3.2 Grain Subdivision: Disclinations in Grains

3.2.1 Strain Gradients in Severe Plastic Deformation
Processes

The severe plastic deformation (SPD) process is a method of producing nanostruc-
tured metals in bulk. As shown in Fig. 3.4, the main types of SPD are equal-channel
angular pressing (ECAP) (Iwahashi et al. 1996; Valiev and Langdon 2006), accumu-
lative roll-bonding (Saito et al. 1999), and high-pressure torsion (HPT) (Valiev et al.
1996). Bulk ultra-fine-grained (UFG) metals, which could not be obtained before,
could be produced by repeatedly introducing large strains into specimens. Hence, the
research on the mechanical properties of UFG metals has dramatically developed.
The common feature of these SPD processes is the introduced strain gradient into
specimens. In the cases of ECAP and ARB, the strain gradient appeared at the border
between the deformed and undeformed regions, and in the case of HPT, the strain
gradient appeared along the radius direction. In the strain gradient regions, there
were dislocations that could accommodate the plastic deformation gaps. These dis-
locations are called geometrically necessary dislocations (GNDs) (Ashby 1970). As
a result, a large number of GNDs are introduced during SPD processes, and this phe-
nomenon causes grain refinement. The concept of grain subdivision was proposed
by Hansen et al. (2001) to explain grain refinement through SPD, where an original
grain domain is finely divided by rearranging several GNDs, which are introduced
by SPD into energetically stable structures.

However, it is still not clear why introducingGNDs into specimens results in grain
subdivisions due to the difficulty of directly observing the structural changes in bulky
metallic specimens during SPD processes. Hence, molecular dynamic simulations
of the SPD process were performed using the analysis model shown in Fig. 3.5
(Shimokawa et al. 2016). To simplify the SPD process, a quasi-two-dimensional
model was employed. The crystal structure is a hexagonal close-packed structure,
where two {0001} planes are arranged along the y-direction. Adopting the periodic
boundary condition in the y-direction realized three equivalent prismatic slip systems.
The outer region of the analysis model was set to the displacement controlled layer,
and the shear strain γ = λ/A was introduced by changing the shape of the layer
along the z-direction at a velocity v. The strain gradient appeared at the border of
the shear and non-shear zones. Our SPD process is similar to the multi-pass ECAP
(Nakashima et al. 2000) and ECAP in parallel channels (Raab 2005). Two types
of crystal orientations, as shown in Fig. 3.5c, were adopted in the analysis models
to investigate the crystal orientation influence on the activated slip systems in the
vicinity of the strain gradient regions. The embedded atommethod for copper (Mishin
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Fig. 3.4 Relationship among the severe plastic deformation processes, strain gradient, and grain
refinement

Fig. 3.5 a, b Analysis
model for investigating the
relationship through
molecular dynamic
simulations. c Two types of
crystal orientation were used
in the analysis models.
Reproduced from
Shimokawa et al. (2016)
with permission from The
Japan Institute of Metals and
Materials

(a) (b)

(c)

et al. 2001) was used for the atomic interactions. Although the most stable phase of
the EAM potential is the face-centered cubic phase, the transformation from the
hexagonal close-packed phase to the face-centered cubic phase did not occur during
the SPD simulations because of the boundary conditions.

Figure3.6 shows the crystal orientation influence on the activated slip systems
around the strain gradient regions. The crystal orientation of case-1 has the slip
system iii parallel to the x-direction of the shear deformation direction, and the
crystal orientation of case-2 has the slip system III orthogonal to the slip system iii.
The analysis conditions are γ = 0.2, v = 500 m/s, and T = 300 K. Figure3.6a, b
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Fig. 3.6 Influence of the crystal orientation on the activated slip systems at the vicinity of the strain
gradient regions with γ = 0.2. a, c Crystal slip histories colored by the atomic strain. b, d Crystal
rotation angle from the initial state

shows the atomic strain during shear deformation, where the black lines represent
the crystal slip histories. In case-1, the slip system iii was mainly activated. However,
in case-2, the primally slip system was III. As mentioned before, these slip systems
are orthogonal to each other, so the same shear stress magnitude was applied to all
of them. Figure3.6c, d shows the change in the crystal orientation for each crystal
orientation. The atomic color represents the crystal rotation angle from the initial
state. The average rotation angle θAVE in the shear zone in case-2 was larger than that
in case-1. Hence, the accommodation mechanism of the strain gradient changed due
to the activated slip systems, as shown in Fig. 3.6e, f. In this chapter, SPD simulations
were performed using case-2.

3.2.2 Grain Subdivision by Severe Plastic Deformation

Figure3.7 shows the taken snapshots during the SPD simulations with γ = 0.7 and
v = 500 m/s. The atomic color represents the crystal rotation angle from the initial
state, and the black atoms are those in a defect structure. A clear difference in the
crystal orientation appeared around the strain gradient regions, and the boundaries
with a misorientation angle propagated along with the specimen. Finally, distinct
regions with different crystal orientations were formed in the specimen after the
SPD process, as shown in Fig. 3.7g, where grain subdivisions occurred in the simple
atomic simulations.

Figure3.8 shows the influenceof the local shear strainγ on themicrostructure after
the SDP process. In the cases of small γ , as shown in Fig. 3.8a, b, no microstructures
appeared after the SPD process. However, in the cases of larger γ , as shown in
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Fig. 3.7 Grain subdivision caused by the SPD process with the propagation of the local shear
strain γ = 0.7. The atomic colors other than black represent the rotation angle from the initial state,
and the black atoms represent the defect structures defined using the common neighbor analysis.
Reproduced from Shimokawa et al. (2016) with permission from The Japan Institute of Metals and
Materials

Fig. 3.8 Dependence of the local shear strain γ on the observed microstructures after the SPD
process. Crystal orientation maps after the SPD processes of a γ = 0.2, b γ = 0.5, c γ = 0.7, and
d γ = 1.0. e Atomic configurations around the grain boundary indicated by a white broken box in
(c). Reproduced from Shimokawa et al. (2016) with permission from The Japan Institute of Metals
and Materials

Fig. 3.11c, d, new grains were formed by the SPD process. Figure3.8e shows the
detailed atomic configurations in the broken box in Fig. 3.8c. Two types of defects can
be observed: one is the line defects that do not bring crystal misorientations, and the
other is the grain boundaries with a misorientation angle. To quantify the influence of
γ on the microstructure formation, Fig. 3.9 shows the proportion of the defect atoms
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Fig. 3.9 Proportions of the defect atoms: line defect and grain boundary. The proportion of the
defect atoms was calculated in the central region of the specimens, as shown in the inset of (a). a
Local shear strain dependence (v = 500 m/s). b Propagation speed dependence (γ = 0.7 and 1.0).
Reproduced from Shimokawa et al. (2016) with permission from The Japan Institute of Metals and
Materials

fdef with respect to (a) γ and (b) v after the SPD process. Here, fdef was measured
for each defect type, and the analysis region for fdef is the central region surrounded
by the broken line shown in the insert figure in Fig. 3.9a. It was confirmed that fdef of
the line defects increases with γ . Since most line defects are vacancy arrays formed
by interactions between dislocations with the same slip system but opposite Burgers
vectors, the fdef of the line defects reflected the number of dislocations activated
during the SPD process. The results show that many dislocations were nucleated
with the increase in γ . However, fdef of the grain boundaries showed almost zero for
γ ≤ 0.6 but showed a constant value for γ ≥ 0.7. This indicates that a critical value
of γ existed to realize the grain subdivision in the atomic simulations. Figure3.8b
shows the influence of the propagation speed of the local shear zone v on fdef for
γ = 0.7 and 1.0. fdef of the grain boundaries was also influenced by v, as a smaller
v could not form new microstructures in the specimen that was even larger than
γ . These results imply that the necessary conditions for grain subdivision in SPD
simulations not only contain geometrical aspects but also kinematic aspects.

3.2.3 Partial Disclinations Induced by the Strain Gradient

Figure3.10a, b shows the atomic configurations at the vicinity of the grain gradient
regions for γ = 0.2 and 0.7. The atomic color represents the rotation angle from the
initial state. As shown in the figure, defect boundaries with misorientation angles
appeared around the strain gradient regions. Figure3.10d, e shows the defect dis-
tributions of the same areas of Fig. 3.10a, b. A defect analysis was performed by
drawing the Burgers circuits for each defect atom, as shown in Fig. 3.10f. In both
cases of γ = 0.2 and 0.7, geometrically necessary boundaries (GNBs) were formed
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(f)

Fig. 3.10 Distributions of the lattice defects around the strain gradient regions during SPD pro-
cesses. a, c γ = 0.2. b, d γ = 0.7. cA higher resolution image of the region marked out by a box in
(b). f Burgers circuits for determining the defect structure types. Partial disclinations accompanied
by finite dislocation arrays and a plane defect. The structures of the partial disclination boundaries
change according to the local shear strain γ . The filled and unfilled triangles denote the positive
and negative partial disclinations, respectively. Reproduced from Shimokawa et al. (2016) with
permission from The Japan Institute of Metals and Materials

by the finite edge dislocation arrays with the same sign of the slip system for the
left side of the strain gradient regions. The GNBs could accommodate the strain
gradient fields. The distance between the dislocations in the GNBs became shorter
with the increase in γ , as the misorientation angle at the GNBs became larger. With
the increase in the misorientation angle, it is difficult to express GNBs as dislocation
arrays. Hence, the GNBwas expressed as a plane defect as shown on the right side of
the strain gradient region in Fig. 3.10e. This plane defect did not cross the specimen,
so a rotational type of defect field appeared in the specimen. As a result, this defect
can be regarded as a partial disclination (Romanov and Vladimirov 1992) with a
plane defect. Notice that the finite dislocation arrays on the left side also can be
regarded as partial disclinations. That is, the plane defect structure transitions with
the magnitude of the Frank vector ω, which represents the disclination strength, as
shown in Fig. 3.11.

Partial disclination mobility is important for grain subdivisions, as strain gradient
regions travel through specimens during the SPD process. If the partial disclina-
tion mobility was small, the GNBs would not have been able to follow the moving
strain gradient regions in the specimen. Consequently, they would have remained
in the specimen and formed a microstructure. Since partial disclinations are accom-
panied by grain boundaries, the mobility of grain boundaries is closely related to
the grain subdivision process. Furthermore, the interactions between dislocations
and partial disclinations are also important since many dislocations are generated in
SPD processes. Also, the mobility of the partial disclinations interacting with lattice
dislocations strongly depends on their grain boundary structure. When a structure is
represented as a lattice dislocation array in the case of a small ω, as shown on the left
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Fig. 3.11 Grain subdivision mechanism obtained by a severe plastic deformation process through
molecular dynamic simulations

side of Fig. 3.11, it is hardly affected by external dislocations. However, when it is
represented as a structural unit in the case of a large ω, as shown on the right side of
Fig. 3.11, it is strongly affected by external dislocations, resulting in the formation
of new microstructures by grain subdivision with GNBs remaining in the specimen
(Shimokawa et al. 2016). The critical misorientation angle of the grain boundary
transition in the partial disclination from the dislocation array to the structural units
corresponded to the critical γ required for the grain subdivision in this simulation
(Shimokawa et al. 2016). These are the geometrical and kinematic reasons for the
existence of the critical local shear strain γ in the grain subdivision of the present
simulation.

3.3 Fracture Toughness: Disclinations at the Grain
Boundary

3.3.1 High Strength and High Toughness

In general, it is difficult to achieve both high strength and high fracture toughnesswith
single-crystal materials from the viewpoint of dislocation mobility, but it has been
reported that UFG materials with enhanced strength can achieve both high strength
and high fracture toughness by reducing the grain size to the sub-micron order (Hodge
et al. 1949; Tsuji et al. 2004; Tanaka et al. 2008). Since UFG materials have more
grain boundaries than coarse-grained materials, it is important to understand the
role of grain boundaries in crack-initiated fracture phenomena. In this section, a
new shielding process was presented via grain boundaries (Shimokawa et al. 2011;
Shimokawa and Tsuboi 2015) based on the lattice defects evolution, as shown in
Figs. 3.12 and 3.13, and it may be one of the mechanisms for improving the fracture
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toughness of UFG materials based on the dislocation shielding theory (Rice and
Thomson 1974; Majumdar and Burns 1981) and molecular dynamic simulations.

3.3.1.1 Dislocation Shielding

In general, there is a trade-off relationship between the yield stress and fracture
toughness of crystalline materials with a high Peierls stress, and it is known that the
fracture toughness decreases with the increase in the yield stress. Since the yield
stress is negatively correlated with temperature, a brittle-ductile transition behavior
can be observed for such materials at a certain temperature. Previous experiments
have shown that the activation energy of the brittle-ductile transition iswell correlated
with the activation energy of dislocation mobility (Giannattasio et al. 2007), and it
has been reported that the elemental mechanism controlling the behavior of brittle-
ductile transition is the mobility of dislocations. In other words, as the dislocation
motion is suppressed at lower temperatures, the material becomes more brittle, and
the fracture toughness value decreases. This phenomenon can be explained by con-
sidering the dislocations shielding effect on the crack tip mechanical field, as shown
in Fig. 3.12a (Rice and Thomson 1974). For a coarse-grained material in which the
distance between the crack and grain boundary is sufficiently large, the mechanical
field at the crack tip is shielded by the mechanical field of the dislocations emitted
from the crack. This effect is called dislocation shielding. If the dislocation stays
near the crack tip, it is difficult to emit subsequent dislocations from the crack tip,
which then reaches a cleavage failure environment with a small stress intensity fac-
tor. Hence, to obtain a large fracture toughness value, the emitted dislocations from
a crack tip have to move far enough away to shield it by a large number of disloca-
tions. In other words, the mechanical field at a crack tip, which governs the fracture
toughness, is determined by the competition between “the expansion speed of the
stress concentrated field (K-field) with the increase in the external force” and “the
expansion speed of the plastic region (dislocation mobility)”.

3.3.1.2 Grain Boundary Shielding

As known in the Hall-Petch relation, grain refinement is one of the methods for
strengthening materials. The researches on the fracture toughness of UFG materials
have shown that at low temperatures, the brittle-ductile transition temperature is
shifted to lower temperatures and that the fracture toughness is improved (Tsuji
et al. 2004; Tanaka et al. 2008). In short, grain size refinement is expected to be
an excellent method for achieving both high strength and high toughness. However,
since the activation energies of the brittle-ductile transition between coarse- and fine-
grained materials are almost the same (Tanaka et al. 2009), it can be deduced that
the dislocation mobility is not affected by the grain size. Therefore, it is clear that to
understand the grain size dependence of fracture toughness, it is necessary to extend
the conventional shielding theory to consider another dominant factor that shows the
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Fig. 3.12 Schematics of a the dislocation shielding and b grain boundary shielding. c, d Stress
fields around the crack tip with/without a dislocation at the grain boundary under the same applied
loading. A grain boundary shielding can be clearly confirmed in (c). Reprinted with permission
from Shimokawa et al. (2011). Copyright 2011 by American Physical Society

grain size dependence in addition to the dominant factor of the dislocation mobility
that controls the brittle-ductile transition behavior. The major difference between
coarse and fine-grained materials is the volume fraction of grain boundaries. As
shown in Fig. 3.12b, in the conventional shielding theory, if the grain boundaries role
is considered as an obstacle to dislocations, a dislocation emitted from a crack can
only move up to the grain boundaries. In this case, the shielding effect at the crack
tip by the dislocations entering the grain boundary is termed as grain boundary
shielding, which is clearly observed in Fig. 3.12c, d. The stress field ahead of the
crack tip decreased with the existence of a dislocation at the grain boundary. With
the decrease in the grain size, dislocations piled up against the grain boundary in the
vicinity of the crack, and the back stress suppressed the release of dislocations from
the crack tip.As a result, it is not possible to easily increase the number of dislocations
emitted from a crack tip, and the fracture toughness is reduced (Noronha and Farkas
2004; Zeng and Hartmaier 2010). This result cannot explain the actual experimental
results, so it was necessary to extend the role of grain boundaries to resolve this
discrepancy.

3.3.1.3 Disclination Shielding

The atomic simulations of the interactions among dislocations, crack tip, and grain
boundary showed that this contradiction can be resolved by considering the role
of the grain boundary as a dislocation generation site (Shimokawa et al. 2011). If
dislocations are continuously emitted from a grain boundary, disclination dipoles
can be formed, as shown in Fig. 3.13. The stress field in this disclination dipole can
reduce the stress field at the crack tip, meaning that the mechanical field at the crack
tip can be shieldedwithout losing the plastic deformation ability near the crack by the
dislocations emission from the grain boundary. This is called disclination shielding.
The details of the disclination shielding mechanism are described below.
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Fig. 3.13 Schematics of the disclination shielding with a dislocation emission from the grain
boundary observed in atomic simulations to realize the improving fracture toughness.a Intragranular
crack and b, c intergranular cracks. Reprinted with permission from Shimokawa et al. (2011).
Copyright 2011 by American Physical Society

3.3.2 Dislocation Emission from the Grain Boundary

The grain boundary that achieved disclination shielding changed the grain boundary
misorientation in the dislocation-emitted region. In other words, the grain boundary
structure must transition to another grain boundary structure with the release of a
dislocation. One grain boundary that satisfies this is the 〈112〉 symmetrical tilt grain
boundary in the face-centered cubic system. Figure3.14a shows the relationship
between the grain boundary misorientation angle and the grain boundary energy of
the Al 〈112〉 symmetrical tilt grain boundaries (Shimokawa 2010). The numbers near
the plot represent the � value of each grain boundary. There is a �11 grain bound-
ary with minimum energy at θ = 62.96◦. Figure3.14b, c shows the grain boundary
structure of the �11 grain boundary and the �15 grain boundary, which has a larger
misorientation angle than the �11 grain boundary. The structure of the �11 grain
boundary can only be represented by the B-structural unit, while the structure of
the �15 grain boundary can be represented by the periodic arrangement of the B
and C structural units. To investigate the relationship between the two structures,
the displacement shift complete (DSC) lattice (Bollmann 1970) and coincidence site
lattice (CSL) of the �11 grain boundary were demonstrated as thin and thick solid
lines, respectively, as shown in Fig. 3.14d. Figure3.14e shows the DSC lattice of the
�11 grain boundary applied to the�15 grain boundary. This indicates that there was
a grain boundary dislocation in the C-structural unit of the �15 grain boundary that
formed a change in the misorientation angle from the �11 grain boundary structure.
The Burgers vector of the grain boundary dislocation is bgb+ = 2

11 [13̄1̄]II. Here, the
Burgers vector of the slip system, which was activated by applying a tensile load
perpendicular to the interface of the �15 grain boundary, was blt = 1

2 [11̄0]II, and
the response of the Burgers vectors when a lattice dislocation was emitted using a
grain boundary dislocation is as follows:
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Fig. 3.14 a Grain boundary energy and misorientation angle relationship of the aluminum 〈112〉
tilt grain boundaries. The � values are shown near the symbols. b, c The grain boundary structures
of �11 and �15 are represented by the B and C structural units. d, e The DSC lattices of �11
and �15. The atomic colors represent the different depths of the stacking atomic layers along the
[1̄1̄2] direction. The thick and thin lines represent the CSL and DSC lattices of �11, respectively.
Reprinted with permission from Shimokawa (2010). Copyright 2010 by American Physical Society

bgb+ − blt = 2bdsc2 − blt

= 2

11
[13̄1̄]II − 1

2
[11̄0]II

= 1

22
[7̄1̄4̄]II = −bdsc1 . (3.1)

This means that the residual Burgers vector at the grain boundary is the same as
in the transverse DSC lattice and that there are no grain boundary dislocations that
form grain boundary misorientation angles. In other words, the �15 grain bound-
ary can transition to the �11 grain boundary by emitting lattice dislocations under
tensile deformation. Such a dislocation emission accompanied by a grain boundary
transition has also been observed in the case of a symmetrical tilt grain boundary of
〈110〉 (Spearot 2008). Notice that, in the case of compressive deformation at the�15
grain boundary, the Burgers vectors of the lattice dislocations were in the opposite
direction to blt , so a dislocation cannot be emitted from the grain boundary disloca-
tion, as the magnitude of the residual Burgers vector becomes larger than that of the
grain boundary dislocation. The grain boundary structure transition by compressive
deformation occurred at the grain boundaries with a smaller misorientation angle
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than that of the �11 grain boundary, which is the case with the �21 grain boundary,
where the Burgers vector of the grain boundary dislocation was−bgb+ when the�11
was the reference structure. Consequently, if the Burgers vectors of the grain bound-
ary dislocations and lattice dislocations, which can be activated under an applied
loading, are close to each other, lattice dislocations can easily be generated from the
grain boundary accompanied by a grain boundary structure transition into the stable
boundary, which forms a disclination dipole at the grain boundary.

3.3.3 Intragranular Crack

To investigate the disclination shielding effect on the fracture toughness, the inter-
actions among the crack tip, dislocations, and grain boundary were simulated using
molecular dynamics (Shimokawa et al. 2011). Here, we used the�15 grain boundary
(|BBC | period), which has a high dislocation source ability in the tensile deformation
described in the previous section.

3.3.3.1 Transition of the Dislocation Sources from the Crack Tip to the
Grain Boundary

Figure3.15a–c shows the evolution of the lattice defects in amodel with intergranular
cracks under tensile loadingwith a strain rate of 2 × 107 1/s at 100K. The color of the
atoms represents the rotation angle extent from the initial state. The embedded atom
method proposed by Mishin et al. was adopted to simulate the atomic interactions.
Mishin et al. (1999). First, since the crack tip became a strong source of stress
concentration, dislocations were generated from the crack tip, as shown in Fig. 3.15a,
and these dislocations penetrated into the grain boundary. These dislocations also
shielded the crack tip and reduced the stress concentration capability: dislocation
shielding and grain boundary shielding. However, as shown in Fig. 3.15b, c, a large
number of dislocations were generated from the �15 grain boundary due to the
stress concentration caused by the lattice dislocations near the grain boundary. As
shown in Fig. 3.15d, the lattice dislocations were emitted from the C structural units,
which contained the grain boundary dislocations, and the grain boundary structure
transitioned to the more stable �11 grain boundary (B only). Also, a disclination
dipole was formed at its boundary. This can be confirmed by the rotation of the region
in which the dislocations were emitted, as shown in Fig. 3.15c.

3.3.3.2 Improving the Fracture Toughness by Disclination Shielding

Figure3.16 shows the effect of the mechanical field of the disclination dipole formed
at the grain boundary on the crack tip. Figure3.16a shows the stress field of the
grain boundary shielding by a lattice dislocation emitted from the crack tip, and
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Fig. 3.15 a, b, c Translation of the dislocation source from the crack tip to the grain boundary in
model A. The atomic color represents the rotation angle from the initial state of each atom with an
FCC structure,�θ . The black atoms represent the defect structures. d Change in the grain boundary
structures from �15 to �11 after the dislocation emissions from the C structural units. This atomic
structure corresponds to a higher resolution image of the white box shown in (c). The dark and light
gray atoms indicate that the nearest-neighboring atomic configurations correspond to stacking fault
structures and other defects, respectively. The atoms shown in other colors form an FCC structure.
Reprinted with permission from Shimokawa et al. (2011). Copyright 2011 by American Physical
Society

Fig. 3.16b, c shows the stress field of the disclination dipole with the same Frank
vector but with a different length adiscli by introducing the �11 grain boundary
region into the �15 grain boundary. These are all unloaded conditions. With the
increase in adiscli, a negative stress field was generated at the crack tip, indicating
that the disclination dipole shielded the crack tip. To more quantitatively evaluate
this effect, Fig. 3.16d shows the value of the local stress intensity factor due to the
disclination dipole kdiscli, which was normalized by the local stress intensity factor
kgb,lt due to the grain boundary shielding shown in Fig. 3.16a. It was confirmed that
the shielding effect of the crack tip increased with the increase in adiscli. Thus, the
fracture toughness of the crack tip could be increased by the disclination dipole. The
positional relationship between the crack tip and dislocations emitted from the grain
boundary changed as a result of the dislocationmotion, but the positional relationship
between the disclination dipole and crack tip remained unchanged. Therefore, the
dislocation emission from the grain boundary allowed the disclination dipole to grow
while maintaining the plastic deformation capacity around the crack tip. It could also
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Fig. 3.16 Disclination shielding and its dependence on the distance between the disclination
dipoles, adiscli. Distributions of σz by the a grain boundary shielding, kgb,lt , b disclination shielding,
kdiscli with adiscli = 3 nm, and c kdiscli with adiscli = 6 nm when the applied stress σa was zero. d
The normalized disclination shielding effect kdiscli/kgb,lt as a function of adiscli. The inset figure
represents the grain boundary structure through the combination of the structural units B and C ,
two semi-infinite walls of the grain boundary dislocations, and a disclination dipole. Reprinted with
permission from Shimokawa et al. (2011). Copyright 2011 by American Physical Society

better shield the mechanical field at the crack tip and improve the fracture toughness
with the progress in the plastic deformation. As a result, it can be concluded that
one of the mechanisms for improving the fracture toughness of UFG materials is
that grain boundaries act as a source of dislocations and create a shielding field by
the disclination dipole in the grain boundary region against the mechanical field at
the crack tip, which can be realized by the grain boundary transformation through
dislocation emissions.

3.3.4 Intergranular Crack

The same kind of disclination shieldingwas also observed in the intergranular cracks,
as shown in Fig. 3.13b, c (Shimokawa andTsuboi 2015). Based on the energy equilib-
rium, the following equations should be satisfied for the propagation of intergranular
cracks (Sutton and Balluffi 1995):
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Gc = G > (2γs − γgb) + γp. (3.2)

Here, G, γs, γgb, and γp represent the strain energy release rate, surface energy, grain
boundary energy, and work done by the plastic strain near the crack tip, respectively.
G is the crack extension force, and (2γs − γgb) + γp is the crack extension resistance.
Generally, since γp is much larger than (2γs − γgb), it can be predicted that the grain
boundary fracture is not affected by the grain boundary structure. However, it has
been reported that the fracture toughness is significantly affected by the segregation
amount at grain boundaries (Guttmann and McLean 1979), which is contrary to the
prediction of Eq. (3.2). It has been proposed that this contradiction can be resolved by
considering γp to be a function of (2γs − γgb) (Jokl et al. 1980). In other words, the
plasticity capacity near the intergranular cracksmaybe affected by the grain boundary
characteristics. In this section, a tensile deformation analysis was conducted for the
intergranular cracks of �15 and �73, which tend to emit dislocations under tensile
loading as in the previous section, usingmolecular dynamic simulations to investigate
the relationship between the grain boundary characteristics and fracture toughness
while focusing on disclination shielding (Shimokawa and Tsuboi 2015). The analysis
material was aluminum, the strain rate was 1 × 108 1/s, and the temperature was
maintained at 100K.

3.3.4.1 Propagation of the Stress Concentration Field

The results of the uniaxial tensile simulation of the analytical model with a crack
on the right side of the �15 grain boundary are shown in Fig. 3.17. The colors
of the atoms represent the normal stress components in the loading direction. The
grain boundary dislocations in front of the intergranular crack were continuously
emitted from the C structural unit. When dislocations were emitted from the grain
boundary, the �15 grain boundary structure became �11, and the grain boundary
misorientation angle changed. This implies that a disclination dipole was formed at
the grain boundary, as shown in Fig. 3.17c, d. As a result, the stress concentration field
at the crack tip shifted to the left along the grain boundary, as if an intergranular crack
was growing. In other words, the mechanical field due to the crack tip was shielded
by the disclination dipole, which increased the fracture toughness. In addition, the
energy of the grain boundary decreased after the dislocation emissions, meaning
that the grain boundary was transitioned to one that is less likely to be the cleavage
fracture.

3.3.4.2 Nanograin Formation

A crack was introduced at the left side of the �73 grain boundary (|BBBBBBC |
period), and the results of the uniaxial tensile analysis perpendicular to the crack
plane are shown in Fig. 3.18. As dislocations were emitted from the crack tip, grain
boundary dislocations in front of the crack tip were also emitted. The grain boundary
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Fig. 3.17 Shift of the stress concentration ahead of the intergranular crack tip of the�15 boundary
by the disclination shielding shown in Fig. 3.13b, which was caused by the continuous dislocation
emissions from the grain boundary. Reprinted with permission from Shimokawa and Tsuboi (2015)
from Elsevier

Fig. 3.18 Nanograin formation near the crack tip caused by the dislocation emission from the
crack tip and the �73 grain boundary. d Schematic of the disclination dipoles ahead of the crack
tip. The nanograin with a wedge disclination with ω3 at the triple junction among the original �73
boundary, �11, and low angle grain boundary. Reprinted with permission from Shimokawa and
Tsuboi (2015) from Elsevier

structure at the crack tip was branched into the �11 grain boundary and a small-
angle grain boundary, and a new nanocrystal grain was formed in front of the crack.
If the sum of the misorientation angle θ73 of the original grain boundary, θ11 of the
�11 boundary, and θL of the small-angle grain boundary, 11, is not equal, there is a
disclination with the Frack vector ω3 at the triple junction, as shown in Fig. 3.18d. In
the grain boundaries with θ > θ11, the greater the θ of the original grain boundary, the
greater the θL of the small-angle grain boundary formed near the crack, resulting in a
larger negative Frank vector ω3 in front of the crack that can shield the intergranular
crack. Therefore, by controlling the character and strength of disclinations near the
crack tip caused by the lattice defect evolution, which is closely related to the role
of GBs as dislocation sources, materials with excellent strength and ductility can be
obtained.

3.4 Conclusion

In this chapter, two different studies involving the disclination-mediated plastic phe-
nomena observed in atomic simulations were reviewed to show the potential of
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disclination, which exposes the attractive properties of nanostructured metals. The
first reviewed study discussed a grain subdivision mechanism related to the mobil-
ity of partial disclination under severe plastic deformation processes. The second
one thoroughly discussed an improving fracture toughness mechanism in which the
disclination shielding effect appears at the grain boundary after dislocation emission.
These atomic simulations with the geometrical restrictions of boundary conditions
showed the possibility of selecting a plastic deformation mode by designing struc-
tures, elements, and environments to obtain materials with excellent mechanical
properties.
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Chapter 4
Collective Motion of Atoms in Metals
by First Principles Calculations

Isao Tanaka and Atsushi Togo

4.1 Introduction

The plaston concept has been proposed recently in order to explain interesting plastic
deformation behaviors that appear in some ultrafine grained metals or bulk nanos-
tructured metals (BNM). They show both high strength and large tensile ductility
contrary to the general trade-off relationship between strength and ductility in metals
(Tsuji and Ogata et al. 2020). Normal dislocation mode is predominant in the early
stage of plastic deformation of ordinary metals. Sequential nucleation of different
deformation modes, such as unusual dislocation modes, deformation twinning, and
martensitic transformation, would induce strain-hardening ability of such BNMs,
leading to high strength and large ductility.

Collective motion of atoms occurs under a stress field in materials leading to
nucleate various plastic deformation modes that are not only dislocation glide but
also deformation twinning and martensitic transformation. The atomic process of
plastic deformation is called plaston. A logicalway to scrutinize the collectivemotion
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of atoms is given by systematic calculations tracing imaginary phonon modes in
deformed crystals. Although nucleation of plastic deformation modes in polycrys-
talline materials predominantly takes place at grain boundaries and other crystalline
imperfections where atomic arrangements are irregular and stress field is compli-
cated, we have started our calculations on perfect crystals in order to study the
collective motion of atoms in a simple way. Firstly, we will show the collective
motion of atoms associated with the phase transition in metallic elements (Togo and
Tanaka 2015a). A simple algorithm for automated searching of the phase-transition
pathway following the imaginary phononmodes is presented. Secondly, the collective
motion of atoms in HCP-Ti under homogeneous shear deformation corresponding
to the {1012} twinning mode (Togo et al. 2020) will be shown.

4.2 Phase-Transition Pathway in Metallic Elements

The phase-transition pathway (PTP) connects structures before and after the phase
transition by continuous atomic displacements and lattice deformation. In the past,
PTP was searched via group-subgroup relationships of crystal structures choosing a
limited number of pathways. The energy change along the PTP was not examined.
Consequently, the resulted pathways were not necessarily realistic.

The PTPs can be unambiguously examined by a combination of the first principles
calculations and the symmetry analysis. Although the PTP can be started from an
arbitrarily chosen crystal structure, the starting crystal is better to have high symmetry
and high energy. In the study described in Togo and Tanaka (2015a), we took a simple
cubic (SC) structure as the start. For the first principles calculations, the plane-wave
basis projector augmented wave method (Blöchl 1994) within the framework of
density functional theory (DFT) as implemented in the VASP code (Kresse Non-
Cryst 1995; Kresse and Furthmüller 1996; Kresse and Joubert 1999) was employed.
Dynamical matrices of a given crystal were firstly obtained by the first principles
phonon calculation using the phonopy code (Togo andTanaka 2015b). The dynamical
stability of the crystal was investigated by the eigenvalues of the dynamical matrices.
The square root of the eigenvalue is the phonon frequency. The negative eigenvalue,
i.e., the imaginary phonon frequency indicates the dynamical instability. If the sign of
the instability was found, the structure was deformed along the direction indicated by
the eigenvector of the unstable eigensolution that provides information of collective
displacement of atoms to break the crystal symmetry minimally. In this manner,
the symmetry constraint was removed, and the geometry of the structure could be
further relaxed. Since it is difficult to relax the structure strictly to the local minimum
of the potential energy surface at which high crystal symmetry may recover, the
relaxed structure was cast in one of space group types accepting a predetermined tiny
tolerance. The procedure was repeated by returning to the phonon calculations of
the relaxed structure. When there were multiple instabilities, the procedure was split
into multiple branches. Finally, the set of the connections produced a line diagram
as shown in Fig. 4.1 for Cu and Mg.
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Fig. 4.1 Structure evolution diagrams showing phase-transition pathway (PTP) of a Cu and bMg.
Phonon band structure of simple cubic (SC) Cu is shown in the inset. Open and filled symbols,
respectively, represent dynamically unstable and stable crystal structures. Adapted from Togo and
Tanaka (2015a) with small modification (CC BY 3.0)
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Instabilities of phonon were found at the wave vectors of M and X points for
SC-Cu as shown in the inset (phonon band structure) of Fig. 4.1. The deformation at
theM point broke the symmetry of the SC structure (Pm3m) to P4/nmm. The twofold
degenerated instability at the X point led to Pmma andCmcm. A calculation unit was
defined as a set of procedures from one phonon calculation including relaxation of
the input crystal structure to the creation of deformed crystal structures following
the dynamical instabilities. The deformed crystal structures were used as the input of
the next units. The next units were processed in the same way. The deformed crystal
structure of P4/nmm was relaxed to the body-centered tetragonal (BCT) structure.
Pmma and Cmcm were relaxed to simple hexagonal (SH) and face-centered cubic
(FCC) structures, respectively. If no instability was found in a unit, this unit ended.
The unit ofCmcm formed no next unit since FCCwas dynamically stable for Cu. The
whole procedure finished when all crystal structures of the end-point units became
dynamically stable.

In Fig. 4.1, PTPs are shown by thick (blue) lines. The line was drawn only when
the final structures were made by continuous atomic displacements and lattice defor-
mation of the initial structure. The common subgroup of initial and final structures
was written vertically next to the line. The energy decreased monotonously with
the phase transition along the line, meaning that the transition can occur without an
energy barrier. The line ended when the final structure became dynamically stable.

In this study, the supercell size was limited in order to search for simple PTPs.
The explosion of the computational demands can then be avoided. Both of the 3
× 3 × 2 and 2 × 2 × 2 supercells were used to calculate force constants for the
hexagonal primitive cells, and the 2 × 2 × 2 supercells were used for the other
primitive cells. If the length of a supercell lattice vector exceeded 20 Å, the primitive
cell was no more expanded in this direction. The elastic instability was calculated by
introducing strains to the crystal structures. However, we did not find any different
crystal structures from those found without considering the elastic instability. The
freedom of elastic instabilities was not included for the simplicity of the algorithm.

We can find some similarities and differences between diagrams of Cu and Mg.
HCP is lower in energy than FCC in Mg, which is consistent with the fact that Mg
forms HCP under ordinary conditions. 9R structure (R3m), known as the samarium
structure, is one of the long-period-stacking (LPS) structures with ABABCBCACA
stacking of the close packed planes. The diagram shows that the 9R structure is
formed from the Cmmm structure via P2/c. The structural relationships of the FCC
and 9R structures to theCmmm are shown in Fig. 4.2. Another LPS structure, 18R, is
found in the diagram of Mg. Both 9R and 18R structures are experimentally known
to be formed in Mg alloys.

Diagrams for two HCP metals, Ti and Hf, are displayed in Fig. 4.3. As expected,
HCP shows lower energy than FCC. Two diagrams look similar. But, the path
connecting SH and ω is absent in Ti, which implies that there is an energy barrier in
the SH → ω path. The SH → ω path can be seen both in Cu and Mg (Fig. 4.1) and
also in Hf. We made a separate set of calculations for the ω structure of 27 transition
elements. (Ikeda and Tanaka 2016) ω-Ti is dynamically stable and the energy is
lower than HCP. ω-Ti was experimentally reported to be existent under the external
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Fig. 4.2 Crystal structures of FCC, Cmmm, and 9R structures. Thick lines show the edges of the
conventional unit cells. The conventional unit cell of the Cmmm structure is doubled along both of
a and b axes to show the correspondence between Cmmm and 9R structures. Adapted from Togo
and Tanaka (2015a) with small modification (CC BY 3.0)

Fig. 4.3 Structure evolution diagrams of a Ti and b Hf. Adapted from Togo and Tanaka (2015a)
with small modification (CC BY 3.0)



84 I. Tanaka and A. Togo

Fig. 4.4 Structure evolution diagram of Cu at 30 GPa. Adapted from Togo and Tanaka (2015a)
with small modification (CC BY 3.0)

pressure of 2 GPa at 293 K (Sikka et al. 1982). The critical pressure decreases with
decreasing temperature by approximately dT /dp = 100 K/GPa (Sikka et al. 1982),
which suggests that ω is more stable than HCP at temperatures <90 K. However, a
large hysteresis was experimentally reported for the transition between HCP and ω

under pressure. The HCP → ω transition has not yet been reported experimentally
under the ordinary pressure. The presence of a large energy barrier between SH and
ω is implied by these experimental results. The absence of the SH → ω path in
Fig. 4.3a is consistent with the experimental reports.

Pressure effects on the structure evolution diagram can also be examined in the
same way as described above. Figure 4.4 shows the result for Cu under 30 GPa of
hydrostatic pressure. Note that the vertical axis shows relative enthalpy here. As
compared to the zero-pressure case shown in Fig. 4.1a, the number of dynamically
stable phases increased under 30 GPa. BCC-Cu became dynamically stable. The
formation of BCC-Cu was experimentally reported in the initial process precipita-
tion in Fe-Cu alloys (Othen et al. 1994). Three LPS structures, i.e., 9R, 12R, and
18R appeared under 30GPa, similar to the case of Mg (0 GPa). The 9R-Cu was
experimentally reported as a thin layer of the �3 grain boundary in Cu (Wolf and
Ernst 1992) and in severely deformed Cu single crystals (Dymek and Wróbel 2003).



4 Collective Motion of Atoms in Metals … 85

4.3 HCP-Ti Under Shear Deformation Along Twinning
Mode

Figure 4.5a shows the conventional unit cell of HCP-Ti. In order to represent the
{1012} twinning mode, the unit cell is retaken by using η1 and η2 directions and
K1 and K2 planes as shown in Fig. 4.5b. P (green) is the shear plane. Symmetry
constraints are given to distinguish four structures, i.e., the parent, sheared-parent,
shuffling, sheared-twin, and twin structures. Three structures are shown in Fig. 4.5c–
e. The parent and twin structures have the space group type ofP63/mmc. The sheared-
parent structure has the space group ofC2/m in general. It becomesCmcm only when
the sheared lattice becomes the same lattice as the parent in a different orientation.
The shuffling structure appears during the transformation from the sheared-parent to
sheared-twin structures.

Fig. 4.5 a The conventional unit cell of HCP-Ti. b An extended unit cell to represent the {1012}
twinning mode of HCP-Ti. The twinning mode is characterized by K1 (red) and K2 (blue) planes
and η1 and η2 directions. Structures of an extended unit cell of c parent, d sheared-parent, and e
twin. The atoms with the same symbols (open or filled) are located on the same plane parallel to the
plane P. Two planes with the open and filled symbols are separated by 0.5b′ each other. Adapted
from Togo et al. (2020) with small modification (CC BY 3.0)
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Atomic positions of the sheared-parent structures were optimized under the
symmetry constraint. Shears were sampled to 21 points within 0 ≤ s/st ≤ 1, where
s/st denotes homogeneous shear, s, normalized by the twinning shear, st. In order to
introduce homogeneous shear, the positions of atoms have to be properly set since
there are degrees of freedom to relax atomic positions under symmetry constraints.
We defined atomic displacement u(s/st) as the difference between the atomic posi-
tions after and before the relaxation. The initial position before the relaxation was
given keeping the crystallographic coordinates of the HCP unit cell. The displace-
ment distances |u(s/st)| with respect to s/st are shown in Fig. 4.6. Since |u(s/st)| of all
atoms in the unit cell at given s/st are the same, only one value at each s/st is shown.
In the inset, the directions of the displacements are shown. In this figure, only two
directions that are directed in the opposite directions can be seen. The atoms having
the same displacement directions are symmetrically equivalent by the lattice transla-
tion. The displacement distance |u(s/st)| increases with s/st. Even at s/st = 1, |u(s/st)|
is only 4% of the nearest neighbor distance. Therefore, for the schematic analysis,
this optimization process is unimportant, although it is necessary to perform phonon
calculations accurately.

In Fig. 4.7, the electronic total energy of the sheared-parent structure is shown
as a function of the homogeneous shear s/st. With increasing the shear, the energy
increases harmonically. According to the definition of the deformation twinning, the
sheared-twin structures should have the same energy curve with respect to 1 − s/st,
which is drawn as the mirror image of the energy curve of the parent (dotted curve
in Fig. 4.7). The presence of the crossing of the energy curves at s/st = 0.5 means
that their energy surfaces are disjoined under the symmetry constraint of C2/m.

Fig. 4.6 Displacement distance, |u(s/st)|, for the {1012} twinning mode as a function of s/st. In the
inset, the sheared-parent structure at s/st = 1 before the optimization is shown. The arrows show
the approximate directions of the displacements. Adapted from Togo et al. (2020) (CC BY 3.0)
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Fig. 4.7 Energy increases per atom of the sheared-parent structures for the {1012} twinning mode.
The dotted curve is themirror image of the energy curve of the sheared-parent structure representing
the energy increases of the sheared-twin structures. The vertical dashed arrows indicate energies
released by the transformation from the sheared-parent to the sheared-twin structures. The inset
shows the sheared-parent structure at s/st = 1. The displacement directions indicated by the eigen-
vector of the imaginary phonon mode at M′(1/2, 0, 0) are shown by thick arrows. Adapted from
Togo et al. (2020) (CC BY 3.0)

The sheared-parent structure transforms to the sheared-twin structure sponta-
neously by breaking the symmetry constraint at s/st > 0.5. The phonon band struc-
tures at six s/st are shown in Fig. 4.8. One phononmode atM′(1/2, 0, 0) clearly shows
the imaginary frequency at large shears, which implies that spontaneous structural
transformation should occur by breaking the symmetry. By plotting the squared
frequencies at M′(1/2, 0, 0) with respect to the homogeneous shear s/st, the critical
shear to induce the spontaneous structural transformation can be estimated to be s/st
~ 0.68.

The eigenvector of the soft phonon mode at M′(1/2, 0, 0) as illustrated in the
inset of Fig. 4.7 indicates the information on the collective atomic displacements
to properly break the symmetry of the crystal. The arrows indicate the direction
of displacement of the atoms with the same relative amplitude. The breaking of
symmetry expands the primitive cell twofold. The space group type then becomes
P21/c (No. 15). The sheared-parent structure models were generated by introducing
minimumfinite displacements along the directions as described above, so that the first
principles calculation code, VASP, can properly detect the broken symmetry. Then,
the first principles calculations weremade to optimize these structuremodels at given
homogeneous shears fixing their basis vectors. After the structure optimizations,
the sheared-twin structures at s/st = 0.7 to 0.95 and the twin structure at s/st =
1 were obtained. This is the shuffling that we consider. The atomic displacements
by this transformation at s/st = 1 are shown by short black arrows in Fig. 4.9.
The displacement distance is roughly constant by ~0.5 Å (17% of the interatomic
distance) at all s/st larger than the critical shear. Four atoms are involved in the
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Fig. 4.8 A series of phonon band structures corresponding to the {1012} twinning mode at s/st
= 0, 0.2, 0.4, 0.6, 0.8, and 1. Those at different s/st are drawn by the different line styles from
solid to shorter dashed lines. In vertical axis, phonon frequency lower than zero denotes imaginary
frequency. Wave vectors are labeled as A′(0, 0, 1/2), H′(1/3, 1/3, 1/2), K′(1/3, 1/3, 0), �(0, 0, 0),
M′(1/2, 0, 0), and L′(1/2, 0, 1/2). Although the homogeneous shear breaks the crystal symmetry,
we adopt the same labels for points in the Brillouin zones for easy comparison. Since the shapes
of the Brillouin zones are different for the different shears, the positions of the reciprocal points
in the Cartesian coordinates measured from the � points disagree slightly. The filled circles at the
M′ points indicate the soft phonon modes that have the eigenvector drawn in the inset of Fig. 4.7.
Adapted from Togo et al. (2020) (CC BY 3.0)

collective displacement as the minimum unit. Two types of parallelogram units by
alternately changing their rotation directions depicted by red circular arrows are
arranged to fill the crystal structure. The spaces surrounded by these rotating units
behave as if they were breathing. In this manner, the internal structural distortion is
considered to be minimized. This figure is similar to the one obtained by Crocker
and Bevis reported in 1970 (Crocker and Bevis 1970) for the shuffling of the {1012}
twinning mode from the crystallographic discussion. In this study, we found that the
shuffling necessarily occurs at a shear larger than the critical value based on the first
principles calculations.

The vertical dashed arrows in Fig. 4.7 correspond to the energy between the
sheared-parent and sheared-twin structures, which is released by the shuffling. The
presence of a potential energy barrier may prevent the initiation of the shuffling
between s/st = 0.5 and the critical shear s/st ~0.68. When crystalline imperfections
are present, as in a real material, the potential energy barrier may be lowered locally,
and the shuffling initiated from the imperfectionmay propagate over themacroscopic
range to result in the macroscopic twinning. Once the shuffling is locally initiated,
the sheared-parent may relax toward the twin instantaneously. Although it would be
difficult to observe the initiation of the twin at an atomic level, evidence of the shuf-
fling mechanism may be experimentally obtained by measurement of the frequency
change of the characteristic phonon mode at s/st < 0.5 by inelastic neutron or X-ray
scattering techniques.
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Fig. 4.9 Displacements of atoms induced by the structural relaxation from the sheared-parent
structure (Fig. 4.5d) to the twin structure (Fig. 4.5e) depicted as the short black arrows. The circular
red arrows depict how the displacements are arranged as units. Adapted from Togo et al. (2020)
(CC BY 3.0)
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Chapter 5
Descriptions of Dislocation via First
Principles Calculations

Tomohito Tsuru

5.1 Introduction

Dislocation, a line defect in which atoms are out of the lattice position in the crystal
structure, is one of the most representative “plastons”. A mathematical description
of the elastic field of the singularity created by cutting and shifting a continuous
body was first developed by Volterra in 1907 (Volterra 1907). Since Taylor, Orowan,
and Polanyi predicted the existence of dislocation to explain plastic deformation
(Taylor 1934; Orowan 1934; Polanyi 1934), dislocations have been regarded as the
most important lattice defects in plastic deformation, especially inmetallic materials.
The fundamental properties of the dislocation core have a dominant influence on the
intrinsic ductility or brittleness ofmaterials. The interaction between dislocations and
other crystal defects plays a critical role in determining the mechanical properties of
metals. The classical strengtheningmechanismwas developed by thismajor premise,
and the mechanical properties of metals have been developed by understanding and
controlling the dislocation behavior.

While continuum theory expresses an excellently long-ranged elastic field of a
dislocation, it breaks down owing to the singularity near the dislocation core. With
improvements in computer technology, atomic scale simulations such as molec-
ular dynamics have been implemented to explore the relation between the dynamic

In this Chapter, DFT calculations were carried out using the Vienna ab initio simulation package
(VASP) (Kresse and Hafner 1993; Kresse and Furthmuller 1996) with the Perdew–Burke–Ernz-
erhof generalized gradient approximation exchange–correlation density functional (Perdew et al.
1992). The Brillouin-zone k-point samplings were chosen using the Monkhorst–Pack algorithm
(Monkhorst and Pack 1976). The planewave energy cutoff was set at 400 eV. The fully relaxed
configurations were obtained by the conjugate gradient method when the energy norm of all the
atoms converged to better than 0.005 eV/Å. Simulations were performed on the large-scale parallel
computer system with SGI ICE X at JAEA.
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behavior of defects and the mechanical response. Some examples of atomistic
simulations for collective defect behavior were mentioned in the previous section.
Recently, a dislocation core structure can be captured directly by first principles
calculations. Several approaches for first principles calculations of dislocations and
dislocation-related properties are described in detail in this section.

5.2 Stacking Fault Energy

The atomic image of a dislocation core is described by local disregistry, where misfit
energy is introduced by the local interfacial misfit energy as well as the elastic
strain energy. The misfit energy γ (u) is described by periodic potential in terms
of relative slip displacement, which is expressed by its sinusoidal shape potential
in the classical model. Atomistic simulation, such as molecular dynamics and first
principles, allows calculation of the misfit potential directly. Precise calculations of
stacking fault (SF) energy can help to better understanding slip behavior in actual
materials. The generalized SF energy (γ surface), which was first introduced by
Vítek (Vítek 1966, 1968), is the energy difference in misfit energy in terms of two-
dimensional displacement along the slip plane. Atomic models for SF energy in
FCC metals are simply prepared as in Fig. 5.1, where parallel translation is applied
to the upper half region. The energy of the transition during slip motion is evaluated
using first principles calculations. The atomic relaxation is considered only in the
normal direction to the slip plane and the other degree of freedom corresponding
to the direction of the applied displacement is constrained. The difference in terms
of displacement corresponds to the generalized SF energy according to following
relation, where A is the area of the slip plane.

γ (u) = E(u) − E0

A
, (5.1)

In FCCmetals, the displacement is generally applied along the [110] and [112] the
directions defined as x and y. The Burgers vector of perfect dislocation corresponds
to a/2[110], along which the SF energy is not minimum. Instead, the SF energy
along the Burgers vector of partial dislocations is equivalent to the minimum energy
path for parallel shift in the slip plane, which is important for actual slip behavior in
FCC metals.

The SF energy curves for typical FCC and BCC metals calculated by first princi-
ples calculations are summarized in Fig. 5.2. The other results obtained by several
empirical potential and experiments are shown as a comparison. γSF corresponds to
the energy when the displacement is equivalent to the partial dislocation, shown in
the right image in Fig. 5.1. The value is important in determining the stable dislo-
cation core structure and the width between leading and trailing partial dislocations
in FCC metals. Unstable SF energy γus and the maximum gradient of the general-
ized SF energy are also important because the local atomic array needs to overcome
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Fig. 5.1 Atomic models for
SF energy calculation in
FCC metals

the energy barrier. First principles calculations satisfactorily reproduce the experi-
mental values.Moreover, first principles calculations are superior in predicting the SF
energy of transition states during the whole slip motion. Even though it is generally
difficult for an empirical potential composed of a two-body functional to reproduce
high SF energy, some EAM potentials have been found to demonstrate excellent
characteristics to describe the dislocation core in FCC metals.

In HCP metals, it is more effective to understand the SF energy because the slip
behavior is more complicated than that of cubic crystals. In general, plastic defor-
mation in HCP metals is caused by dislocation of the slip and twinning deformation
modes. Focusing on the slip mode, <a> and <c + a> dislocations can glide in basal,
prismatic, and pyramidal planes. All possible slip systems are given in Fig. 5.3, where
<a> dislocation can glide in basal, prismatic and first-order pyramidal planes, and
<c + a> dislocation in first- and second-order pyramidal planes. An overview of the
generalized SF energy on each plane is given in Fig. 5.4, where Mg was chosen as
a typical example of HCP metals. Several tens of node points on each slip plane are
chosen for the sampling data and the energy was evaluated by first principles calcu-
lations. The direction and SF energy along the minimum energy path (shown by the
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Fig. 5.2 Generalized SF energy curves along the Burgers vector in Al, Cu and Fe, calculated by
first principles calculations and some empirical potentials. MF, EA, mEA, FS, and ADP correspond
to the empirical potentials proposed byMishin–Farkas (Mishin et al. 1999, 2001), Ercolessi–Adams
(Ercolessi and Adams 1994), modified EA (Liu et al. 1996), Finnis–Sinclair (Finnis and Sinclair
1984), Angular dependent potential (Mishin et al. 2005). *, ** and *** are experimental values
cited by the literature (Dobson et al. 1967; Murr 1975; Hirth and Lothe 1982)

red arrows) on the slip plane is the most important for determining the dislocation
motion because the direction corresponds to the Burgers vector of each slip plane. In
case of the basal slip, the <a> dislocation tends to dissociate into a partial dislocation
and the Burgers vectors are given as those of two partial dislocations according to
the minimum energy path. However, <a> dislocation in the prismatic plane does not
dissociate into partials.

The basal <a> , prismatic <a> , pyramidal I <a> , pyramidal I <c + a> , and
pyramidal II <c+ a> slip systems can be considered as the only possible slip systems
except for twin modes. Figure 5.5 shows the energy difference along the minimum
energy path of all slip systems in Mg, Zn, Ti, and Zr as typical HCP metals. The c/a
ratio of these HCP metals, calculated by first principles, are 1.613, 1.886, 1.582, and
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Fig. 5.3 Possible slip
systems of <a> and <c + a>
dislocations in basal,
prismatic, first- and
second-order pyramidal
planes. The red arrow
indicates the direction of
each Burgers vector

1.598 for Mg, Zn, Ti, and Zr, respectively. In the case of Mg and Zn, the SF energy
of the <a> slip in the basal plane is much lower than those of any other non-basal slip
planes, and the basal <a> slip is a primary slip system in these metals. In contrast, the
SF energy of the <a> slip in the prismatic plane is the lowest and the prismatic <a>
slip is the primary slip system. These tendencies can be understood using structural
information, that is, c/a is among the simplest indicators that provides a favorable slip
plane and direction. The SF energy in the basal plane tends to decrease when the c/a
ratio is larger than the ideal c/a ratio. On the contrary, the prismatic <a> becomes the
primary slip system when the ratio is smaller than the ideal. However, the SF energy
is more important for understanding the detailed information of the slip system in
HCP metals.

5.3 Analytical Description of Dislocations: Peierls–Nabarro
Model

As discussed above, the SF energy calculation provides useful information for the
dislocation core and motion. However, the SF energy can only give an interfacial
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Fig. 5.4 Generalized stacking fault energies on a possible slip plane inMg. All data were evaluated
by first principles calculation. The minimum energy path is indicated by the red arrow, which
corresponds to the direction of each Burgers vector
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Fig. 5.5 Generalized stacking fault energies along the minimum energy path in all possible slip
planes in Mg, Zn, Ti, and Zr. Here, the basal <a> , prismatic <a> , pyramidal I <a> , pyramidal I <c
+ a>, and pyramidal II <c + a> slip systems are considered as the possible slip systems

misfit energy of the dislocation core, which is not enough to capture a comprehensive
picture of the dislocation because the elastic strain energy around the dislocation core
should be considered. The self-energy of the dislocation should be described by a
combination of the contributions of both the elastic energy generated by the local
disconnection of the core region and the interfacial misfit energy. Peierls (Peierls
1940) and Nabarro (Nabarro 1947) first considered a simplified description of the
dislocation core in a two-dimensional lattice as shown in Fig. 5.6 and proposed the
Peierls–Nabarro (PN) model. Here, the dislocation core can be expressed by the two
elastic semi-infinite bodies and the non-linear interplanar misfit at the interface of
two bodies.

In the PNmodel, the relative displacement between two lattice planes at the inter-
face is defined by the lattice mismatch (disregistry), and the disregistry is allowed to
have a distribution of displacement along the direction of Burgers vector. The total
displacement of the disregistry can be considered using a set of local components of
displacement δ(x), which corresponds to the dislocation segment with an infinites-
imal Burgers vector. The local gradient generated by the disregistry is defined by
dislocation core density ρ(x) as follows:
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Fig. 5.6 Schematic image of
a pure edge dislocation core
in a two-dimensional lattice

db(x) ≡ ρ(x)dx, ρ(x) =
(
dδ(x)

dx

)
. (5.2)

Here, the integral along the x direction within the infinite region is equal to the
Burgers vector. The following PN equations hold when the stress generated by the
disregistry is balanced against the interfacial restoring force F.

K

2π

∫ ∞

−∞
ρ(x ′)
x − x ′ dx

′ = F(δ(x)), (5.3)

where K is the energy factor corresponding to the elastic coefficient and given for
isotropic media (Foreman 1955).

K = μ

2π

(
sin2 θ

1 − ν
+ cos2 θ

)
, (5.4)

where μ and ν are the shear modulus and Poisson’s ratio, respectively. θ is the
angle between the dislocation line and Burgers vector. This PN equation is solved
analytically on the assumption that the restoring force can be described by an analytic
function such as the sinusoidal function. Similarly, the total energy of dislocation can
be expressed by the local elastic interaction generated by the infinitesimal dislocation
segments, long-range elastic interaction, and misfit potential at the interface of two
bodies.

Utot[ρ(x)] = Uelastic +Umisfit +Ulong,. (5.5)

Uelastic = − K

4π

∫ ∞

−∞

∫ ∞

−∞
ρ(x)ρ(x ′) ln

∣∣x − x ′∣∣dxdx ′. (5.6)
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Umisfit =
∫ +∞

−∞
γ (δ(x))dx . (5.7)

The long-range interaction is given analytically by the classical theory of disloca-
tions.Accordingly, the total energy of the dislocation can be expressed by a functional
of the disregistry and its derivative, that is, dislocation core density. Therefore, a stable
configuration of a dislocation is obtained using the variational of this energy func-
tional. JoÒs and Duesbery developed an analytical model based on the PN model to
estimate the Peierls stress for wide and narrow dislocations by introducing the gener-
alized SF energy, its maximum gradient, and the dislocation half-width (JoÒs and
Duesbery 1997). It should be noted that the Peierls stress evaluated by the analytical
function based on the PN model is solved on the assumption that the dislocation is
dissociated along the one-dimensional direction only and that the estimation depends
on the accuracy of the maximum restoring force.

Recently, a sophisticated model of the semi-discrete variational (SV) PN model
(Bulatov 1997; Lu et al. 2000) was developed, which provides information on
the three-dimensional local structure of a dislocation core and the Peierls stress
through discretized atomic rows and the reliable GSF energy surface (so-called γ

surface) determined by DFT. In the SVPN framework, the total fault energy of a
dislocation under external stress can be described similarly by Utot = Uelastic +
Umisfit + Ustress, where long-range interaction is excluded. The first term is the
configuration-dependent elastic energy is as follows:

Uelastic =
∑
i, j

1

4π
χi j [Ke(ρ

(1)
i ρ

(1)
j + ρ

(2)
i ρ

(2)
j ) + Ksρ

(3)
i ρ

(3)
j ], (5.8)

where, ρ(1)
i and ρ

(2)
i are related to the edge component and ρ

(1)
i is related to the screw

component, Ke and K s are associated with the energy factor evaluated by Eq. (5.3),
and χi j is defined in the literature (Bulatov 1997; Lu et al. 2000). The second term
is the interfacial energy described by the total sum of nodes:

Umisrit =
∑
i

	xγ (δi ). (5.9)

The third term represents the work done by the plastic deformation through the
dislocation glide. Here, all terms can be expressed as the discretized the functions of
disregistry vector and the core density of dislocation. According to the displacement
of each atomic row xi, the disregistry and core density are related to ρi = (δi −
δi−1)/(xi−xi−1), which is associatedwith the local gradient of relative displacement.
In accordance with the classical PNmodel, the stable configuration of the dislocation
core can be evaluated numerically by minimizing the variational function to find the
stable configuration of the disregistry (or the dislocation core density).

The basal and prismatic <a> dislocations in HCP Mg alloys are taken as an
example of good application of the SVPN framework. First, atomic configurations
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Fig. 5.7 Unit cell of
hexagonal crystal and the
core structures of the basal
and prismatic <a>
dislocations from molecular
statics simulations (Tsuru
et al. 2013). Reprinted from
J. Phys: Condens. Matter.,
vol. 25, Tsuru et al., Fig. 1a,
Copyright (2020), with
permission from IOP

of both dislocations were investigated by atomistic simulations. The crystallographic
orientation and corresponding atomic configurations are shown in Fig. 5.7. A fully-
atomistic molecular statics simulation was performed using the EAM potential
proposed for Mg (Sun et al. 2006). The atoms were visualized using the ATOMEYE
visualization software (Li 2003). The fully-atomistic simulations confirmed that a
basal dislocation tends to dissociate into two partial dislocations with wide stacking
fault while the core width of a prismatic dislocation is narrow. The energy differ-
ences with respect to the in-plane displacement along the minimum energy path (slip
direction) in the basal and prismatic planes evaluated by the density functional theory
(DFT) calculation and EAM potential are shown in Fig. 5.8. The DFT data were the
same as shown in Fig. 5.5 while the energy landscape along the slip direction of both
the basal and prismatic planes had similar characteristics. It is noted that the direction
of minimum energy path in the prismatic plane varied slightly (Tsuru et al. 2013),
and the differences of the generalized SF energy as well as the elastic properties
reflected the dislocation core structure.

Fig. 5.8 Generalized SF
energy along the minimum
energy path evaluated by
DFT and the EAM potential
(Tsuru et al. 2013).
Reprinted from J. Phys:
Condens. Matter., vol. 25,
Tsuru et al., Fig. 1 (c),
Copyright (2020), with
permission from IOP
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The energy factors for the pure edge and screw dislocations in the basal and pris-
matic planes of magnesium were evaluated directly by DFT and the EAM potential,
as summarized in Table 5.1. The anisotropic shear modulus is the value of the slip
direction, i.e., C44 and C66. Poisson’s ratio is assumed to be evaluated by orthogo-
nally transformed anisotropic elastic constants through the direction cosine and the
Voigt average.

All material properties of Mg are applied to SVPN analysis. The core densities of
the basal and prismatic <a> dislocation, calculated by SVPN analysis combined with
DFT calculations and the EAM potential, are summarized in Fig. 5.9. Two peaks

Table 5.1 Energy factors calculated by first principles and the EAM potential for the evaluation
of the elastic energy of the dislocation core (Tsuru et al. 2013). Reprinted from J. Phys: Condens.
Matter., vol. 25, Tsuru et al., Table 1 (c), Copyright (2020), with permission from IOP

Basal <a> Prismatic <a>

Ke (GPa) Ks (GPa) Ke (GPa) Ks (GPa)

DFT 3.88 2.93 4.10 2.98

EAM 2.49 2.03 4.55 3.52

Fig. 5.9 Dislocation core densities in the basal and prismatic planes, evaluated by the SVPNmodel
with (a, b) using DFT, and (c, d) using the EAM potential (Tsuru et al. 2013). Reprinted from J.
Phys: Condens. Matter., vol. 25, Tsuru et al., Fig. 2, Copyright (2020), with permission from IOP
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of the core density of the basal dislocation represent the dissociated two partial
dislocations associated with the low stacking fault energy of Mg. The difference
in the width of extended dislocation between DFT and EAM are affected by the
meaningful difference of the energy factor, as shown in Table 5.1. The core density
of dislocation in the prismatic plane evaluated by DFT distributes sharply while
that of EAM slightly dissociates into two peaks, which is definitely reflected by the
difference of generalized SF energy. The Peierls stresses were 1MPa and 49MPa for
the basal and prismatic <a> dislocations, respectively. Additionally, as an example,
SVPN analysis is applied to the prismatic <c> dislocation, which is not a slip system
of HCP metals. SVPN analysis confirmed that the Peierls stress of the prismatic <c>
dislocation was extremely high (1.49 GPa).

The non-basal slip is thought to be key to improving the ductility in Mg alloys.
Thus, the effect of the alloying element is the subject of research and interest. The
SVPN model has the potential to capture how alloying elements influence the dislo-
cation core structure and the Peierls stress. As a typical example, the effect of yttrium
solution on the dislocation core structure and the critical stress of the motion of pris-
matic <a> dislocation (i.e., Peierls stress) were discussed here. When an isolated
solute atom was substituted for a magnesium atom on the slip plane, the influence of
the solution element on the generalized SF energy and the restoring force are shown
in Fig. 5.10. The effect of yttrium solution at different concentrations was investi-
gated, and aluminum was chosen for comparison, which is a typical solute element
of magnesium alloys such as the AZ31 alloy. The restoring force was defined as the
gradient of the GSF energy along the minimum energy path, and its maximum value,
denoted by τmax, is related to the dislocation half-width through the analytical PN
model (JoÒs and Duesbery 1997). The energy difference was remarkably reduced by
yttrium solution, and in this regard the maximum restring force fell to one-half that
of pure magnesium. However, aluminum solution raises the energy gradient and the
restoring force, and zinc solution was found to show a tendency similar to that of
aluminum. The dislocation core structures in case that yttrium is substituted in the
slip plane, was calculated by the SVPN analysis as shown in Fig. 5.11. The disloca-
tion tends to spread as the solute concentration increased because the contribution of
the elastic interaction became relatively large owing to the reduction of the gradient
of the GSF energy. The resultant Peierls stresses were reduced to 14 MPa and 8 MPa
for 11 at.% and 25at.% yttrium solution concentration, respectively. Thus, yttrium
solute results in the alteration of the dislocation core structure and lubrication of the
dislocation motion (Tsuru et al. 2013).
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Fig. 5.10 Stacking fault energies and restoring forces in the case where a solution element is placed
on the slip plane compared with those of pure magnesium. a and c correspond to yttrium solution.
b and d correspond to aluminum solution (Tsuru et al. 2013). Reprinted from J. Phys: Condens.
Matter., vol. 25, Tsuru et al., Fig. 3, Copyright (2020), with permission from IOP

Fig. 5.11 Effect of yttrium
solution at several solution
concentrations on the
dislocation core density
(Tsuru et al. 2013).
Reprinted from J. Phys:
Condens. Matter., vol. 25,
Tsuru et al., Fig. 4,
Copyright (2020), with
permission from IOP
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5.4 First Principles Calculations of a Dislocation Core

5.4.1 Atomic Modeling of a Dislocation Core

The effect of solute atoms on the dislocation motion is characterized by not only the
SF energy but also by the elastic and chemical interactions around the dislocation
core. Recently, various defect structures, such as the vacancy impurity cluster and
grain boundary, can be treated directly by first principles calculations, and many
fundamental properties have been extracted. However, band structure calculations,
i.e., the DFT calculations based on plane-wave basis sets for the wave function of
electrons, are generally solved under the period boundary condition, in which special
attention is required in handling defect structures in a small supercell (up to several
hundreds of atoms) because the elastic field of defects is generally long-ranged.
According to the linear elasticity theory, the elastic field of a vacancy and volumetric
defect, such as an impurity cluster, decayswith 1/r3 (the factor of distance). The stress
field of the coincidence site lattice (CSL) grain boundary is also short-ranged. As a
result, these defect structures can bemodeled successfully by small supercell models.
However, according to elasticity theory, the stress field of an isolated dislocation
decays according to the factor of 1/r (Hirth and Lothe 1982) and, therefore, it is
not possible to treat such an isolated dislocation within first principles calculations.
Two approaches have been developed to evaluate the dislocation within the first
principles framework. One is the flexible boundary condition method, which can
capture the long-range strain field of a dislocation by coupling the dislocation core to
an infinite harmonic bulk through the lattice Green function. The other is to consider
the dislocation dipoles in a periodic cell. The elastic field of the dislocation dipole in
a periodic cell can be treated by the superposition of an image dislocation (Cai et al.
2003, 2001) or by considering the elastic field in the reciprocal space (Mura 1964;
Daw 2006). The latter is explained as follows.

The dislocation core in a periodic cell is introduced based on the solution of
continuum linear elastic theory of the periodic dislocation dipole array (Daw 2006).
The displacement gradient caused by the periodic distribution of dislocations is
expressed as a Fourier series:

	(r) =
∑
G

	̃(G) exp(iG · r), (5.10)

where 	(r) is the displacement gradient tensor at point r, G is the reciprocal lattice

vectors, and 	̃(G) is the Fourier coefficients describing the displacement gradient
tensor. The elastic energy per unit length of the supercell can be expressed in terms
the 	̃(G) s:

Eelastic = 1

2
Acci jkl

∑
G

	̃i j (G) 	̃∗
kl(G), (5.11)
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Fig. 5.12 Atomic model of dislocation dipole and quadrupole configurations in a periodic cell

Table 5.2 Lattice parameters and elastic constants in hexagonal Mg

a (Å) c/a c11 c33 c12 c13 c44

DFT 3.203 1.614 62.4 70.9 22.0 21.9 11.7

Exp. (Hearmon 1979) 3.209 1.623 59.3 61.5 25.7 21.4 16.4

where Ac is the area of the supercell perpendicular to the dislocation line and ci jkl are
the anisotropic elastic constants. The distortion field can be solved byminimizing the
total elastic energy subject to the topological constraints imposed by the dislocation
dipole. This theory is found in the literature, and the procedure is solved numerically
by a sequence of linear algebra in the reciprocal space (Daw 2006). Subsequently, the
displacement can be evaluated by a line integral starting from a reference coordinate
in real space, and the local displacement at the atomic positions is provided. In
practice, core radius, rc is introduced to insure convergence of the summation for the
elastic energy.

This approach is applied toHCPMg alloys. The dipole of screw dislocationwhose
Burgers vectors is type a/3

〈
1120

〉
is treated here. The dislocation is inserted into a

288-atom supercell with 12×6 periodic units along [0001] and [1100], respectively,
where the dislocation is inserted as dipolar and quadrupolar configurations, as shown
in Fig. 5.12. The elastic constants and lattice parameters for Mg are obtained using
density functional theory (DFT). Our computed values are shown in Table 5.2. The
(2-D, for this problem) reciprocal lattice vectors can be expressed in terms of the
primitive reciprocal lattice vectors, defined to be a∗ and b∗, as Ghk = h a∗ + k b∗
with h, k ∈ I ntegers. Seen in the predictions of one component of the displacement
gradient tensor as a function of the number of G vectors in the sum, the Fourier
series is completely converged when the core radius rc is equal to b, and both h
and k range from −20 to 20. In this way, the displacement gradient can be solved
numerically. The solution of the strain and displacement fields of the dislocation
dipolar and quadrupolar configurations evaluated by linear elasticity theory in a
periodic cell are shown in Fig. 5.13. The strain field is actually periodic and the
displacement field is depicted in the cumulative boundary condition along the y-
direction. The method also allows us to estimate the elastic strain energy of dipolar
and quadrupolar configurations in terms of the change in the relative displacement
of the dislocation pair. The introduction of dislocation dipoles within each supercell
results in a distortion of the supercell vectors, as noted byLehto andÖberg (Lehto and



106 T. Tsuru

Fig. 5.13 Solution of the strain and displacement fields of the dislocation dipolar and quadrupolar
configurations, evaluated by linear elasticity theory in a periodic cell

Öberg 1998). The relationship between strain energy and the relative displacement
in the case of the dipolar and quadrupolar configurations in Mg with the above
atomic model is given in Fig. 5.14. Here, the energy difference of the quadrupole
is less sensitive to the relative displacement than that of the dipole, and therefore
the quadrupolar configurations should be chosen for the first principles calculations
when a small supercell is used.

5.4.2 First Principles Calculations

The displacements corresponding to each lattice point, obtained using the continuum
linear elasticity theory outlined above, were applied to the atomic model for a dislo-
cation dipole in the quadrupolar stacking configuration. In addition, the periodic
supercell vectors were adjusted as discussed above. The dislocation core structure
so obtained is used as the initial configuration for the first principles calculations.
The supercell model of HCP metals is prepared as provided above, and the that
of BCC metals is similarly prepared: a 135 atom model with dimensions a = 5e1,
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Fig. 5.14 Strain energy
depends on the relative
displacement when the size
of a supercell is applied to
the linear elasticity model

b = 2.5e1+4.5e2+0.5e3, and c = e3, where unit vectors in the system are defined as

e1 = a0
[√

6, 0, 0
]
, e2 = a0

[
0,

√
2, 0

]
, and e3 = a0

[
0, 0,

√
3/2

]
, with a coordinate

system corresponding to the x = [112], y = [110] and z = [111] directions.
First principles calculations were then implemented to determine the structural

relaxation. The stable configuration of the dislocation core structures in typical BCC
andHCPmetals is shown in Fig. 5.15,where the left side of the dislocation is depicted
by the differential displacement (DD) vector (Vitek et al. 1970; Vitek 1974), and the
core structures in BCC Fe, Nb, Mo and HCP Mg, Ti, Zr are provided as the typical
examples. It is obvious from Fig. 5.15 that the dislocation core of BCC metals is
compact owing to the high SF energy, as shown in Fig. 5.2. In addition, there is little
difference in the dislocation core structures depending on the type of element in BCC
metals. However, the core structures of HCP metals differ completely depending on
type. As discussed in Sect. 5.2, dislocations of HCP metals tend to be dissociated
according to the SF energy. The dislocation of Mg is dissociated in the basal plane
due to the small SF energy in its plane while that of Zr dissociated in the prismatic
plane. On the contrary, the dislocation of Ti is dissociated in the first-order pyramidal
(1011) plane. Pyramidal <a> dislocations cannot be activated because the SF energy
along the <a> direction in the pyramidal (1011) plane is generally extremely high.
However, a unique core structurewas recently discoveredwhere the<a>dislocation is
more likely to dissociate in the dense (1011) plane than in prismatic plane because the
SF energy, when the displacement is half the Burgers vector along the <a> direction
in the dense (1011) plane, is slightly smaller than that of the prismatic plane (Clouet
et al. 2015). Thus, HCP metals have a wide variety of dislocation core structures,
including various <a> dislocations and <c + a> dislocations in the first and second-
order pyramidal planes, reflecting the SF energy, as shown in Fig. 5.5. As a result,
plastic deformation in HCP metals becomes more complicated, i.e., solute atoms
play a more significant role in the change in the slip mode through the electronic
interactions between matrix elements and solutes.
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Fig. 5.15 Stable configurations of the dislocation core in BCC Fe, Nb, Mo, and HCP Mg, Ti,
Zr, evaluated by first principles calculations. The relative displacement associated with the nearest
neighbor atom was visualized by a DD vector

At the end of this section, the influence of solute atoms on the dislocation core
structure and motion in Mg alloys is taken as an example. When the stable configu-
ration was obtained, the energy barrier for the dislocation motion (i.e., Peierls poten-
tial) by first principles calculations attracts interest. The nudged elastic band (NEB)
method (Henkelman et al. 2000) was employed to evaluate the electronic structure
of the dislocation core when it overcomes the Peierls barrier. Initial configurations
were prepared corresponding to the most stable structure position and the position
where a dislocation moves through the Peierls barrier. The energy difference during
dislocation glide of the left side of the dislocation on the basal, prismatic, and pyra-
midal planes, as well as the DD map at intermediated transition states, are shown
in Fig. 5.16. It is confirmed that the screw dislocation dissociates into partial dislo-
cations on the basal plane, which is caused by the nature of low SF energy of the
basal plane in Mg. It is easy for this type of basal dislocation to glide on the basal
plane—there is a negligibly small energy barrier between the symmetrically equiv-
alent structures during basal slip. However, the prismatic slip requires surmounting
high energy barrier by NEB calculation. The prismatic slip can be divided into three
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Fig. 5.16 Energy and core structure during the dislocationmotion. aTheminimumenergy paths are
for the motion of the screw dislocation in the basal, prismatic and pyramidal planes. b Intermediate
transition states for prismatic slip visualized by the DD map (Tsuru and Chrzan 2015). Reprinted
from Sci. Rep., vol. 5, Tsuru et al., Fig. 2

steps which is consistent with the Friedel–Escaig mechanism proposed by Couret
and Caillard (Couret and Caillard 1985). At first, dissociated dislocation on the basal
plane constricts that yields the compact core screw dislocation capable of gliding
on the prismatic plane. Then, the dislocation with the compact core glides on the
prismatic plane. Afterward, a compact core redissociates into partial dislocations on
the basal plane. It is evident from Fig. 5.16 that a dominant part of the energy barrier
for the prismatic slip is the energy for the constriction of two partial dislocations
which enables to cross-slip.

This energy barrier is approximately 0.06 eV/b, with b being the Burgers vector
of <a> dislocation. In contrast, the energy barrier for the glide of the compact core
of screw dislocation is much lower, approximately 0.01 eV/b for both prismatic and
pyramidal glide.

The energy barrier computed in this way has two general contributions: (I) the
energy barrier for the motion of an isolated dislocation and (II) the changes to this
barrier arising from the interaction with the periodic images. The contribution (II)
needs to be considered rightly due to an artifact of the supercell geometry. As shown
in Fig. 5.14., Daw’s formulation of the periodic elasticity problem (Daw 2006) can
be applied to estimate the changes in elastic energy within a periodic supercell as the
dislocation moves between A and E. The linear elastic description of the periodic
supercell enables to discern the effects of the periodicity on the computed Peierls
barrier. According to elasticity theory, the contribution of the energy barrier as a
function of supercell size can be drawn by Daw’s formulation which found to be
eliminated by considering in the large supercell limit (~18,000 atoms) (Tsuru and
Chrzan 2015).
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Fig. 5.17 Electronic
structure of a the dissociated
and b the compact
dislocations in Mg. The
projected DOS around the
core is indicated by red and
blue lines and that of the
perfect crystal is indicated by
a black line. Dotted lines and
solid lines indicate s- and
p-states, respectively. Energy
states with respect to the
energy range from −4.0 to
2.0 eV are shown in the inset
(Tsuru and Chrzan 2015).
Reprinted from Sci. Rep.,
vol. 5, Tsuru et al., Fig. 3

Returning to the quantum formulation of the problem, the changes in the electronic
structure associated with the dislocation motion along the prismatic plane. The elec-
tronic structures of the initial and the sixth intermediate configurations corresponding
to the partial and compact dislocations, are shown in Fig. 5.17. The site-projected
density of states (DOS) on the two atom positions around the dislocation core for
the dissociated and compact cores corresponding to states A and C in Fig. 5.16
was examined as well as the atom in the perfect crystal. Thus, the evolution of the
site-projected DOS as the dislocation passes over the Peierls barrier can be captured.

As presented in Fig. 5.17, analyzing the DOS establishes two points. First, the
states of the outermost s electrons ofMg do not change significantly in the dislocation
core. Second, the passage of a dislocation is influenced strongly by the p-states just
below theFermi level. TheDOSaround a site of core region is reduced by the compact
dislocation while the projected DOS for the other site is increased, which means the
DOS changes slightly when the dislocation forms unstable compact core. Even if the
change of DOS is not so significant, the rearrangements are much more pronounced
in the case of the compact core. Furthermore, these p-states participate in the bonding
rearrangements that take place as the core transitions from partials to a compact core
to surmount its Peierls barrier. The changes of the electronic structure as it surmounts
its Peierls barrier constitute the electronic structure during the dislocation motion.
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It is thus interesting to identify substitutional elements which is expected to interact
significantly with the dislocations.

The principle underlying our analysis is not so complicated. Just see how the
electronic structure changes when a substitutional solute is introduced around a
dislocation core. It is expected that a strong chemical hybridization can exist between
electronic states of solute atom and Mg atoms around solute and dislocation core if
the changes occur in the same energy range associated with them. To explore this
idea, the electronic structures of Al, Zn, Y, Ca, Ti, and Zr substitutional atoms within
Mg were examined. Figure 5.18 shows the site-projected DOS of various solutes
around the core. Here, Al and Zn have small effect on the electronic states in the
energy range (−2–0 eV) which is important for the motion of the dislocation. In
contrast, Y, Ca, Ti, and Zr are found to have relatively large changes in this energy
range. Therefore, it is expected that substitutional Y, Ca, Ti, and Zr have strong
interaction with the dislocation motion while Al and Zn will not.

The interaction of the dislocation with substitutional solute atoms can be consid-
ered directly based on this analysis. Figure 5.19 provides a typical comparison
between solutes. Even if the Al solute is added around core region, the disloca-
tion remains dissociated partial dislocations as the Al solute does not influence the

Fig. 5.18 Electronic
structure of Mg and a solute
in a defect-free crystal. a
Projected DOS for three
atoms around Al and Y
solutes. Curves for the
perfect region are shown
with black lines. b DOS for
solute elements (Al, Zn, Y,
Ca, Ti, and Zr) in a
defect-free crystal (Tsuru
and Chrzan 2015). Reprinted
from Sci. Rep., vol. 5, Tsuru
et al., Fig. 4



112 T. Tsuru

Fig. 5.19 Local electronic structure of the dislocation core around a solute. a Projected DOS for
atoms constituting the dislocation core. b DD map and partial charge density for the dislocation
core with a solution with respect to a specific energy range (−2.0–0 eV) (Tsuru and Chrzan 2015).
Reprinted from Sci. Rep., vol. 5, Tsuru et al., Fig. 5

electronic states near the dislocation core. In contrast, due to Y solute which have a
strong interaction make a dissociated dislocation in the basal plane shrink immedi-
ately. Of note, the partial charge density for a dislocation core with Al and Y shows a
similar distribution to those for a dissociated and compact dislocation cores, respec-
tively, in pureMg. Figure 5.19a shows the DOS of Al and Y solutes, where the s- and
p-states of Mg and the d-states of each solute element are given in the same graph.

There is clear difference between two types of elements: Al and Zn have no or few
d-states in the energy range of interest. In contrast, Y, Ca, Ti, and Zr show prominent
d-states below the Fermi level. These d-states are possible for hybridization with the
p-states of the Mg, and ultimately lead to a strong interaction between these alloying
additions and the dislocation core structure. These calculations, therefore, confirm
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Fig. 5.20 Effect of a solid solution strengthening and softening. a Energy differences during the
dislocation motion in the prismatic plane in pure Mg and an Mg–Y. The energy curve when the
dislocation passes through the Y solution is indicated by the red line. b Core structure during the
dislocation overcoming and moving away from the Y solution (Tsuru and Chrzan 2015). Reprinted
from Sci. Rep., vol. 5, Tsuru et al., Fig. 6

that the electronic structure of the dislocation motion can be applied to identify
alloying elements that interact strongly with the dislocations in Mg.

In pure Mg, the glide of a screw dislocation in the prismatic plane is only
possible when the dislocation has the compact core configuration as described above.
According to the electronic structure calculations show, solutes with the strong inter-
action bind to, and thus stabilize the compact core. To confirm this scenario, the
NEB calculation was reemployed, in which a column of Mg atoms was replaced by
Y atoms and the results are shown in Fig. 5.20. Figure 5.20 provides two impor-
tant observations. First, Y solute results in the core transformation from dissociate
partials to compact core when Y is located around dislocation core region. Second,
the influence of Y solute is relatively wide-ranged, approximately 3/2 c in all direc-
tions. Third, the interaction between Y and dislocation is quite significant, which
increase the energy barrier for the basal slip.

Again, plastic anisotropy is one origin of the poor ductility in Mg. In the absence
of solute atoms, screw dislocations glide frequently on the basal plane, whereas
the energy barrier for non-basal slip are quite high. This plastic anisotropy can be
improved if the strength of basal plane slip increases and non-basal slip becomes
more frequent. Some solutes found to have a great potential to increase the barrier
for basal slip as decreasing the barrier of non-basal slip. It becomes more important
to capture the chemical interaction between the dislocation and solutes from the
electronic structure basis (Tsuru 2017).

In summary, dislocation motion has been recognized as one of the most impor-
tant plastons to determine macroscopic plastic deformation. In this section, several
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approaches were introduced to capture the dislocation core structure and dislocation-
related properties through first principles calculations. These approaches have great
potential in the understanding of the fundamental role of dislocation in plastic
deformation grounded in electronic structure calculations.
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Chapter 6
Plaston—Elemental Deformation Process
Involving Cooperative Atom Motion

Haruyuki Inui and Kyosuke Kishida

6.1 Introduction

There is an ever-increasing demand for structural materials that simultaneously
possess high strength and high ductility/toughness. It is, however, very difficult
to achieve this in any material because strength and ductility are in general in
the trade-off relationship. The material of high strength generally exhibits low
ductility/toughness (as in many ceramics) and vice versa. Plastic deformation of
crystalline materials usually occurs by shear deformation along a particular crystal-
lographic plane (referred to as slip) so that the shearing of one portion of a crystal
occurs with respect to another (by the vector called ‘slip vector’) upon the crys-
tallographic plane (called ‘slip plane’), and such slip is usually (in many cases)
carried by a lattice defect called ‘dislocation’, which is defined as the boundary (line
defect) between slipped and unslipped regions on the crystallographic plane (slip
plane) (Fig. 6.1). The dislocation can move on the slip plane under the exerted shear
stress, displacing one portion of a crystal with respect to another by the vector called
‘Burgers vector’. If the stress required to move dislocations is high, the strength of
the material is high but the ductility is low because of the difficulty in the dislocation
motion. If the stress required to move dislocations is low, in contrast, the strength of
the material is low but the ductility is high due to the ease in the dislocation motion.

‘Dislocation’ is a line defect characterized by the Burgers vector and line vector.
By definition, all atoms of one portion of a crystal along the dislocation line are
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Fig. 6.1 General description of the elemental process of plastic deformation of crystallinematerials
with the passage of the deformation front called ‘dislocation’

displaced ‘uniformly’ by an amount determined by the Burgers vector upon the
dislocation motion so that the region of the atom displacement occurring in a line
(that is dislocation) propagates on the slip plane in the crystal under the exerted
shear stress to complete shear (plastic) deformation (Anderson et al. 2017; Nabarro
1967; Friedel 1964; Weertman and Weertman 1964). In this sense, the dislocation
is the deformation front that makes cooperative atom displacement, the magnitude
of which is determined by the slip (Burgers) vector. One point we should notice
here is that the crystal adopts the lowest energy process in plastic deformation, and
it is the motion of dislocations that is the lowest energy process in many cases in
crystalline materials. The ease of such cooperative atom displacement (along the
dislocation line) basically determines the stress necessary to move the dislocation
and its mobility, and hence, is closely related to the strength and ductility/toughness
of the material. Of course, the strength and ductility/toughness are not determined
solely by the intrinsic nature of the crystalline lattice of the material as described
above and are dependent also on microstructural features such as grain size and
incorporation of alloying elements and other phases (Anderson et al. 2017; Nabarro
1967; Friedel 1964; Weertman and Weertman 1964). The material property has thus
been altered in positive ways by tuning these microstructural parameters. One way
to break the trade-off relationship between strength and ductility/toughness is to
activate a deformation mode different from the dislocation discussed above. Since
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Fig. 6.2 Schematic
stress-strain curve for
materials with increased
strength and ductility by
subsequent activation of
different deformation modes

the dislocation is a simple lattice defect that can move relatively easily, the initial
plastic flow would be carried by these dislocations. But, if a deformation mode
different from ‘dislocation’ can operate once these dislocations encounter difficulty
in their further motion in the course of deformation, both strength and ductility are
expected to increase simultaneously (Fig. 6.2). Deformationmodes different from the
dislocation include dislocations with a different Burgers vector (such as those with
the a+c Burgers vector in HCP crystals) and those with a different shear mechanism
(such as synchroshear (Kronberg 1957) and zonal shear (Kronberg 1959, 1961)),
twinning (Read-Hill et al. 1963; Cristian and Mahajan 1995), phase transformation
and something else (related to grain boundary motion and so on) (Anderson et al.
2017; Nabarro 1967; Friedel 1964;Weertman andWeertman 1964). TWIP and TRIP
steels (Frommeyer et al. 2003; Cooman et al. 2018) as well as, more recently, high-
entropy alloys with the FCC structure (Otto et al. 2013; Gludovatz et al. 2014)
are some nice examples, in which simultaneous achievement of high strength and
high ductility is realized by inducing the activation of different deformation modes
following the starvation of the primary mode of dislocation.

It seems very important to understand how we can activate not only the primary
deformationmode (the simple dislocation) but also the secondary (and tertiary) defor-
mation mode(s), in terms of stress level/state, crystallographic orientation, grain size
and orientation relationships with neighboring grains and so on for the develop-
ment of structural materials with high strength and ductility/toughness. We call all
these deformation modes including the primary dislocation ‘plaston’ (see the reason
below) and discuss the importance of the understanding of the activation of various
plastons for achieving high strength and ductility/toughness.
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6.2 Nucleation and Motion of Plastons (Possible
Deformation Modes) Under Stress

Crystalline materials generally contain grown-in dislocations that are introduced
during solidification (and forming as well) unless otherwise some particular care is
taken. Grown-in dislocations are in general simple dislocations that can move at the
lowest stress levels (among the available deformation modes in the material), since
they are introduced most easily in order to relieve internal stresses developed during
solidification. If the stress level for the dislocation motion is too high (as in many
brittlematerials), thematerial cracks instead of introducing dislocations.Uponplastic
deformation, these grown-in dislocations move and multiply new dislocations once
external stress sufficiently high enough to move them is applied to the material. This
is because these dislocations are the weakest parts of the material under stress such
that cooperative atom displacements along the dislocation line can occur most easily,
when compared to otherwise perfect portions without any lattice defects. Multiplica-
tion of dislocations from these grown-in dislocations is what usually occurs in most
bulk crystalline materials during deformation. As the specimen size becomes smaller
down to sub-micron meter sizes, however, the possibility to find out grown-in dislo-
cations in the specimen becomes lower, such that plastic deformation occurs by the
nucleation of new dislocations and their subsequentmotion (but not bymultiplication
of dislocations from the pre-existing grown-in dislocations), as have frequently been
seen in whisker and micro- and nano-pillar specimens (Uchic et al. 2004; Okamoto
et al. 2013, 2014, 2016; Chen et al. 2016; Zhang et al. 2017; Kishida et al. 2018, 2020;
Higashi et al. 2018). When there is no available pre-existing (grown-in) dislocation
at the beginning of plastic deformation, the stress level for deformation is known to
be quite high from experiments with whisker and micro- and nano-pillar specimens.

One of the typical examples that are accompanied by the nucleation of dislo-
cation during plastic deformation is shown in Fig. 6.3 for the case of micropillar
compression tests made for two different orientations of single crystals of Ti3Al
with the DO19 (ordered HCP) structure. Because of the brittleness of this particular
intermetallic together with the small specimen size, it is fairly a safe assumption
that there are virtually no grown-in dislocations available at the beginning of plastic
deformation. Two different deformation modes are activated depending on crystal
orientation. Pyramidal a+c ({112 1}<1126>) slip with the highest CRSS value in
the bulk is observed to operate in the whole specimen size range investigated for the
[0001] orientation, while pyramidal a+c ({1121}<1126>) slip is replaced by prism
a ({1100}<1120>) slip as the specimen size decreases for the [2110] orientation
with the slip system transition occurring at around 6 μm. In view of the fact that
grown-in dislocations, if exist, are expected to have a Burgers vector b= 1/3<1120>,
plastic deformation is believed to occur by the nucleation of dislocations and their
subsequent motion. This is believed to be the case not only for the [0001] and [2110]
oriented micropillar specimens where a+c dislocations are activated but also for
smaller micropillar specimens with the [2 110] orientation, since the CRSS (critical
resolved shear stress) values for prism a slip obtained inmicropillars are considerably
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Fig. 6.3 Micropillar compression tests on a-d [0001]- and e-h [2110]-orientedTi3Al single crystals

higher than that for the bulk. If we assume that the yield stress (CRSS) observed in
micropillar compression tests is well correlated with the nucleation stress for dislo-
cations, the nucleation stress for dislocations of a particular slip system obviously
varies with the specimen size. The fact that the operative deformation mode changes
with the specimen size even with the same orientation (the slip system transition for
the [2110] orientation in Ti3Al) clearly indicates that the selection of operative defor-
mation mode is the subject that is determined by stress level/state, crystallographic
orientation, specimen size (grain size) and so on. Although the above example deals
with dislocations with different Burgers vectors (a and a+c), it is obvious that other
deformation modes including twinning, phase transformation and something else
(related to grain boundary motion and so on) can all be subject to be considered for
the nucleation under stress as deformation modes to carry plastic strain, as will be
detailed in the next section.

When deformation is made along a fixed path (as in uniaxial tensile and compres-
sion tests), lattice instability starts to occur as the stress (strain) increases so that
the saddle (bifurcation) point is passed (Fig. 6.4). The lattice instability may be
evaluated, for example, by the positivity of elastic stiffness constants (Born’s lattice
instability criteria) (Yashiro 2012). If this occurs in some local area of the specimen
(as can happen due to stress concentration at (even atomic) steps on the specimen
surface), the area of such lattice instability is considered to contain atoms that are
cooperatively exited and that change their arrangement energetically suitable to the
exerted stress/strain state (cooperative atom displacement). Such a change in the
atomic arrangement under stress produces a dislocation in some cases and other
deformation carriers (twinning, phase transformation and so on) in other cases. We
believe this is the nucleation of plastons (Fig. 6.5a). The nucleation of plastons may
occur at steps on the specimen surface (more precisely, on the corner edge of the
specimen) to avoid any significant constraint from the surroundings in the case of
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Fig. 6.4 Lattice instability occurring during deformation along a fixed path at high stress levels,
where the positivity of elastic stiffness constants is violated (after Yashiro (2012))

Fig. 6.5 a General schematics of nucleation and motion of plaston. Nucleation of plaston in b
single crystal and c polycrystals
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single-crystalline micro- and nano-pillars (Fig. 6.5b). But, the nucleation of plastons
at the grain boundary must be more important when considering bulk polycrystalline
materials in practical use for deformation propagation across the grain boundary
(Fig. 6.5c). We also believe that the deformation mode (plaston) selected among
possible deformation modes must be that which involves the atomic process of the
lowest energy depending on stress level/state, crystallographic orientation, specimen
size (grain size) and so on for a particular material. Their subsequent motion must
also be dependent on stress level/state, crystallographic orientation, specimen size
(grain size) and so on, so that the deformation mode difficult to move may not be
selected to contribute to the plastic flow of the material. Atoms that are cooperatively
excited are generated locally under stress and they change the atomic arrangement
to energetically fit with the exerted stress/strain state, crystallographic orientation,
orientation relationship with neighboring grains (in the case of polycrystals) and so
on during deformation, generating (nucleating) the deformation carries (plastons),
and they spread as a line defect (in many cases, along a particular crystallographic
plane) in the crystal to carry plastic strain. We call these deformation carriers ‘plas-
tons’. We have to think of both the nucleation and motion of these plastons, as in the
case of dislocations. Needless to say, these deformation carriers are not necessarily
dislocations but can be others.

6.3 Cooperative Motion of Atoms in Plastons

When grown-in dislocations are available, they move and multiply new dislocations
once external stress sufficiently high enough to move them is applied to the material
(Anderson et al. 2017; Nabarro 1967; Friedel 1964; Weertman andWeertman 1964).
In this case, these dislocations are the weakest parts of the material under stress such
that cooperative atom displacements along the dislocation line can occur most easily.
In this way, simple dislocations are plastons (deformation carriers) that carry plastic
flow at least in the early stages of plastic deformation in many conventional metallic
materials (the inset of Fig. 6.1).

When these grown-in dislocations are not available (as in nano- and micro-pillars,
ultrafine-grained materials and hard and brittle materials), the nucleation of plas-
tons (deformation carriers) is needed to initiate plastic flow so that atoms that are
cooperatively exited change their arrangement energetically suitable to the exerted
stress/strain state (cooperative atom displacement). The simplest way to achieve this
may be to nucleate simple dislocations. But, if this is not possible (for example, by
the reason of the unfavorable crystal orientation, unfavorable orientation relation-
ship with neighboring grains, too high stress level for simple dislocations due to
work-hardening and so on), plastons (deformation carriers) different from simple
dislocations will be selected at stress levels higher than that for simple dislocations.
These plastons nucleated at higher stress levels include dislocations with a different
Burgers vector (such as those with the a+c Burgers vector in HCP crystals) and
those with a different shear mechanism (such as synchroshear (Kronberg 1957) and
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zonal shear (Kronberg 1959, 1961)), twinning (Read-Hill et al. 1963; Cristian and
Mahajan 1995), phase transformation and something else (related to grain boundary
motion and so on)) (Anderson et al. 2017; Nabarro 1967; Friedel 1964; Weertman
and Weertman 1964).

Here, we take an example of twinning as a plaston to explain cooperative atom
displacement occurring in the nucleation and in the propagation as the deformation
front during plastic deformation. In deformation twinning in HCP metals, the nucle-
ation of a twin is known usually to occur at the surface or at the grain boundary. The
nucleation of a twin may occur in some area that contains atoms cooperatively exited
and change their arrangement energetically suitable to the exerted stress/strain state,
crystallographic orientation, specimen size (grain size) and so on for a particular
material. This is discussed in detail by Tanaka and Togo in a different chapter of this
book and will be briefly described in the next section. Then, the area propagates as
a plaston (deformation front) making a complicated cooperative atomic motion as
frequently called ‘shuffling’, as this cannot be expressed with a single displacement
vector (Fig. 6.6b). This occurs because HCP metals are ‘diatomic’ having two atoms
at each of the primitive hexagonal lattice points, in contrast to the case of FCC and
BCC metals, in which only a single atom is allocated to each of the face-centered
and body-centered cubic lattice points (‘monoatomic’), respectively. Displacements
of atoms in the plaston (deformation front) are thus the same for all atoms in FCC
and BCC metals, coinciding exactly to the Burgers vector of the ‘twinning’ partial
dislocation. However, displacements of atoms in the plaston (deformation front) in
‘multi-atomic’ materials (with multiple atoms at each lattice point) generally differ
from atom to atom and they do not generally coincide with the displacement vector of
the relevant lattice points. In this case, the displacement vector of the relevant lattice

Fig. 6.6 Plastons of different types; a simple dislocation, b twinning, c synchroshear dislocation
and d zonal dislocation. Compare the simple dislocation in the inset of Fig. 6.1
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points is often assigned as the Burgers vector of the twinning dislocation for conve-
nience. In this sense, the ‘twinning dislocation’ in ‘multi-atomic’ materials is quite
different from that in ‘monoatomic’ materials. The fact that all atom displacements
cannot be described simply with the Burgers vector indicates clearly that propagation
of the plaston (deformation front) indeed includes the cooperative motion of atoms
of the lowest energy under stress.

There are some particular dislocations that may involve a volume for cooperative
atommotion probably larger than that for simple dislocations during their nucleation
andmotion. The way of cooperative atommotion for these dislocations is necessarily
more complicated because the shearing process with these dislocations involves a
few to several successive parallel atomic planes, in contrast to simple dislocations
for which the shearing process involves a single atomic plane. The ‘synchroshear’
dislocation involves multiple (two, in many cases) successive parallel slip planes
displaced synchronously along different (Burgers) vectors on each of the planes so
as to give the displacement corresponding to the sum of the all vectors as a whole
(Fig. 6.6c). This conceptwas first predicted for basal slip in alumina (Kronberg 1957),
then for slip in compounds of the Laves phase (Chu and Pope 1984; Hazzledine and
Pirouz 1993). The concept was proved experimentally first in transition-metal sili-
cides with the C40 structure (Moriwaki et al. 1997; Inui et al. 1998) and then for basal
slip in Laves-phase compounds (Kumar and Hazzledine 2004). The ‘zonal’ disloca-
tion involves much more parallel slip planes called ‘shear zone’ in which atoms in
the slab move non-uniformly but cooperatively by varying amounts (Fig. 6.6d). A
typical example is prism a+c slip in HCP metals, as detailed in the past (Kronberg
1961). Slip in sigma-phase compounds is another example, in which atomic rings in
the Kagome layers are forced to make a rotation in a cooperative manner. This was
proved experimentally to occur for {110}<001> slip recently (Kishida et al. 2020).

We believe that the nucleation and motion of plastons are important also in bulk
metallic glasses [for example, (Kumar et al. 2010)]. In bulk metallic glasses, plastic
deformation is known to occur by the passage of the so-called shear zone (Ogata
et al. 2006). Cooperative atom motion must occur at the front of the shear zone to
energetically fit the exerted stress, sometimes generating another glass structure of
the lower energy, referred to as rejuvenation (Meng et al. 2012).

All these indicate that the cooperative and complicated atom motion occurs in
general in the deformation front under stress in many different materials. Of impor-
tance to remember is that such cooperative and complicated atom motion is some-
times energetically favored under certain circumstances in particular materials. It is
thus very important to consider howwecan control the occurrenceof such cooperative
and complicated atom motion.
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6.4 Origin of Cooperative Atom Motion in the Nucleation
of Plastons

Plastons that make an energetically favorable cooperative atommotion will be nucle-
ated depending on the exerted stress/strain state, crystallographic orientation, orien-
tation relationship with the neighboring grain and specimen size (grain size), as
discussed above. We now show how the selection of deformation mode (carrier)
would be made by taking an example of deformation twinning in HCP metals only
briefly, since this is discussed in detail by Tanaka and Togo (Tanaka and Togo this
book) in a different chapter of this book. As discussed in Sect. 6.2 of this paper, the
nucleation of plastons will be made in some local area of the specimen in which
lattice instability occurs as a result of high stress/strain. Then, the question is how
such lattice instability occurs. Tanaka andTogo have indicated that phonon instability
occurring as the shear stress/strain increases triggers the cooperative atom rearrange-
ment accompanied by crystal symmetry breaking, resulting in {1012} twinning in
Ti in their first-principles calculations. According to them, the cooperative atom
motions during shuffling are correctly predicted. The selection of {1012} twinning
as the plaston to carry plastic strain occurs of course only when the crystal is oriented
favorably for its occurrence. Otherwise, the selection of other modes will be ener-
getically more favored. Although yet to be proved by first-principles calculations,
slip with dislocations of the particular type will be similarly selected as the lowest
energy process driven by lattice instability depending on crystal orientation (the
magnitude of shear stress acting on the relevant deformation modes). Of importance
to note is that the selection of plaston is made as the lowest energy process driven by
lattice instability that triggers the cooperative atom rearrangement, depending on the
exerted stress/strain state, crystallographic orientation, orientation relationship with
the neighboring grain and specimen size (grain size).

6.5 Applications of the Concept of Plastons
to the Improvement of Mechanical Properties
of Structural Materials

Structural materials are used usually in the form of polycrystals mostly for economic
reasons, except for some examples such as Ni-based superalloys used as turbine
blades. This means that the concept of plastons should be applied effectively to
polycrystalline materials in practical use for the improvement of mechanical prop-
erties of existing structural materials and for the development of new materials with
high strength and high ductility/toughness. Although plastons are explained and
discussed mainly with single crystals for ease of understanding in this paper, the
nucleation of plastons at the grain boundary has to be taken into account (Fig. 6.5c).
When deformation propagates across the grain boundary in polycrystalline mate-
rials, the nucleation of deformation mode (carrier) occurs in a new grain adjacent to
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the already-deformed grain or at the grain boundary between the two grains so as to
satisfy strain compatibility across the grain boundary. Which deformation mode is
selected upon deformation propagation across the grain boundary would be deter-
mined by the stress level/state and crystallographic orientation of the new grain
(magnitude of shear stress), orientation relationship between the two adjacent grains
(strain incompatibility), stress level/state of the grain, grain size and so on. Generally
speaking, if the grain size is large on the milli-meter order, the deformation mode
with the lowest CRSS (simple dislocations in most cases) is usually selected, unless
there is some special orientation relationship among grains. In this case, slip carried
by simple dislocations is observed in all grains throughout the specimen. This is
actually the main cause of the low formability of many HCP metals, in which defor-
mation modes with the c-axis component are hardly activated because of the higher
CRSS values. However, there is an increasing possibility to activate deformation
modes other than simple dislocations as the stress level increases, for example, by
reducing the grain size (ultra fine-grained materials) and by strengthening through
solid-solution hardening (high-entropy alloys). If some different deformation modes
are activated as the stress level increases, following the primary slip with simple
dislocations, high strength and high tensile ductility are expected to simultaneously
be achieved (Fig. 6.2).

TWIP and TRIP steels (Frommeyer et al. 2003; Cooman et al. 2018) and high-
entropy alloys (Otto et al. 2013; Gludovatz et al. 2014) are a good example for
this. In addition to slip by simple dislocations, partial dislocations to produce twins
and/or ε-martensite are activated at high stress/strain levels, leading to high strength
and ductility. Obviously, the stacking fault energy and the relative energy difference
between the relevant FCC and HCP phases are parameters to control the activa-
tion of partial dislocations to produce twin and/or ε-martensite, as the twinning
stress, for example, has been believed to correlate positively with the stacking fault
energy (Venables 1961). Of interest to note is that the opposite trend (negative corre-
lation between the twinning stress and stacking fault energy) is recently reported
(Laplanche et al. 2017), indicating that there is still enough room to investigate
how we can activate partial dislocations to produce twins and/or ε-martensite in
FCC-based alloys.

Ultra fine-grained materials may be another good example of this. As the grain
size decreases, the strength of these ultra fine-grainedmaterials is increased, but at the
same time, the ductility generally decreases catastrophically. However, once defor-
mationmodes other than slip by simple dislocations are activated, the improvement of
ductility is sometimes observed (Tsuji et al. 2020). The activation of partial disloca-
tions to produce twins and/or ε-martensite, other dislocations with different Burgers
vectors, disclinations and grain boundary sliding may contribute to the improve-
ment of ductility of ultra fine-grained materials. An example is shown for ultra fine-
grained Mg with the HCP structure in Fig. 2 of (Tsuji et al. 2020). Pyramidal a+c
slip is observed to operate, in addition to primary basal a slip, once the grain size
is reduced below 1∼2 μm, significantly improving the tensile ductility. This is an
example showing how a high-stress state achieved by reducing the grain size can
activate a deformation mode other than simple dislocations. The change in the c/a
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axial ratio by alloying is known to be effective to induce deformation modes with
the axis component in HCP metals (for example, Al additions to Ti, and Zn and
rare-earth element additions to Mg).

However, almost nothing is known about how we can effectively activate these
additional deformationmodes at high stress/strain levels in a general sense. Although
some examples are shown above, the effects of orientation relationships among adja-
cent grains (texture) including those with the hard secondary phase grains have
remained largely unknown in spite of the primary importance for actual structural
materials in practical applications. It seems very important to investigate howwe can
effectively activate these additional deformation modes with the concept of plastons
as outlined in this paper for the improvement of mechanical properties of existing
structural materials and the development of new materials with high strength and
high ductility.

6.6 Conclusions

Plaston is defined as a defect that is nucleated and propagates as a line defect of the
deformation front to carry plastic flow under shear stress. The nucleation of plastons
occurs in some local area of the specimen of lattice instability such that atoms in
that local area are cooperatively exited and change their arrangement energetically
suitable to the exerted stress/strain state (cooperative atom displacement) to form a
plaston of the lowest energy. The selection of a plaston of a particular type among
many different plastons depends on stress level/state, crystallographic orientation,
specimen size (grain size) and so on. The importance of the understanding of the
activation of various plastons is discussed.
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Chapter 7
TEM Characterization of Lattice Defects
Associated with Deformation
and Fracture in α-Al2O3

Eita Tochigi, Bin Miao, Shun Kondo, Naoya Shibata, and Yuichi Ikuhara

7.1 Introduction

Alumina (α-Al2O3) is structural ceramics used for various applications such as refrac-
tory material, thermal coating, and film substrates. The mechanical behavior of
alumina has been extensively investigated for decades. Discussion on microstruc-
tural plastic deformation mechanisms for single-crystalline alumina (sapphire) was
started by Kronberg in 1957 (Kronberg 1957), who proposed dislocation behavior

E. Tochigi (B) · B. Miao · S. Kondo · N. Shibata · Y. Ikuhara
Institute of Engineering Innovation, The University of Tokyo, 2-11-16 Yayoi, Bunkyo-ku, Tokyo
113-8656, Japan
e-mail: tochigi@sigma.t.u-tokyo.ac.jp

B. Miao
e-mail: miao@sigma.t.u-tokyo.ac.jp

S. Kondo
e-mail: kondou@sigma.t.u-tokyo.ac.jp

N. Shibata
e-mail: shibata@sigma.t.u-tokyo.ac.jp

Y. Ikuhara
e-mail: ikuhara@sigma.t.u-tokyo.ac.jp

E. Tochigi
PRESTO, Japan Science and Technology Agency, 4-1-8, Honcho, Kawaguchi, Saitama 332-0012,
Japan

N. Shibata · Y. Ikuhara
Nanostructures Research Laboratory, Japan Fine Ceramics Center, 2-4-1, Mutsuno, Atsuta-ku,
Nagoya 456-8587, Aichi, Japan

S. Kondo · Y. Ikuhara
Center for Elements Strategy Initiative for Structural Materials (ESISM), Kyoto University,
Yoshidahonmachi, Sakyo-ku, Kyoto 606-8501, Japan

© The Author(s) 2022
I. Tanaka et al. (eds.), The Plaston Concept,
https://doi.org/10.1007/978-981-16-7715-1_7

133

http://crossmark.crossref.org/dialog/?doi=10.1007/978-981-16-7715-1_7&domain=pdf
mailto:tochigi@sigma.t.u-tokyo.ac.jp
mailto:miao@sigma.t.u-tokyo.ac.jp
mailto:kondou@sigma.t.u-tokyo.ac.jp
mailto:shibata@sigma.t.u-tokyo.ac.jp
mailto:ikuhara@sigma.t.u-tokyo.ac.jp
https://doi.org/10.1007/978-981-16-7715-1_7


134 E. Tochigi et al.

for the basal slip and basal twinning based on crystallographic considerations. Exper-
imental characterizations of dislocations in deformed alumina crystals were actively
performed by transmission electron microscopy (TEM) from the 1970s to 1990s
(Pletka et al. 1974; Bilde-Sørensen et al. 1976, 1996; Mitchell et al. 1976; Firestone
and Heuer 1976; Lagerlöf et al. 1984, 1994), and their structural details, such as
Burgers vectors and dissociation reactions, have been revealed. These studies deep-
ened my understanding of the plastic deformation processes of sapphire based on
dislocation behavior. Since plastic deformation essentially corresponds to atomic
rearrangement due to applied load, the atomistic behavior during plastic deforma-
tion has often been discussed, even by Kronberg. However, experimental evidence
on atomic structures had not been obtained for years because of the lack of imaging
techniques. With the development of TEM techniques, atomic-scale observations
of dislocations in alumina were eventually realized since the 2000s, and their core
atomic structures have been characterized so far (Nakamura et al. 2002, 2006; Ikuhara
et al. 2003; Shibata et al. 2007; Heuer et al. 2010; Tochigi et al. 2010, 2011, 2012,
2015, 2016, 2017, 2018; Miao et al. 2019). Note that some of these studies examined
dislocations in low-angle grain boundaries. The dislocation character characterized
by Burgers vector and line direction can be controlled through the grain boundary
orientation, and a dislocation equivalent to one introduced by plastic deformation
can be easily obtained.

In situ TEM indentation experiment is a powerful technique to investigate
microstructural evolution upon loading. Modern indentation holders for TEM are
driven by a piezo actuator, and the indenter tip can be controlled in the sub-nanometer
step (ex. PI-95, Bruker Corp.). To apply a load at a specific local area in a sample,
deformation or fracture phenomena can be induced in a controlledmanner. In general,
in situ TEM indentation is performed in a conventional TEM because of the limi-
tation of equipment compatibility. The experimental information is limited to the
nanometer scale. Thus, post-mortem characterization by atomic-resolution TEM is
often carried out to obtain detailed information at the atomic level. For alumina,
crack propagation (Sasaki et al. 2012; Kondo et al. 2019) and dislocation forma-
tion phenomena (Miao et al. 2019) have been investigated by in situ indentation and
atomic structure analysis so far.

In this report, we review our recent progress on structural analysis of lattice
defects in alumina by TEM observations. In Sect. 7.2, the structures of dislocations
with the Burgers vector b = 1/3<112̄0>, <11̄00>, and 1/3<1̄101> formed in
low-angle grain boundaries are discussed based on experimental observations. In
Sect. 7.3, the formation of a 1/3<112̄0> mixed basal dislocation and fracture of
Zr-doped

{
11̄04

}
/<112̄0>

∑
13 grain boundary are demonstrated by in situ TEM

indentation experiments. These phenomena are further investigated at the atomic
level based on atomic-resolution scanning TEM (STEM) observations performed
after the indentation experiments.
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7.2 Atomic Structure Analysis of Dislocations in Low-angle
Boundaries

The plastic deformation of alumina is mainly produced by dislocation slip at elevated
temperatures. The slip systems of alumina are known to be (0001)1/3<112̄0> basal
slip (Kronberg 1957; Pletka et al. 1974; Mitchell et al. 1976; Lagerlöf et al. 1984,
1994; Bilde-Sørensen et al. 1996; Nakamura et al. 2002; Shibata et al. 2007; Heuer
et al. 2010;Miao et al. 2019), {112̄0}<11̄00> prism-plane slip (Bilde-Sørensen et al.
1976; Lagerlöf et al. 1984), and {11̄02}1/3<1̄101> ({101̄1} and {21̄1̄3} planes are
also possible to be slip planes) pyramidal slip (Firestone and Heuer 1976). Thus,
the 1/3<112̄0>, <11̄00>, and 1/3<1̄101> dislocations play an important role in
the plastic deformation of alumina. Conventional TEM studies revealed that these
dislocations are basically dissociated into some partial dislocations with stacking
faults in between (Bilde-Sørensen et al. 1976; Mitchell et al. 1976; Lagerlöf et al.
1984, 1994). So far, their detailed atomic structures had not been well characterized.

Atomic-resolution TEM is a powerful technique to directly observe the atomic
structure of a dislocation. Since this method provides a projected image of three-
dimensional structures, the observed dislocation must be straight at end-on orien-
tation. However, such dislocations are rarely found in a deformed crystal. Instead,
low-angle grain boundaries can be used. They are divided into tilt and twist bound-
aries, which consist of an edge dislocation array and a screw dislocation network,
respectively. The Burgers vector and line direction of the dislocations depend on the
grain boundary orientation. Basically, an edge dislocation in a low-angle tilt grain
boundary has the Burgers vector corresponding to the translation vector perpendic-
ular to the boundary plane and line direction parallel to the rotation axis. A screw
dislocation in a low-angle twist grain boundary has the Burgers vector and line direc-
tion corresponding to the smallest translation vector on the boundary plane. Based on
these relationships, dislocation structures can be controlled through grain boundary
orientation.

To obtain 1/3<112̄0>, <11̄00>, and 1/3<1̄101> dislocations, alumina
bicrystals with the {112̄0}/<11̄00>, (0001)/[0001], (11̄00)/<112̄0>, and
(0001)/<11̄00>, low-angle grain boundary were fabricated by joining two pieces
of single crystals at 1500 °C for 10 h in air. Thin foil samples with a grain boundary
for TEM observations were prepared from the bicrystals by cutting, mechanical
grinding, and Ar ion milling. The samples were observed by using conventional
TEM (JEM-2010HC, 200 kV, JEOL), high-resolution TEM (HRTEM: JEM-4010,
400 kV, JEOL), and scanning TEM (STEM: ARM-200F, 200 kV, JEOL).

7.2.1 1/3<112̄0>Basal Edge Dislocation

1/3<112̄0> vector is the translation vector perpendicular to the {112̄0} plane. It is
considered that the {112̄0} low-angle tilt grain boundary consists of 1/3<112̄0>
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edge dislocations. Figure 7.1 shows a bright-field TEM image of the {112̄0}<11̄00>
2° low-angle tilt grain boundary. Dark contrast pairs periodically array in line with a
separation distance of ~13 nm, suggesting that the 1/3<112̄0> dislocation dissoci-
ates into two partial dislocations with a stacking fault in between. The tilt angle of the
grain boundary 2θ and the dislocation configuration are related to Frank’s formula,
2θ = b/d (Frank 1951), where b is the magnitude of the Burgers vector of the perfect
dislocation (0.476 nm) and d is the distance between the perfect dislocations. The tilt
angle is estimated to be 2.1°, which agrees with the designed value. Previous TEM
studies and crystallographic considerations revealed that the dissociation reaction of
1/3<112̄0> dislocation follows the equation below (Mitchell et al. 1976; Lagerlöf
et al. 1984, 1994; Ikuhara et al. 2003; Nakamura et al. 2006; Tochigi et al. 2008):

1/3 < 112̄0 >→ 1/3 < 101̄0 > +1/3 < 011̄0 > . (7.1)

Figure 7.2 shows an HRTEM image of the 1/3<112̄0> dislocation viewed along
<11̄00> direction. The two extra-half planes are located along [0001] direction with
a separation distance of about 3 nm. This indicates that the dislocation consists of
two partial dislocations with a stacking fault on {112̄0} plane, although the stacking

Fig. 7.1 TEM image of the {112̄0}/<11̄00> 2° tilt grain boundary of alumina. Dislocation pairs
periodically array along the grain boundary (Nakamura et al. 2006; Tochigi et al. 2008)

Fig. 7.2 HRTEM image of a dislocation pair viewed along [11̄00] direction. The perfect dislocation
dissociates into two partial dislocations with a stacking fault on (112̄0) plane. The Burgers circuit
indicates that the perfect dislocation has an edge component of 1/3[112̄0] and the partial dislocations
have 1/6[112̄0] (Nakamura et al. 2006)
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fault appears like the bulk in the present [11̄00] projection. Since the two partial
dislocations are on different slip planes, this dissociation is found to occur by climb
mechanism with atomic diffusion. Theoretical studies suggested that the formation
energy of stacking faults (stacking fault energy) on the (0001) plane is at least one
order higher than that on the {112̄0} plane (Y. 2008; Kenway 1993;Marinopoulos and
Elsässer 2001). This would be the reasonwhy the 1/3<112̄0> edge dislocation does
not dissociate on the (0001) plane by glidemechanism. TheBurgers circuit shows the
edge component of the partial dislocations is 1/6<112̄0>. This is consistent with the
partial dislocations that have the Burgers vector of 1/3<101̄0> and 1/3<011̄0>,
the edge components ofwhich are 1/6<112̄0>. The formation energy of the stacking
fault (stacking fault energy) formed between two partial dislocations can be estimated
from the separation distance based on the linear elastic theory. For a low-angle grain
boundary, contributions from all the dislocations depending on their configurations
need to be taken into account. In the present case, the stacking fault energy (γ) is
calculated by the following equation (Ikuhara et al. 2003; Jhon et al. 2005):

γ = μb2p(2 + ν)

8π(1 + ν)
· 1
d

∞∑

n=0

(
1

n + α
− 1

n + 1 − α

)
, (7.2)

whereμ is the shearmodulus (~150GPa (Nakamura et al. 2009)), bp is themagnitude
of the Burgers vector of the partial dislocations (0.275 nm), ν is Poisson’s ratio (~0.24
(Chung and Simmons 1968)), and α is d1/d (d1: the spacing between the partial
dislocations). Substituting the averaged values of d = 13.2 nm and d1 = 4.6 nm
into Eq. 7.2, the formation energy was estimated to be 0.32 Jm−2, which agrees with
the values estimated by HRTEM observations of a basal dislocation in a deformed
crystal (0.28 Jm−2 (Nakamura et al. 2002)) and by first-principles calculations (0.35
Jm−2 (Marinopoulos and Elsässer 2001)). It can be said that analysis of low-angle
boundaries is useful to obtain structural information of dislocation.

7.2.2 1/3<112̄0> Basal Screw Dislocation

Three equivalent translation vectors of 1/3<112̄0> exist on the (0001) basal plane,
and thus a (0001) low-angle twist grain boundary should consist of a network of
1/3<112̄0> screw dislocations. Figure 7.3 shows a plan-view bright-field TEM
image of a (0001)/[0001] low-angle twist grain boundary (Tochigi et al. 2012). A
hexagonal dislocation network is observed. Since the dislocation line directions are
parallel to either of [112̄0], [12̄10], and [2̄110] directions, the dislocation network
consists of the 1/3<112̄0> screw dislocations. The periodicity of equivalent dislo-
cations (d) is about 60 nm. The twist angle (ϕ) can be calculated to be 0.45°. To char-
acterize the core atomic structure of the 1/3<112̄0> screw dislocation, a <112̄0>
cross-sectional sample was prepared and observed by HRTEM. Figure 7.4 shows
the core atomic structure of the 1/3<112̄0> screw dislocation. A little contrast
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Fig. 7.3 Plan-viewTEM image of the (0001)/[0001] twist grain boundary of alumina.A hexagonal
dislocation network is formed. The line direction of dislocations is either of [112̄0], [12̄10], and
[2̄110], indicating that they are 1/3<112̄0> screw dislocations (Tochigi et al. 2012)

Fig. 7.4 HRTEM image of
1/3<112̄0> screw
dislocation viewed end on.
The lattice disorder at the
center corresponds to the
dislocation core. The circuit
without disconnection shows
that it is the perfect screw
dislocation (Tochigi et al.
2012)

disorder appears at the center without any lattice discontinuities as shown by the
closed circuit, indicating the presence of the screw dislocation. This screw disloca-
tion is in the perfect type in contrast to the basal edge dislocation consisting of the
partial dislocation pair. If the screw dislocation dissociates by climb mechanisms
following Eq. 7.1, the accumulation of extra atoms or vacancies between partial
dislocations is structurally required. This process may need high energy and is diffi-
cult to occur. A more detailed discussion on the dissociation mechanisms of basal
dislocations will be given in Sect. 7.3.1.
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7.2.3 <11̄00> Edge Dislocation

Figure 7.5 shows a bright-field TEM image of a {11̄00}/<112̄0> low-angle 2° tilt
grain boundary (Tochigi et al. 2010, 2016). Dark contrast triplets periodically array
in line. Since the translation vector normal to the {11̄00} plane is <11̄00>, the dark
contrast triplet is originated from the 1/3<11̄00> partial dislocation triplets formed
by the following dissociation reaction:

< 11̄00 >→ 1/3 < 11̄00 > +1/3 < 11̄00 > +1/3 < 11̄00 > . (7.3)

Figure 7.6 shows an HRTEM image of the 1/3<11̄00> partial dislocation
triplet. The partial dislocations are located along the [0001] direction with sepa-
ration distances of approximately 10.1 and 10.9 nm from the left-hand side. Two
stacking faults are formed on the {11̄00} plane, and they are structurally inequivalent
(Lagerlöf et al. 1984). As a result of detailed analysis, it was found that the left
stacking fault has the stacking sequence of …ABCCABC… referred to as I2 type,
and the right one has …ABCBCABC… referred to as V type (Tochigi et al. 2010).
In the present case, their stacking fault energies can be calculated by the following
equations:

Fig. 7.5 TEM image of the {11̄00}/<112̄0> 2° tilt grain boundary of alumina. The grain boundary
consists of dislocation triplets (Tochigi et al. 2010)

Fig. 7.6 HRTEM image of a dislocation triplet view along [112̄0]. The circuit shows that the perfect
dislocation has the Burgers vector of[11̄00]. The stacking faults are formed on {11̄00} plane. A
detailed analysis found that the left stacking fault has the staking sequence of …ABCCABC… (I2
type) and the right one has …ABCBCABC… (V type) (Tochigi et al. 2010)
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where α1 is d1/d (d1: the width of stacking fault I2) and α2 is d2/d (d2: the width of
stacking fault V). Substituting the experimental averaged values of d = 22 nm, d1 =
4.9 nm, and d2 = 5.7 nm, into Eqs. (7.4) and (7.5), the stacking fault energies γ I2 =
0.44 Jm−2 and γ V = 0.35 Jm−2, which agree with the values estimated by theoretical
studies using first-principles calculations, 0.46 and 0.41 Jm−2. Note that the<11̄00>
edge dislocation associated with {112̄0}<11̄00> slip has the line direction along the
[0001] direction and is not structurally equivalent to the dislocation characterized
here. The slip dislocation is also known to dissociate into three partial dislocations
with {11̄00} stacking faults following Eq. (7.3) (Bilde-Sørensen et al. 1976; Lagerlöf
et al. 1984). These stacking faults should be I2 and V types, although no direct
evidence has ever been obtained. This is because the other possible {11̄00} stacking
fault…ABCBABC… referred to as I1 type is calculated to have the formation energy
of 0.62–0.63 Jm−2, which is about 1.4–1.8 times higher than that of I2 and V types
(Tochigi et al. 2010; Marinopoulos and Elsässer 2001).

7.2.4 1/3<1̄101> Mixed Dislocation

Figure 7.7 shows a TEM image of the (0001)/<11̄00> 2° tilt grain boundary
(Tochigi et al. 2015). Bright discrete contrasts are observed along the grain boundary,
suggesting that dislocations array periodically. An HRTEM image of the grain
boundary is shown in Fig. 7.8. Dislocation contrasts are seen, and each disloca-
tion is elongated on the (0001) plane with a separation distance of about 4 nm,
indicating that the dislocation dissociates into two partial dislocations with a (0001)
stacking fault. The Burgers circuits drawn around the dislocations indicate that the
dislocations have the edge component of either 1/3[0001], 1/6[1̄1̄22], or 1/6[112̄2].
Since these components do not coincide with a translation vector, the dislocations
should be the mixed type having a screw component along the [11̄00] direction. The

Fig. 7.7 TEM image of the (0001)/<11̄00> 2° tilt grain boundary of alumina. Bright contrasts
are periodically seen along the boundary (Tochigi et al. 2015)
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Fig. 7.8 HRTEM image of the grain boundary viewed edge on. Three dislocations having an edge
component of 1/3[0001], 1/6[1̄1̄22], and 1/6[112̄2] are observed. Each dislocation dissociates into
two partial dislocations with stacking fault on (0001) plane (Tochigi et al. 2015)

screw components can be identified based on crystallography. For the case of the edge
component of 1/6[1̄1̄22], considering the formula 1/6[1̄1̄22] + n[11̄00], it equals to
the smallest translation vector of 1/3[01̄11] for n = 1/6. Thus, the screw component
and the total Burgers vector are identified to be 1/6[11̄00] and 1/3[01̄11], respec-
tively. Similarly, for the cases of 1/6[112̄2], and 1/3[0001], the total Burgers vectors
were found to be 1/3[101̄1] and 1/3[1̄101], respectively. The sum of 1/3[01̄11],
1/3[101̄1], and 1/3[1̄101] is [0001], which is the translation vector perpendicular
to the (0001) grain boundary plane. In the present boundary, it was found that three
equivalent mixed dislocations accommodate the grain boundary misorientation.

Figure 7.9 shows an annular bright-field (ABF) STEM image of the 1/3[01̄11]
dislocation. In this image, dark contrasts correspond to atomic columns as indicated
by the atomic model overlaid. The edge components of the partial dislocations are
found to be 1/18[1̄1̄23] and 1/18[2̄2̄43], and the stacking fault formed on the (0001)
plane has the stacking sequence of …2B 1 2C 3 1A 2 1B 3…. The Burgers vector
of the partial dislocations can be estimated through the fault vector of the stacking
fault. A detailed analysis using first-principles calculations revealed the fault vector

Fig. 7.9 a ABF-STEM image of the dislocation with the edge component of 1/6[1̄1̄22]. The edge
component of two partial dislocations are 1/18[24̄23] and 1/18[2̄2̄43]. b Enlarged image of (0001)
stacking fault. Its stacking sequence is …2B 1 2C 3 1A 2 1B 3… (Tochigi et al. 2015)
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of the stacking fault, and the Burgers vectors of the partial dislocations were found
to be 1/18[24̄23] and 1/18[2̄2̄43] (Tochigi et al. 2015). The dissociation reaction of
1/3<01̄11> dislocation is described by the following equation:

1/3 < 01̄11 >→ 1/18 < 24̄23 > +1/18 < 2̄2̄43 > . (7.6)

It was confirmed that the dissociation of the other two cases is also given by
Eq. (7.6) (Tochigi et al. 2015). The stacking fault energy was estimated to be exper-
imentally 0.58 Jm−2 and theoretically 0.72 Jm−2, and they agree with each other.
The 1/3<01̄11> dislocation was found to dissociate on the (0001) plane, not corre-
sponding to the slip plane. Therefore, the 1/3<01̄11> dislocations may become
immobile by the dissociation reaction.

7.3 Analysis of Dislocation Formation and Grain Boundary
Fracture by in Situ TEM Nanoindentation
and Atomic-Resolution STEM

To directly observe the dynamic behavior of lattice defects upon loading, in situ TEM
mechanical experiment is an efficient method. In this section, the formation process
of a basal dislocation (Miao et al. 2019) and the propagation process of a crack along
a large angle grain boundary of alumina (Kondo et al. 2019) are demonstrated by an
in situ TEM nanoindentation experiment. Furthermore, the nucleated defects were
statistically characterized by STEM after the nanoindentation experiment to develop
an atomistic understanding of their formation processes.

7.3.1 Introduction of a Basal Mixed Dislocation and Its Core
Structure

The (0001)1/3<12̄10> basal slip becomes to be the easiest slip system at elevated
temperature >~1000 °C (Lagerlöf et al. 1994). In addition, the core structures of
the 1/3<12̄10> basal dislocation in different orientation have been investigated for
approximately 20 years. So far, atomic-resolution TEM/STEM studies characterized
the dislocation core structures in edge (Nakamura et al. 2002, 2006; Shibata et al.
2007; Heuer et al. 2010), 30° (Heuer et al. 2010), and screw (Tochigi et al. 2012)
types. However, the core structure of 60° mixed dislocation has not been observed
yet. Here, we demonstrate the formation process and core structure of the 60° mixed
dislocation (Miao et al. 2019).

An alumina single crystal plate was mounted on a half-moon-shaped mesh and
thinned by mechanical grinding. The sample was further milled by Ar ion milling
until its free edge obtains electron transparency. The face of the sample was parallel



7 TEM Characterization of Lattice Defects Associated with Deformation … 143

Fig. 7.10 Schematic illustrations showing the crystallographic orientation of the sample and the
indentation direction. a The indentation direction was set at an angle of 45° from (0001) plane. b
3D illustration. The red arrow indicates the Burgers vector of dislocation expected to be induced
by indentation, which is 1/3[12̄10] (Miao et al. 2019)

to the (112̄0) plane and the free edge was set at an angle of 45° from the (0001)
plane, as illustrated in Fig. 7.10. The indentation direction was set perpendicular
to the free edge. Assuming a unidirectional force, the (0001)1/<12̄10> basal slip
has the largest Schmid factor of 0.5. In situ TEM nanoindentation experiment was
performed using a nanoindentation TEM sample holder (Nanofactory Instruments
AB, Sweden) in a conventional TEM (JEM-2100HC, 200 kV, JEOL). After the
nanoindentation experiment, the sample was further thinned by Ar ion milling at
liquid nitrogen temperature to get the deformed area thin. The core atomic structure
of introduced dislocations was observed by atomic-resolution STEM (ARM-200F,
200 kV, JEOL).

Figure 7.11 shows TEM images taken before and after indentation. The alumina
sample is seen at the upper part of the image and the indenter tip is below. Before
indentation, no obvious defects are included in the sample (Fig. 7.11a). After inden-
tation, bend contours are seen over the sample and the sample edge is chipped, where
a strong indentation force was expected to be applied (Fig. 7.11b). The straight dark
contrast is generated from the chipped area and is parallel to (0001), suggesting that
basal slip was activated and some basal dislocations were formed there. To char-
acterize the basal dislocations in detail, the sample was mounted on a double tilt
sample holder and the indented area was observed with tilt-controlled conditions.
Figure 7.11c shows a bright-field TEM image taken along the [112̄0] zone axis. Two
dotted contrast features are seen at the end of the straight contrast. These features
were observed along the [224̄1] direction by tilting the sample by 24.5 degrees around
the [11̄00] axis (Fig. 7.11d). They appear as curved lines and are found to be basal
dislocations.

Figure 7.12a shows an ABF-STEM image of one of the dislocations induced by
the nanoindentation experiment. The dislocation was observed along the [112̄0]
direction and found to dissociate into two partial dislocations with a separation
distance of approximately 2.9 nm. A stacking fault is formed on the {11̄00} plane,
and this dissociation also occurred by climb. The largest Burgers circuit shows that
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Fig. 7.11 TEM images of the sample before and after the indentation experiment. a Before inden-
tation. The sample exhibits a uniform contrast and seems to have no obvious defects. b After
indentation. The sample edge is chipped due to the insertion of the indenter tip. A straight contrast
parallel to (0001) plane from the top of the chipped region, indicating that (0001) slip system was
activated. c Bright-field image of the indented sample viewing along [112̄0] direction. Two dotted
contrasts are seen along (0001) plane. d [2̄2̄41] view of the sample, where it was rotated by 24.5
degrees around [1̄100] axis. The dotted contrasts in (c) become curved contrasts, indicating they
correspond to basal dislocations (Miao et al. 2019)

the perfect dislocation has an edge component of 1/6[11̄00]. Since this component
does not correspond to a translation vector, the perfect dislocation should have a
screw component along the [112̄0] direction. From crystallographic considerations,
the screw component can be determined in order to get the smallest translation
vector, which is 1/6<112̄0>. Therefore, the perfect dislocation is identified to be
1/3<12̄10> 60° mixed dislocation. In Fig. 7.12a, the small Burgers circuits indicate
that the edge components of the upper and lower partial dislocations are 1/3[11̄00]
and 1/6[11̄00], respectively. Since the dissociation reaction follows Eq. (7.1), it is
considered that the upper partial dislocation is 1/3[11̄00] edge dislocation and the
lower dislocation is 1/3[011̄0] 30° mixed dislocation. The crystallographic orienta-
tion of this dissociated dislocation on the (0001) plane is illustrated in Fig. 7.12b. The
vectors of 1/3[12̄10], 1/6[11̄00], and 1/6[011̄0] are drawn in the green, blue, and red
arrows. The [112̄0] projection of these vectors coincides with the edge component
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Fig. 7.12 a ABF-STEM image of a basal dislocation viewing along [1̄1̄20] direction, which was
introduced by the indentation experiment. The dislocation dissociates into two partial dislocations
with {11̄00} stacking fault by climb. b, b1, and b2 correspond to the vector of 1/3 [1̄21̄0], 1/3 [1̄100],
and 1/3[011̄0], and their edge components 1/2 [1̄100], 1/3 [

1̄100
]
, and 1/6 [1̄100] are seen in the

image. b Schematic illustration showing (0001) projection of the Burgers vectors. Green, blue, and
red arrows correspond to b, b1, and b2, respectively. The viewing or dislocation line direction is
represented by ξ. c Schematic illustration showing the dissociated structure of the 1/3 [1̄21̄0] 60°
mixed dislocation, which consists of 90° edge and 30° mixed partial dislocations (Miao et al. 2019)

of the dislocations shown in Fig. 7.12a. The dissociated structure observed along[
112̄0

]
is schematically illustrated in Fig. 7.12c.

Figure 7.13 shows magnified images of the bulk and the {11̄00} stacking fault
formed between the partial dislocations. The position of the stacking fault is indicated
by the dashed line, and structural features are indicated by the circles. In compar-
ison with the experimental image and the structure model, the stacking sequence is
identified to be …ABCBCABC… referred to as V type as mentioned in Sect. 7.2.3
(Lagerlöf et al. 1984; Tochigi et al. 2010, 2016; Marinopoulos and Elsässer 2001).
The stacking fault energy can be estimated by the following equation:

γ = μb2p(2 − ν)

8πd1(1 − ν)

(
1 − 2ν − cos2β

2 − ν

)
, (7.7)

where β means the angle between the total Burgers vector and dislocation line direc-
tion. Substituting the separation distance d1 = 2.9 nm and β = 60°, the stacking fault
energy is 0.41 Jm−2, which agrees well with the experimental and theoretical values
of 0.35 Jm−2 and 0.41 Jm−2 estimated in Sect. 7.2.3.
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Fig. 7.13 Enlarged ABF-STEM image and atomic structure model of a bulk region and b {11̄00}
stacking fault formed between the partial dislocations. The position of the stacking fault is indicated
by dashed lines. The stacking sequence is …ABCBC… corresponding to V-type. The red ellipse
shows structural features of the stacking fault (Miao et al. 2019)

The present experiment revealed the core structure of 60°mixed basal dislocation,
and thus the core structures of the edge, 30°, 60°, and screw basal dislocations
have been experimentally identified, which are summarized in Fig. 7.14. The edge,
60° mixed and 30° mixed basal dislocations dissociate into two partial dislocations
following Eq. (7.1). The dissociation of the edge and 60° mixed dislocations occur
by climb, while that of the 30° mix dislocation occurs by cross slip because one
of the partial dislocations is screw type. Their stacking fault plane is perpendicular
to the basal plane, which is the {112̄0} plane for the edge and 30° dislocations and
the {11̄00} plane for the 60° mixed dislocation. These dissociation reactions occur
by climb rather than glide. A possible reason is that the stacking faults formed on
the (0001) plane are predicted to have one order higher energy than the

{
112̄0

}
and

{11̄00} stacking faults (Y. 2008; Kenway 1993; Marinopoulos and Elsässer 2001).
The screw basal dislocation does not dissociate and has the perfect type of core
structure. Considering geometric relationship and stability of stacking fault, the screw
dislocation is possible to dissociate with the {11̄00} stacking fault in V type as
illustrated in Fig. 7.13e. However, to form this dissociated structure, accumulation
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Fig. 7.14 Schematic illustrations showing dissociated structures of a basal dislocation in alumina.
a A curved 1/3[12̄10] dislocation containing the 90°, 60°, 30°, 0° parts. The former three parts are
dissociated into 1/3[11̄00] and 1/3[011̄0] partial dislocations. b 90° dislocation. Its dissociation
occurred by climb with the{12̄10} stacking fault. The two partial dislocations have 60° orientation.
c 60° dislocation. Its dissociation occurred by climb with the{11̄00} stacking fault. The two partial
dislocations have 90° and 30° orientation. d 30° dislocation. Its dissociation occurred by cross-
slip with the {12̄10} stacking fault. The two partial dislocations have 60° and 0° orientation. e
0° dislocation. From geometrical considerations, this dislocation can dissociate into 30° partial
dislocations, but it does not occur experimentally (Miao et al. 2019)
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of vacancies between the partial dislocations is necessary, which could be difficult
to realize. This would be the reason why the screw dislocation does not dissociate.

7.3.2 Crack Propagation Along Zr-Doped
∑

13 Grain
Boundary

Polycrystalline materials are often fractured along grain boundaries. This suggests
that grain boundaries can preferentially be a crack propagation path, and the atomic
bonding of the grain boundaries is weaker than that of the bulk. However, little
is known about the atomistic mechanisms of grain boundary fracture phenomena
because of the lack of experimental examinations. In this section, we demonstrate
the fracture experiment of a well-oriented grain boundary in TEM (Kondo et al.
2019). The Zr-doped {11̄04}/<112̄0>

∑
13 grain boundary of aluminawas prepared

by the bicrystal method. Crack propagation along the grain boundary was induced
and directly observed by the in situ TEM nanoindentation technique. The fracture
surfaces were further characterized by atomic-resolution STEM and first-principles
calculations. The mechanisms for the grain boundary fracture will be discussed in
terms of the atomic bonding of the grain boundary.

Two pieces of alumina single crystal were precisely cut so as to have the orien-
tation relationship of {11̄04}/<112̄0>

∑
13. The bonding surface of one of them

was coated by Zr with about 5 nm thickness using an Ar ion spattering machine.
The two crystals were joined to be a bicrystal at 1500 °C for 30 h in air. A small
plate including the grain boundary was cut from the bicrystal block and mounted
on a half-moon-shaped mesh. The sample was thinned by mechanical grinding and
Ar ion milling. Nanoindentation experiments were performed using a double-tilt
nanoindentationTEMholder (Nanofactory) and a conventional TEM(JEM-2010HC,
200 kV, JEOL). The indenter tip was inserted along the grain boundary to prefer-
entially induce grain boundary fracture. The indented sample was further observed
by atomic-resolution STEM (ARM-200F, 200 kV, JEOL) to characterize the atomic
structure of the fractured region. The fracture path was further investigated by first-
principles calculations. Firstly, a supercell with the Zr-doped �13 grain boundary
containing 196 atoms was constructed based on experimental observations. This
model was optimized using the VAPS program (Gieske and Barsch 1968) under the
generalized gradient approximations (Kresse and Furthmüller 1996). A 3 × 2× 1 k-
point mesh and the energy cutoff of 500 eV were used. Secondly, atomic models of
three kinds of fracture surfaces were constructed in order to remove half of the atoms
from the optimized supercell. The total energies of these supercells were calculated
without structural optimization to estimate the cleavage energies. Thirdly, the struc-
tural optimization was carried out for these supercells, and the optimized structures
were compared with an experimental image.

Figure 7.15 shows sequential TEM images captured from a movie taken during
the nanoindentation experiment. Figure 7.15a shows an image before indentation.
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Fig. 7.15 Sequential images captured from a movie taken during in situ TEM nanoindentation
experiment. a Before indentation. The grain boundary is located vertically in the middle of the
sample. b After 8 s. The indentation started. A crack initiated along the grain boundary from the
sample edge. c After 12 s. The crack propagated. d After the indenter retracted. Characteristic
rounded contrasts are seen in the sample, corresponding to bend contours. The crack tip is expected
to be located at their center (Kondo et al. 2019)

The sample and indenter tip are observed. The grain boundary is located vertically in
themiddle. In 8 s (Fig. 7.15b), a crack is found to nucleate from the top of the indenter
tip as indicated by the dashed box in the figure. In 12 s, the crack propagates along
the grain boundary (Fig. 7.15c). Figure 7.15d shows a situation after the indentation
experiment. The rounded contrasts are seen as pointed by the arrow. They should
be bend contours, and thus the crack tip is expected to have propagated around the
center of the rounded contrasts.

The indented sample was directly transferred to atomic-resolution STEM.
Figure 7.16 shows a high-angle annular dark-field (HAADF) STEM image of the
vicinity of crack tip (Fig. 7.16a) and one of the fracture surfaces (Fig. 7.16b). In the
HAADF images, strong and weak spots correspond to Zr and Al columns, respec-
tively. In the upper part of Fig. 7.16a corresponding to the unfractured area, three
layers of Zr are formed along the grain boundary, namely that Zr forms the segrega-
tion structure of three atomic layers in the {11̄04}/<112̄0>

∑
13 grain boundary of

alumina. In the lower part, the Zr segregation layers appear a little fuzzy and consist



150 E. Tochigi et al.

Fig. 7.16 HAADF-STEM image at the crack tip region. The bright contrasts correspond to Zr
columns. In the unfractured region at the upper side, a Zr segragation phase in three layers is
formed. The fractured region at the lower side appears to consist of four Zr layers, suggesting that
the crack propagated within the Zr segregation phase and was divided into the left and right crystals.
At the center of the image, contrasts of the Zr layer gradually change. The crack tip is expected to
be located there (Kondo et al. 2019)
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of four atomic layers, suggesting that the crack propagated within the Zr-segregated
phase and the two crystals are slightly apart from each other with Zr layers on their
surface. The contrast features of the Zr-segregated phase gradually change across
the image center, and thus the crack tip is expected to be located around the image
center.

Figure 7.17 shows a HAADF-STEM image of the fracture surface of the left
crystal. The two layers of the Zr-segregated phase are observed. As seen in the
intensity graph in the below panel, the top layer has a lower intensity than the second
layer, although the two layers have a similar intensity in the unfractured area. Since
the image intensity of an atomic column in HAADF-STEM depends on its atomic
density, the number of atoms in the top layer should have decreased. That is likely
to be half, because the left and the right crystals are symmetric. Therefore, it is
considered that the crack propagated through the center layer of the Zr-segregated
phase so as to equally distribute the center layer into the two symmetric crystals.

To investigate fracture mechanisms of the Zr-doped �13 grain boundary, three
kinds of fracture paths for the grain boundarywere examinedbyfirst-principles calcu-
lations. Figure 7.18a shows an optimized structure model of the Zr-doped �13 grain
boundary viewing along the orthogonal directions of [112̄0] and [022̄1]. Note that the
structure model agreed well with the experimental image of the grain boundary. The
dashed lines indicate three possible fracture paths, Zr-Al (straight), Zr-Zr (straight),
and Zr-Zr (zigzag). The oxygen atoms are distributed so as not to produce a high-
energy polar surface. The cleavage energies corresponding to these fracture paths
were evaluated to be 4.66 Jm−2, 3.61 Jm−2, and 2.66 Jm−2, respectively, indicating
that the Zr-Zr (zigzag) path is energetically favorable. A comparison of an exper-
imental image and optimized fracture surfaces formed by the Zr-Zr (zigzag) path
and by Zr-Zr (straight) path is shown in Fig. 7.18b. The atomic positions of the Zr-
Zr (zigzag) surface agree well with the experimental image, whereas those of the
Zr-Zr (straight) surface do not. Therefore, the Zr-Zr (zigzag) path is energetically
and structurally reasonable. It is considered that the cleavage energy is related to
the atomic bonding of the grain boundary cut by a crack. The fracture due to Zr-
Zr (straight) path produces 8 six-fold coordinated Zr on the two fracture surfaces,
whereas Zr-Zr (zigzag) path produces 4 six-fold coordinated Zr and 8 seven-fold Zr
(Kondo et al. 2019). A theoretical study suggested that zirconium oxides tend to have
seven-fold or eight-fold Zr, and six-fold Zr requires relatively higher energy (Perdew
et al. 1992). This would be the reason why the Zr-Zr (zigzag) path is selected for the
grain boundary fracture.

7.4 Summary

In this report, we reviewed the atomic structure analysis of dislocations and grain
boundary fracture surfaces of alumina by TEM/STEM. Using bicrystals with a low-
angle grain boundary, 1/3<112̄0> edge, <11̄00> edge and 1/3<1̄101> mixed,
and 1/3<112̄0> screw dislocations were fabricated. The former three dislocations
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Fig. 7.17 a HAADF-STEM
image of the fracture surface
of the left crystal. Two Zr
layers remain on the alumina
crystal. b The intensity
profile of the
HAADF-STEM image in
(a), where signals were
integrated along the vertical
direction. The intensity of
the first layer is lower than
the second layer, indicating
that Zr atoms in the first
layer were divided into two
crystals (Kondo et al. 2019)
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Fig. 7.18 a Atomic
structure model of
Zr-segregated
{11̄04}/<112̄0>

∑
13 grain

boundary of alumina. The
upper and lower panels
correspond to [21̄1̄0] and
[022̄1] projection,
respectively. Fracture paths
considered in the present
study, Zr-Al, Zr-Zr (straight)
and Zr-Zr (zigzag), are
indicated by dashed lines. b
Comparison of averaged
experimental image and
calculated fracture surfaces
of Zr-Zr (straight) and Zr-Zr
(zigzag). The Zr-Zr zigzag
fracture surface agrees well
with the experimental image
(Kondo et al. 2019)
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were found to be dissociated into partial dislocations with a stacking fault, whereas
the last one has the perfect core. TEM/STEM analysis and theoretical calculations
estimated the formation energy of {112̄0}, {11̄00}, and (0001) stacking faults to
be approximately 0.3 Jm−2, 0.4–0.5 Jm−2, and 0.6–0.7 Jm−2, respectively. Except
for the 1/3<112̄0> screw dislocation. In situ TEM nanoindentation technique was
applied to induce basal slip in alumina. The 60° mixed 1/3<112̄0> dislocation
on the (0001) plane was introduced, and its core structure was characterized by
STEM. It was found that the dislocation consists of two partial dislocations with
{11̄00} stacking fault. By this result, the core structures of representative segments
(0°, 30°, 60°, and 90°) of the 1/3<112̄0> basal dislocation were fully revealed.
In addition, fracture of the Zr-doped {11̄04}/<112̄0>

∑
13 grain boundary was

induced by in situ TEMnanoindentation, and the fracture surfaceswere characterized
by STEM. It was found that the crack propagated along a zigzag path in order to
equally divide the Zr-segregated phase into three atomic layers. Experimental image
and theoretical calculations revealed that the fracture along the zigzag path forms
stable Zr-O bonding on the fracture surfaces and gives the lowest cleavage energy
in possible crack paths. It can be summarized that the TEM/STEM investigations of
the dislocations and fracture surfaces extended our knowledge and understanding of
deformation and fracture in alumina in terms of atomistic mechanisms.
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Chapter 8
Nanomechanical Characterization
of Metallic Materials

Takahito Ohmura

8.1 Nanomechanical Characterization as an Advanced
Technique

Macroscopic mechanical testing provides information on themechanical response of
materials to applied stress under various conditions. These mechanical properties are
necessary for material design in engineering applications, and they are required on
the scale between millimeters and meters. However, the origins in microstructures
are controlled on a scale of micrometers, with the resolution in nanometers. The
gap between these scales is remarkable 106 orders, and the gap is an extremely big
hurdle in aiming at understanding the strengthening mechanism and improving the
performance of structural materials.

Another big hurdle is the relation between microstructures and their mechanical
properties. Themacroscopic properties include the overall behavior of thematerial as
an average quantity, but the deformation volume comprises distribution of stress and
strain induced by geometrical inhomogeneity, including microstructure of materials.
Although yield stress is extremely important for engineering purposes, the yielding
phenomenon on a small scale, the so-called “micro-yielding,” as an elemental step of
macroscopic yielding, is still unrevealed. Physical models of mechanical behavior on
small scales have been utilized to understand and/or predict themechanical properties
of metallic materials. The microstructures on nanometer to micrometer scale can
be observed in detail with the most advanced observation apparatus, but it is still
challenging to measure the mechanical behavior on the scale same as that used in the
observation. As a method for describing plastic deformation quantitatively, we often
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use the dislocation theory; however, it is extremely difficult to measure the stress–
strain relations directly associated with dislocation dynamics and evolution even if
we can observe the behavior of individual dislocations with electron microscopes
experimentally. Thus, the elucidation of the dynamic behavior of the relations, as
well as removing the 106 order gap, is important.

Nanoindentation andmicropillar testing are techniques that can be used tomeasure
the dynamic behavior on the nanometer scale.

The nanoindentation method penetrates an indenter into a sample surface under
a load of μN resolution and measures the penetration depth in nm unit, to evaluate
the elastoplastic deformation of materials. The depth of the indent marks is typically
below 100 nm and less than a micron horizontally. The depth is measured using a
displacement gage, and then converted into the contact area by using the indenter’s
geometry. It can be called, in particular, depth-sensing indentation, based on the
measurement principle. The details of this technique are available in the literature
(Nishibori and Kinoshita 1997, 1978; Newey et al. 1982; Loubet et al. 1984; Doerner
and Nix 1986; Oliver and Pharr 1992; Tsui et al. 1996; Bolshakov and Pharr 1998;
Lim and Chaudhri 1999; Nix and Gao 1998; McElhaney et al. 1998; Ohmura and
Tsuzaki 2007a).

Micropillar testing is a technique of uniaxial loading in compression of a
columnar-shaped specimen of 100 nm–μm in diameter, typically inside the chamber
of a scanning electron microscope (SEM) or a transmission electron micro-
scope (TEM), for its in situ straining. The advanced technique is to measure the
load–displacement data during staining, which provides a direct relation between
microstructural evolution and mechanical behavior. In the conventional TEM in situ
testing, an important point lies in observing the motion of the dislocation and
microstructure evolution; however, the advanced technique is developed to measure
the dynamic mechanical behavior at the same time.

In this chapter, applications of the nanomechanical characterization are described,
and an elemental step and strengthening factors for the macroscopic properties are
discussed.

8.2 Plasticity Initiation Analysis Through Nanoindentation
Technique

A major merit of the nanoindentation technique is that it can measure less than
micrometer sizes, as described above; another advantage is the fact that the under-
lying and fundamental behavior can be analyzed in the process of loading and
unloading through consecutive measurement during the deformation. A represen-
tative example is the displacement burst phenomenon, the so-called “pop-in” event,
which mostly appears in the loading process (Ohmura et al. 2001, 2002; Gerberich
et al. 1996; Zbib and Bahr 2007; Ohmura and Tsuzaki 2007b, 2008; Masuda et al.
2020). Figure 8.1 shows a typical load–displacement curve for the Fe alloy, where
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Fig. 8.1 Typical
load–displacement curve for
Fe alloy showing pop-in
phenomenon on the loading
curve, indicated by the
dashed-line arrow

0

200

400

600

800

1000

0 10 20 30 40 50 60 70 80

Lo
ad

, P
 / 

µN

Penetration depth, h / nm

Hertzian contact

the pop-in phenomenon is indicated on the loading curve through the dashed-line
arrow. The curve is obtained in the load-controlled mode, and the displacement burst
is understood as a sudden drop in resistance to plastic deformation. When the same
phenomenon ismeasured in the displacement-controlledmode, it appears as a sudden
drop in the load (Ohmura et al. 2001). It is a drastic phenomenon to occur in a time
shorter than 0.005 s, as the load–displacement data are captured 200 times per second
and no point is recorded during the pop-in event.

At the beginning of the discovery of this phenomenon, it was noted that breaking a
native oxide filmon a sample surfacemight be amajor reason for the event (Gerberich
et al. 1996), but subsequently, it was found that the same phenomenon occurred in
even noble metals such as gold, with much higher resistance to be oxidized (Ohmura
et al. 2001). Additionally, the frequency of the event was higher in a sample with
lower initial dislocation density, even in the same material (Ohmura et al. 2002; Zbib
andBahr 2007). Therefore, this phenomenon is considered an essential and elemental
behavior of plastic deformation in materials.

Note that the pop-in phenomenon corresponds to transition from elastic to elasto-
plastic deformation, and the shear stress underneath the indenter that is calculated
from the applied load is close to the value of the order of the ideal strength (Gould-
stone et al. 2000). This is described quantitatively, as follows, with Fig. 8.1 as an
example. When we define Pc as a critical load for a pop-in event, the load–displace-
ment curve that is lower than Pc fits very well with the dashed line of the Hertz
contact model (Johnson 1985), given as

P = 4

3
E∗R

1
2 h

3
2 , (8.1)
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where R is the curvature of the indenter tip and E* is the reduced modulus, given as

1

E∗ = 1 − v2i
Ei

+ 1 − v2s
Es

, (8.2)

where E and ν are Young’s modulus and Poisson’s ratio, respectively, and the
subscripts i and s refer to the indenter and sample, respectively. This result clearly
indicates that the deformation before the pop-in event is dominated by purely elastic
deformation. In addition, the maximum shear stress underneath the indenter, τmax,
is given as follows:

τmax = 0.18

(
E∗

R

) 2
3

P
1
3 . (8.3)

When Pc = 350 μN, from Fig. 8.1, as P is substituted into Eq. (8.3), τmax is
calculated as 11.3 GPa, which is approximately 1/7th the shear modulus of 83 GPa
on the order of the ideal strength. This result indicates that the pop-in phenomenon
corresponds to the plasticity initiation by dislocation nucleation from a region with
no pre-existing lattice defect. On the other hand, a previous study conducted using the
TEM in situ straining technique revealed that, in pure Al, dislocations are nucleated
prior to the pop-in event (Minor et al. 2006). This indicates that some other processes,
such as dislocation multiplication, occur subsequent to the dislocation nucleation to
occur a pop-in event.

As an example of how the multiplication process of dislocations is related to the
mechanical behavior, the results of TEM in situ compression deformation are shown.
The specimen is pillar shaped for the compression test of Fe -3 wt% Si single crystal,
with the compression axis being parallel to the <110> axis. By measuring the load–
displacement relation during compression deformation simultaneously, the mechan-
ical response and dislocation structure change can be synchronized. Figure 8.2 is
a snapshot extracted from the recorded movie and shows the change in the dislo-
cation structure during deformation (Ohmura et al. 2012). Figure 8.2a shows the
snapshot right before the pop-in event, and (b) corresponds to that immediately after
the pop-in event. In (b), an increase in the dislocation density is clearly observed,
indicating that a multiplication of dislocations occurs during the pop-in event. The
time difference between (a) and (b) is 1/30 s, indicating that the dislocation multi-
plication and propagation occur within a very short period. Figure 8.2c shows the
load–displacement curve measured during TEM in situ straining, where the dashed
arrow indicates a sudden drop in the load at themoment of pop-in. As this experiment
was conducted in the displacement-controlled mode, the behavior is different from
that of the displacement burst, which appears in the load-controlled mode; however,
both of them show a drastic decrease in the deformation resistance, and thus can be
regarded as essentially the same phenomena. This result indicates that dislocation
multiplication is an important elementary process in deformation behavior, where
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(b)(a)

(c)

Fig. 8.2 Snapshot extracted from the recorded movie, showing changes in the dislocation structure
during deformation. a Shows the snapshot right before the pop-in and b corresponds to the snapshot
immediately after the pop-in. c Load–displacement curve measured during TEM in situ straining
(Ohmura et al. 2012). Reprinted with permission from [T. Ohmura, L. Zhang, K. Sekido and K.
Tsuzaki: J. Mater. Res., 27 (2012), 1742–1749.] Copyright (2012) by Cambridge University Press

the plastic strain increases rapidly. The relation between the evolution of dislocation
structure and plastic strain is discussed further in Sect. 8.4.

To further understand the factors governing the initiation behavior of local plastic
deformation, a systematic analysis was performed using various single crystals with
a variety of materials with different crystal structures. All vertical directions of the
sample surface were oriented to <001> . Figure 8.3 shows the relation between the
maximum shear stress τmax, calculated from the pop-in load Pc using Eq. (8.3),
and the stiffness modulus G, converted from Young’s modulus calculated from the
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Fig. 8.3 Relationship
between the maximum shear
stress τmax calculated from
the pop-in load Pc using
Eq. (8.3) and the stiffness
modulus G converted from
the Young’s modulus
calculated from the
unloading curve (Ohmura
et al. 2012). Reprinted with
permission from [T. Ohmura,
L. Zhang, K. Sekido and K.
Tsuzaki: J. Mater. Res., 27
(2012), 1742–1749.]
Copyright (2012) by
Cambridge University Press
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unloading curve (Ohmura et al. 2012). This relation was linear for all measured
materials, and the coefficient was found to be close to 1/2π.

On the other hand, one of the models in which the frictional stress of the perfect
crystal on the slip plane was formulated is given as

τ = b

h

G

2π
sin

(
2πx

b

)
, (8.4)

where b is the magnitude of the Burgers vector, h is the distance between the slip
planes, and x is the relative displacement in the slip direction. The maximum stress
obtained by approximating b to h is G/2π when x = b /4. This value is very close to
that obtained experimentally in Fig. 8.3. This result strongly evidences that the stress
level at which the pop-in behavior appears is close to the ideal strength regardless of
the crystal structure, indicating that the critical stress strongly depends on the local
shear modulus.

8.3 Effect of Lattice Defects Including Grain Boundaries,
Solid-Solution Elements, and Initial Dislocation Density
on the Plasticity Initiation Behavior

8.3.1 Grain Boundary

Themodel of grain refinement strengthening is often used to discuss the strengthening
mechanism induced by grain boundaries. Grain refinement strengthening is often
described by the following Hall–Petch relation (Hall 1951; Petch 1953), formulated
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from the experimental results as

σ = σ0 + kd−1/2. (8.5)

Here, σ refers to the flow stress σ 0 is a constant, k is the locking parameter,
and d denotes the grain size. The pile-up model (Hall 1951; Petch 1953) and dislo-
cation source model (Li 1963) are shown as the mechanisms for grain boundary
strengthening. The former is understood as a function of resistance against disloca-
tion motion, while the latter as a function of enhancing the dislocation generation,
which seem to contradict each other at first glance. To verify these models, it is
effective to directly capture the interaction between a single grain boundary and
dislocation. However, in previous studies, only the microstructural observation by
TEM (Hauser and Chalmers 1961; Carrington and McLean 1965; Shen et al. 1988;
Kurzydlowski et al. 1984; Lee et al. 1990) has been conducted, and not the quan-
titative evaluation of the mechanical behavior. To address this problem, the authors
performed nanoindentation in the vicinity of a single grain boundary and verified
these two models from the viewpoint of mechanical behavior as described below.

The sample was Ti-added interstitial free (IF) steel, with an average grain size of
several 100 μm. Details of the experimental method are shown elsewhere (Ohmura
et al. 2005). The indented positions were set in two ways: just above the grain
boundary and within the grain far from the grain boundary. Figure 8.4 shows
an example of the load–displacement curves obtained from the nanoindentation
measurements. The pop-in event clearly appeared on both the grain boundary (open
circle) and grain interior (dot) on the loading curves. Figure 8.5 shows the relation
between the critical load Pc and pop-in depth Δh. An example SPM image of the
sample surface after the nanoindentation is inserted in the bottom right of the figure to

Fig. 8.4 Example of
load–displacement curves
obtained from
nanoindentation
measurements. Pop-in
clearly appears on both the
grain boundary (open circle)
and grain interior (dot) on
the loading curves (Ohmura
et al. 2005). Reprinted with
permission from [T. Ohmura,
K. Tsuzaki and F. Yin:
Mater. Trans., 46 (2005),
2026–2029.] Copyright
(2005) by The Japan Institute
of Metals and Materials
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Fig. 8.5 Relationship
between the critical load Pc
and the pop-in depth Δh. An
example of SPM image of
the sample surface after the
nanoindentation is inserted
in the bottom right on the
figure to show that the indent
mark is formed certainly just
above the grain boundary
(Ohmura et al. 2005).
Reprinted with permission
from [T. Ohmura, K. Tsuzaki
and F. Yin: Mater. Trans., 46
(2005), 2026–2029.]
Copyright (2005) by The
Japan Institute of Metals and
Materials
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show that the indent mark is certainly formed just above the grain boundary. The two
grains forming the grain boundary are named as grains 1 and 2, as shown in the figure,
and the data of each grain’s interior are plotted separately. On the grain boundary,
Pc has relatively lower values of 100–200 μN, whereas in the grain interior, it is
dispersed up to approximately 600 μN. The results suggest that grain boundaries act
as effective dislocation sources for enhancing the dislocation emission for plasticity
initiation. One of the characteristics of the grain interior data is that a higher Pc leads
to a higher Δh. This can be understood in the following relation, derived from the
model (Shibutani and Koyama 2004) in which plastic deformation upon the pop-in
event is initiated by the prismatic loop dislocation generation (Ohmura et al. 2005):

Pc =
(

1

0.18

)3( R

E∗

)2(2G

a
�h + μγ

)3

, (8.6)

where a indicates the horizontal size of the indent and γ denotes the elastic strain
remaining after the pop-in. Equation (8.6), drawn by the broken line in the figure, fits
well with the experimental data of the relation between Pc and Δh, and the higher
the value of Pc, that is, the greater the accumulated elastic strain energy, the greater
is the plastic strain at pop-in.

The reasonwhyPc is dispersed in the rangeof 100–600μNis discussedbelow.The
IF steel used in this experiment may have a higher dislocation source density before
the indentation experiment as compared to the single-crystal sample shown in the
previous section. When the initial dislocation source density is low, the indentation-
induced stress at the pre-existing dislocation source does not reach the critical stress
for dislocation source activation, and thus the plastic deformation must be initiated
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through the generation of dislocations from the perfect crystal region. In contrast,
when the dislocation source density is high, the plastic deformation starts with the
activation of the pre-existing dislocation sourcewithout the nucleation of dislocation.
The reason why Pc is distributed widely when the initial dislocation source density
is high is, first, that the stress applied to the dislocation source varies depending on
the position, because the stress field introduced by the indentation has a distribution.
The maximum shear stress shown in Eq. (8.3) is the stress generated at a point just
below the indenter, and it is rather rare that the position of the dislocation source
coincides with that point and is further away from this point with a lower applied
stress. Second, even if the dislocation source is located at the same position with the
maximum shear stress, the critical stress required for the activation may depend on
individual cases. Assuming, for example, a Frank Reed (FR) source as a dislocation
source, the activating critical stress is Gb/l (l is the length of the FR source), where
l may assume various values.

On the other hand, in the nanoindentation measurement, the hardness can be
calculated from the indentation depth corresponding to the maximum load, as in the
conventional method, and is determined as 2.8 ± 0.16 and 2.2 ± 0.05 GPa at the
grain boundary and in the grain interior, respectively. The deformation resistance
at the grain boundary is approximately 30% higher than that in the grain interior.
This is interesting in contrast to the behavior described in Fig. 8.5, where the plastic
deformation is initiated at the grain boundary at a lower stress than that in the grain
interior. That is, while a single grain boundary initiates plastic deformation by acting
as an effective dislocation source, when dislocation sources other than grain bound-
aries are activated in the further plastic deformation, the single grain boundary acts
as a resistance against the sliding motion of dislocations moving toward the grain
boundary, which indicates the remarkable contribution of the single grain boundary
to strengthening in a certain strain region.

8.3.2 Solid Solution Element

Figure 8.6 shows typical load–displacement curves obtained by nanoindentation for
Fe–C binary alloys with various carbon contents (Nakano and Ohmura 2020). In
all loading processes, a displacement burst, indicated by dashed arrows, i.e., pop-in,
occurred. As shown in Fig. 8.6, the critical load Pc at which pop-in occurs increases
with the concentration of in-solution carbon.

Figure 8.7 shows the relation between the τmax obtained by substituting the Pc

value into Eq. (8.3), shown in Fig. 8.6, and the carbon concentration. The plots are
averages and the error bars are standard deviations (SDs).As the carbon concentration
increases, both τmax and the SD increase.

To clarify the variation in the deviation, the probability distribution of Pc for each
sample is shown in Fig. 8.8. The distribution of Pc is Gaussian-like at 0 C and 3 C,
with a peak at around 350 μN. On the other hand, at a higher carbon concentration,
the peak height around 350 μN decreases and another peak appears at the higher
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Fig. 8.6 Typical load–displacement curves for all samples (Nakano andOhmura 2020).]. Reprinted
with permission from [K. Nakano and T. Ohmura, J. Iron and Steel Inst. Japan, 106 (2020), 82–91.]
Copyright (2020) The Iron and Steel Institute of Japan

Fig. 8.7 Relationship
between solute carbon
concentration and critical
pop-in load Pc (Nakano and
Ohmura 2020). Reprinted
with permission from [K.
Nakano and T. Ohmura, J.
Iron and Steel Inst. Japan,
106 (2020), 82–91.]
Copyright (2020) The Iron
and Steel Institute of Japan
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Fig. 8.8 Frequency of the
critical pop-in load (Nakano
and Ohmura 2020).
Reprinted with permission
from [K. Nakano and T.
Ohmura, J. Iron and Steel
Inst. Japan, 106 (2020),
82–91.] Copyright (2020)
The Iron and Steel Institute
of Japan

load over 500 μN. In addition, the peak position shifts to a higher load and the peak
width widens for 120 C, compared to the case of 30 C. The pop-in phenomenon
is controlled by the thermal activation process, because both peaks are Gaussian-
distributed regardless of the position of the peak. Accordingly, the thermal activation
process seems to be dominant for the pop-in generation, even if the solid-solution
carbon atom is related.

The effect of solid-solution carbon on the pop-in phenomenon is discussed based
on the mechanism of dislocation nucleation. The pop-in phenomenon corresponds
to the onset of plastic deformation, as mentioned above. We previously (Zhang and
Ohmura 2014) demonstrated experimentally that the pop-in phenomenon corre-
sponds to the nucleation of dislocations from a defect-free region (see details in
Sect. 8.4). Lorentz et al. (2003) concluded that dislocation generation is a homoge-
neous nucleation of the shear dislocation loop, because the experimentally measured
shear stress at pop-in agrees well with the ideal strength. On the other hand, Schuh
et al. (2005) found the activation volume from the probability distribution function
of the pop-in stress and indicated that the inhomogeneous nucleation dominates the
event because the activation volume is very small below 1.0 b3 (b is the magnitude
of Burgers vector). As the occurrence of the shear dislocation loop is considered an
elementary process in both cases, Sato et al. (2019) modeled this process using the
molecular dynamic simulation at finite temperature and showed that the temperature
dependence of τmax agreed well with the experimental results of W and Fe. Thus,
experiments and atomic simulations show that dislocation nucleation is necessary for
pop-in formation, and the thermal activation process is considered dominant even in
the presence of solid-solution carbon atoms. Thus, these carbon atoms increase τmax

to resist this nucleation process. A detailed model of this mechanism is described
later.
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The reason why the frequency distribution of Pc varies with the carbon concen-
tration is discussed subsequently. As shown in Fig. 8.8, as the carbon concentration
increases, the peak around 350 μN remains constant, while the other peak posi-
tion shifts to a higher load. This trend suggests a nonuniform carbon distribution.
The peak at 350 μN corresponds to the behavior under the carbon-free condition
because the peak appears even in the 0 C sample. If the spatial distribution of carbon
atoms remains uniform after the in-solution carbon concentration increases, only the
average value is expected to increase while the distribution shape remains a single
peak. Therefore, the multiple peaks suggest that different mechanisms dominate the
pop-in behavior. As the peak position at 350 μN is constant regardless of the carbon
concentration and the peak is highest in the 0 C sample, the mechanism is governed
by the same resistance to dislocation nucleation, where in-solution carbon atoms are
hardly involved. On the other hand, the peak at the higher load positions that appears
after the carbon addition is considered to be caused by the interaction between single
or multiple in-solution carbon atoms and dislocations with higher resistance to dislo-
cation nucleation. The reason why the peak position shifts to the high load side with
an increase in the carbon concentration is attributed to the shortening of the distance
between the carbon atoms in solution. These are considered from the dislocation
nucleation model developed by Sato et al. (2019), as follows. Assuming that the
elementary process of the pop-in phenomenon is the nucleation of the shear disloca-
tion loop, the applied force is balanced with a line-tension force under the condition
of a loop curvature smaller than the critical size. Therefore, when the diameter of
the shear dislocation loop is smaller than the critical size, the loop disappears upon
unloading. To reach and overcome the critical size for a stable growth of shear dislo-
cation loops, it is necessary to further increase the applied force or weaken the line
tension through thermal fluctuation. That is, it is necessary to exceed the critical size
of the dislocation loop in order for the dislocation to nucleate and pop-in to occur.
Under a certain external force, dislocation loops of various sizes are generated by the
thermal activation process, while those below the critical size disappear. The higher
the applied stress, the lower is the activation energy required for dislocation nucle-
ation and the smaller is the critical radius. The above model indicates that a higher
stress is required at the same temperature to reach the critical size under the effect of
in-solution carbon atoms, because carbon atoms generate resistance to the growth of
dislocation loops by pinning the migration of dislocation lines. Therefore, the peak
of the higher load side, which appears when the carbon concentration increases,
appears because single or multiple solid-solution carbon atoms act as a large resis-
tance to dislocation motion. As the solid-solution carbon concentration increases,
the distance between the in-solution carbon atoms decreases and some atoms may
form a cluster (Ushioda et al. 2019). It is considered that the peak position shifts
to the higher load side with an increase in the carbon concentration, cluster number
density, and cluster size.

The reason why the distribution width on the high load side increases with the
carbon concentration needs to be discussed. This is synonymous with the increase
in the error bar shown in Fig. 8.7 and is considered to be an essential result of the
distribution of in-solution carbon atoms rather than the measurement error. When
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the carbon concentration increases, the average distance between the carbon atoms
decreases and the formation frequency of the local aggregates, such as a cluster,
increases. There are various cluster sizes under this condition, and the spatial distri-
bution of number density arises. The reason why the distribution width of the high
load side expands is attributed to the fact that the distribution of number density and
cluster size increases with the carbon concentration. On the other hand, the distri-
bution width on the low load side does not change even when the carbon concen-
tration increases. As described above, this peak is attributed to the mechanism in
which carbon atoms are not involved, and therefore there might be a region in which
carbon atoms do not exist depending on themeasurement position, even if the sample
includes nominal carbon atoms. The volume of this region is expected to be more
than that of the plastic region formed underneath the indenter. It is reported that the
diameter is approximately 10 times the indentation depth when the plastic region
under the indenter is assumed to be hemispherical (Itokazu andMurakami 1993). As
the indentation depth corresponding to the peak on the low load side is 10–20 nm,
the corresponding diameter of the plastic region is estimated to be 0.1–0.2 μN. That
is, the region with no carbon atoms is estimated to be larger than this size, and this
region is considered to be randomly dispersed in the sample. Based on the model,
as shown in the schematic diagram in Fig. 8.8, as the nominal carbon concentration
increases, the local concentration increases in the region where solid-solution carbon
atoms exist, while there are regions where almost no atoms exist, which leads to a
significant inhomogeneity in the distribution of these atoms.

8.3.3 Initial Dislocation Density

Pre-existing lattice defects, including dislocations, affect the behavior of plasticity
initiationunderneath an indenter. TheSTEMmicrographs for ultra-lowcarbon (ULC)
and IF steels with different dislocation densities are shown in Fig. 8.9 (Sekido et al.
2012). The recrystallized samples are tensile-deformed up to approximately 40%
strain at room temperature to get a high dislocation density of 1014 m−2. For the
other specimens, the recrystallized samples are further annealed at 1123 K for 7.2
ks, and then held at 973 K for 1.8 ks, followed by cooling to room temperature
in air, obtaining a low dislocation density of 1011 m−2. Figure 8.10 shows typical
load–displacement curves for (a) the specimens after tensile deformation and (b) the
full-annealed one in both ULC and IF steels. Pop-in phenomenon appears clearly in
the low-dislocation-density steels in Fig. 8.10a, and the critical load for the pop-in
in ULC is higher than that in the IF. On the other hand, no clear pop-in is observed
in steels with high dislocation density shown in Fig. 8.10b. Even though the pop-in
phenomenon is not clear in Fig. 8.10b, the critical pop-in load Pc can be found using
the Hertz contact curve of Eq. (8.1) by a deviation from the broken line. Compared to
Fig. 8.10a, b, thePc values are extremely low and the effect of solid-solution elements
is unclear in (b), with a higher dislocation density. Figure 8.11 a–d shows the plots of
Pc versus Δh for IF and ULC with low and high dislocation densities. The following
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Fig. 8.9 STEM images for IF and ULC with a, b low dislocation density and c, d high dislocation
density (Sekido et al. 2012). Reprinted with permission from [K. Sekido, T. Ohmura, T. Hara and
K. Tsuzaki: Mater. Trans., 53 (2012), 907–912.] Copyright (2012) by The Japan Institute of Metals
and Materials

three points can be gotten from the figures. First, the average Pc in the ULC steel is
higher than that in the IF steel with low dislocation density. Second, the average Pc in
the high-dislocation-density samples is lower than that in the low-dislocation-density
materials. Third, the average Pc in the ULC steel is almost the same as that in the IF
steel with high dislocation density. Leipner et al. (2001) described the critical stress
τ n for the dislocation nucleation in GaAs under indentation-induced stress field. The
equation is given as

τn = Gb

πe3r0

2 − ν

1 − ν
, (8.7)
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Fig. 8.10 Typical
load–displacement curves
for IF and ULC with a low
dislocation density and b
high dislocation density
(Sekido et al. 2012).
Reprinted with permission
from [K. Sekido, T. Ohmura,
T. Hara and K. Tsuzaki:
Mater. Trans., 53 (2012),
907–912.] Copyright (2012)
by The Japan Institute of
Metals and Materials

where e is the Euler number and r0 is the cutoff radius at the dislocation core. We
obtain τ n ≈ 9.7 GPa using the typical values of r0 = b/3, b = 0.29 nm, G = 83 GPa,
and ν = 0.3 for ferrite. Meanwhile, the maximum shear stress τmax underneath the
indenter can also be determined from Eq. (8.3) to be approximately 13 and 18.5 GPa
for IF and ULC steels, respectively. In the high-dislocation-density materials, τmax is
lower than τ n, suggesting that the plasticity initiation is dominated by not dislocation
nucleation but another mechanism with a lower critical stress. In high-dislocation-
density materials, the microstructure can include numerous dislocation sources that
have been generated by lattice defects reactions during the tensile deformation, and
some dislocation sources may be activated at a lower applied stress than the critical
shear stress τ c for the indentation-induced dislocation source, and/or pre-existing
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Fig. 8.11 Relationship between Pc and Dh for IF and ULC with a, b low dislocation density and
c, d high dislocation density (Sekido et al. 2012). Reprinted with permission from [K. Sekido, T.
Ohmura, T. Hara and K. Tsuzaki: Mater. Trans., 53 (2012), 907–912.] Copyright (2012) by The
Japan Institute of Metals and Materials

dislocations may start to move at a lower stress than that of dislocation nucleation.
Accordingly, the plasticity initiation under an indentation-induced applied stress is
presumably dominated by themultiplication and/or inception of glidemotionof a pre-
existing dislocation underneath the indenter. Consequently, the plastic deformation
is initiated at a lower load.

There is no significant difference in Pc between the IF steel in Fig. 8.11c and the
ULC steel in Fig. 8.11d, indicating that interstitial carbon has no effect on the pop-in
event in high-dislocation-density materials. The thermal activation process of the
dislocation motion is discussed subsequently to determine the effect of interstitial
carbon on the pop-in event on an experimental approach. The passing mechanism of
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dislocation on the interstitial carbon should be a thermal activation process because
interstitial carbon is a short-range obstacle for dislocation glide motion. Therefore,
the pop-in behavior could be affected by the interstitial carbon in ULC steel, and
Pc should show an indentation rate dependence (Sekido et al. 2011a). Figure 8.12a,
b shows the loading rate dependence of Pc with low- and high-dislocation-density
materials, respectively. In low-dislocation-density materials, the Pc in ULC steel
shows a clear indentation rate dependence, while in high-dislocation-density mate-
rials, no dependence is shown in IF and ULC steels. These results indicate that there

Fig. 8.12 Indentation rate
dependence for IF and ULC
with a low dislocation
density and b high
dislocation density (Sekido
et al. 2012). Reprinted with
permission from [K. Sekido,
T. Ohmura, T. Hara and K.
Tsuzaki: Mater. Trans., 53
(2012), 907–912.] Copyright
(2012) by The Japan Institute
of Metals and Materials
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is no effect of interstitial carbon on the pop-in event of the plasticity initiation for
high-dislocation-density materials.

Next, we discuss two reasons why carbon does not have any effect on the ULC
with high dislocation density under the occurrence of dislocation multiplication.

The first reason is that the dislocation with no carbon pinning could be the domi-
nating mechanism. Britton et al. (2009) discussed the relation between the amount
of carbon and the dislocation density for a pop-in event, using the Fe—0.01 wt%C
polycrystal (bcc) based onCottrell andBilby’smodel (1949). Thismodel explains the
effect of carbon content, ω (wt%), on the stress–strain curve of steels with different
dislocation densities ρ (m−2). A yield drop occurs on the stress–strain curve when

ω/ρ ≥ 10−18
(
wt%m2

)
. (8.8)

In contrast, no yield drop appears when

ω/ρ ≥ 10−19
(
wt%m2

)
. (8.9)

Thus, they concluded that pop-ins do not occur in the sample with many dislo-
cations, as there are not enough carbon atoms to pin all dislocations, which is anal-
ogous to the case of the ULC with high dislocation density in our study. In the
ULC steel, the carbon content is 0.0038 wt%, and dislocation densities are 1011 m−2

and 1014 m−2 for lower and higher samples, respectively. ω/ρ is estimated to be
10–14(wt%m2) for the low dislocation density, which satisfies Eq. (8.8), resulting in
an occurrence of pop-in. On the other hand, ω/ρ is calculated as 10–17(wt%m2) for
high-dislocation-density sample, which is two orders higher with the critical value
in Eq. (8.9). However, the carbon content can be overestimated in the grain interior
because the carbon atoms tend to segregate to the grain boundaries and therefore
the actual carbon content in the grain interior can be lower than the nominal value
in the whole sample. Additionally, the dislocation density can be underestimated as
we can measure it only in the interior of the dislocation cells and cannot count the
dislocations on the cell walls. Therefore, the real value of ω/ρ can be much lower
than the estimated, corresponding to the case of Eq. (8.9). Consequently, we can
presume that a part of the pre-existing dislocations is free from pinning by carbon
and can move in the same manner as the dislocations in the IF as many pre-existing
dislocation and sources exist underneath the indenter.

The other reason is that the critical stress required for dislocation source activation
is more dominant than unpinning from carbon. We estimate the balance between the
carbon contents and the dislocation density for the ULC steel with high dislocation
density. In this estimation, all carbon atoms are assumed to exist in the grain interior
with no segregation or precipitation. The number of carbon atoms per unit volume,
Nc

v, in the ULC steel that is estimated from the carbon composition is as follows.
The carbon content in the ULC is 0.0177 at%; thus, the average spacing of carbon
is estimated to be approximately 4 nm, and Nc

v is calculated to be 1.6 × 1025 m−3.
On the other hand, the number of carbon atoms segregating on a dislocation, Nd

v, is
calculated from the dislocation density. We assume the spacing of the carbon to be
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0.29 nm, which is the nearest neighbor of the octahedral site. Nd
v is obtained as the

dislocation density (1014 m−2) divided by the spacing of carbon atoms (0.29 nm) to
be 3.4× 1023 m−3. Based on the estimations,Nc

v is much larger thanNd
v, indicating

that the carbon content is high enough to pin all dislocations. Thus, another possibility
should be considered. On the other hand, in the line-tension model of dislocation,
the critical stress τ p required for the dislocation multiplication from FR-type source
is expressed as

τp = Gb

lp
, (8.10)

where lp is a FR length. τ p is dominant if it is greater than the stress required for
unpinning from the carbon. Even though it is not easy to estimate the stress required
for unpinning from the carbon in an individual dislocation, the yield stress given
by the tensile test is approximately 300 MPa (Sekido et al. 2011a); hence, a high
probability is given for dislocation glidemotion at this stress level for getting a certain
plastic strain in the initiation of deformation. On the other hand, the τmax calculated
from Pc in Eq. (8.3) is approximately 8 GPa. Since there is a stress distribution
underneath the indenter and the position of the activated dislocation source can be
far from the position of τmax, the actual τ p might be lower than 8 GPa. However, the
τ p value can still be much higher than the macro-yield stress level. Thus, the critical
stress τ p for the activation of the pre-existing dislocation and dislocation source that
is induced by tensile deformation is dominant for the pop-in event and unpinning
from the carbon has no effect on the ULC with high dislocation density. In this case,
Pc is associated with the τ p in Eq. (8.10); hence, in-solution carbon is not related to
Pc. This result is similar to the low-average Pc at grain boundaries, indicating that
the presence of the dislocation source is related to the initiation behavior of plastic
deformation.

8.4 Initiation and Subsequent Behavior of Plastic
Deformation

8.4.1 Sample Size Effect and Elementary Process

One factor that determines the critical stress τ y for the onset of plastic deformation
on a slip plane is the Peierls potential, which changes the self-energy of dislocations
due to the periodicity of the crystal structure. The parameter τ y indicates the stress
required to cross one of the peaks of the Peierls potential (Peierls stress) without
thermal assistance. It has been shown experimentally for various materials that τ y is
expressed in the following form by using the shear modulus G, the spacing between
lattice planes h, and the magnitude of Burgers vector b (Takeuchi and Suzuki 1989;
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Suzuki and Takeuchi 1989).

τy = αG exp

(
−β

h

b

)
, (8.11)

where α and β are constants. As τ y is normalized byG and τ y /G depends only on the
value of h/b, the critical shear stress is almost determined by the crystal structure and
lattice constant. As described above, in the case of a high-purity crystal, especially a
crystallinematerial other than ametal and low-temperature deformation of bccmetal,
the yield stress is determined by the intrinsic factor of the crystal for dislocation glide
motion.

The above interpretation is a model for understanding the macroscopic yield
phenomenon of a single crystal by the motion of a single dislocation. In other words,
the model assumes that a mobile dislocation already exists in the crystal and that its
motion governs the plasticity.

This raises one question.Where does themobile dislocation originate in the crystal
before yielding? Is it the so-called grown-in dislocation, or is it a dislocation formed
or grown during deformation?

The high strength of the whisker was originally attributed to its defect-free nature,
but it is understood that the strength strongly depends on the sample size and that
the thinner the crystal, the lesser is the probability that a longer dislocation source
exists in the sample (Brenner 1956). More recently, Uchic et al. (2004), in a system-
atic study of cylindrical single-crystal samples of sizes ranging from 0.5 to several
10 μm, showed that the yield stress measured in compression tests increased with
the decreasing cylinder diameter. The reason for this is attributed to the fact that
the smaller the sample size, the lower is the number of initial mobile dislocations
involved. Note that the yield stress depends on the sample size, that is, the critical
shear stress of a slip plane depends on the number of dislocations or the number of
dislocation sources included in the stress field. This may provide a new insight into
the strengthening mechanism in grain refinement strengthening, for example. The
conventional mechanism model of grain refinement strengthening is grain boundary
strengthening, which is an obstacle to the glidemotion of dislocations at grain bound-
aries as an elementary process. Besides the conventional model, it is also necessary
to consider that the yield stress in the grain interior increases due to the grain size
effect. The authors demonstrated that the hardness of the grain interior, as well as
the macro-hardness for ultrafine-grained materials of IF steel and pure Al, increases
according to the grain size (Ohmura et al. 2004a; Zhang et al. 2009). The fact that
the yield stress in the grain interior depends on the grain size indicates that the σ 0

term in Eq. (8.5), which has been considered to be the material constant regardless
of the grain size, does not have a constant value and contains important suggestions
concerning the strengthening mechanism.

Another important point in the dependence of strength on the sample size is that not
only the mobile dislocation density but also the dislocation source density is related
to the mechanical behavior. In dislocation theory, when the dislocation density ρ at
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a certain instant is constant, the strain rate γ̇ is expressed by a model governed by
the average mobility of dislocations v and b, as follows:

γ̇ = ρb
−
v. (8.12)

This model is useful for explaining the thermal activation process of deformation
based on the temperature dependence of the dislocationmobility by the finite velocity
caused by viscous motion. In the discussion of the macroscopic plastic strain, a
statistical mechanical approach is possible because it can be regarded as the average
velocity of many dislocations or that of one dislocation during its long-range motion.
The analysis of the general thermal activation process is often based on this model.

On the other hand, in the case of flight motion in which the generated or grown
dislocations move at a constant distance instantaneously, the strain rate γ̇ is given by

γ̇ = ρ̇bx̄, (8.13)

where ρ̇ is the increase rate of dislocation density and x is the average travel distance
of the dislocation glide motion. In this case, x is considered to be the distance to a
mechanical equilibrium position or to the surface, which can be considered constant
in a short time. Therefore, the strain rate is controlled by the growth rate of dislo-
cations ρ̇ at a moment. This model seems to be close to reality as an elementary
process of plastic deformation, if the material deformation is modeled locally and/or
from the short time viewpoint. In fact, as clearly observed in Fig. 8.2, the dislo-
cation density rapidly increases in a very short time and the generated dislocation
immediately moves a certain distance. For the bulk material, the following results
are obtained on the dislocation structure introduced upon pop-in Zhang and Ohmura
(2014). Figure 8.13 shows (a) the SPM image of indentation marks on the sample
surface, (b) the corresponding load–displacement curves, and (c) the cross-sectional
TEM images of the dislocation structure just below the indent marks. As shown in
(a), even though the same peak load is applied to 3 × 8 regularly arrayed positions,
no indentation is formed in some cases. For example, the load–displacement curves
of 1–3 in (b) correspond to their indent marks in the bottom row on the SPM image
in (a). In case of indent 2, no indentation is formed in (a), and the load–displacement
curve in (b) shows a complete elastic deformation inwhich the loading and unloading
curves overlap, and no dislocation is observed in the TEM image in (c). On the other
hand, in case of indent 3, the unloading starts immediately after pop-in according to
the load–displacement behavior in (b), and therefore almost all dislocations observed
in (c) are introduced at the moment of pop-in. Compared to case 1, in which certain
plastic deformation progresses after pop-in, dislocation structures in cases 1 and 3 are
not much different in terms of distribution range and many complicated dislocation
lines. A comparison of these three cases indicates that several dislocations are gener-
ated at the instant of pop-in and move to a certain distance, and then the deformation
progresseswhile the dislocation structure develops gradually in the subsequent defor-
mation. That is, the growth-dominated deformation of Eq. (8.13) progresses at the
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Fig. 8.13 a SPM image of indentation marks on the sample surface, b the corresponding load–
displacement curves, and c the cross-sectional TEM images of the dislocation structure just below
the indent marks (Zhang and Ohmura 2014). Reprinted with permission from [L. Zhang and T.
Ohmura: Phys. Rev. Lett., 112 (2014), 145,504.] Copyright (2014) by The American Physical
Society

instant of pop-in, and thereafter the mobility-dominated deformation of Eq. (8.12)
progresses.

Although the relation between the two models is controversial, both are very
important in discussing the mechanism of plastic deformation. As it was convention-
ally difficult to capture individual dislocation motions directly, an average handling
had to be conducted. The model expressed in Eq. (8.12) is suitable for discussing the
macroscopic behavior. On the other hand, the recent advanced observation and anal-
ysis technologies, including TEM in situ straining, have made it possible to approach
the behavior on the scales of micron or less, as well as more precise elementary
process analysis (Ohmura et al. 2004b; Zhang et al. 2011; Carpeno et al. 2015; Hsieh
et al. 2016; Chung et al. 2018; Onose et al. 2019; Kim et al. 2012). It is necessary to
verify how the conventional knowledge matches the new knowledge by the advanced
research approach or whether it does not match without sticking to the complexes.

8.4.2 Dislocation Mobility and Mechanical Behavior in Bcc
Crystal Structures

Note that the 1/2 <111> screw dislocations in bcc crystals exhibit a large Peierls force
due to the specificity of the atomic arrangement and dislocation core structure (Hirsch
1968; Vitek 1974; Suzuki 1968; Takeuchi 1981; Edagawa et al. 1997), and they are
considered to have significantly lower mobility than edge dislocations. It has been
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experimentally observed that linear screw dislocations are dominant in dislocation
structures after deformation in bcc single crystals. This behavior is understood as the
reason for the anomalous properties in that the yield stress of bcc crystals is higher
than that of fcc crystals in the low-temperature range, the temperature dependence of
the yield stress is large, and CRSS shows plastic anisotropy depending on the shear
direction (failure of Schmid’s law).

In general, the relation between dislocation mobility and applied stress is
expressed by the following equation, as dealt with in Johnston–Gilman’s theory
(Johnston and Gillman 1959; Johnston 1962):

v ∝ τm . (8.14)

The stress exponent m varies depending on the crystal and is relatively small in
the case of a semiconductor or an ionic crystal and large in the case of a metal.
From Eqs. (8.12) and (8.14), the relation between strain rate γ̇ and applied stress τ

is expressed as follows:

γ̇ ∝ ρbτm . (8.15)

Therefore, under the condition that m is small, the strain rate dependence of the
applied stress increases and themobility of the dislocation dominates the yield stress.
Based on this model, the reasons why the temperature dependence of the yield stress
of bcc crystals is high can be understood by the low mobility of screw dislocations.

The relation between the dislocation mobility and applied stress is directly
observed by TEM in situ micropillar compression deformation analysis using the Fe
alloy single crystal (Zhang et al. 2012). Figure 8.14a, b shows snapshots extracted
from movies of deformation during the tests. Figure 8.14c shows the load–displace-
ment data recorded in synchronism with the observation, as well as the relation
between the dislocation behavior and mechanical response. The compression axis
of the pillar is parallel to the <110> axis, and the directions in which the two <111>
directions that can be potential. Burgers vectors are indicated by arrows in Fig. 8.14a,
b. The dislocation component is roughly judged from the relation between a line
vector of the dislocation and the direction of the Burgers vector <111> . The screw
component dominates when the dislocation line is parallel to the compression axis
of the pillar, while the edge dislocation dominates the perpendicular dislocation line.
In the dislocation shown in Fig. 8.14a, the edge component is judged to be dominant
from the direction of the dislocation line. The two images (a1) and (a2) shown in
Fig. 8.14a are taken at 1/30 s intervals. During the interval, the edge dislocation
moves instantaneously from the left end to the right end in the figure, indicating a
very high movement speed. The moment this phenomenon is observed, the corre-
sponding mechanical behavior is indicated by arrow 1 on the load–displacement
curve, which is the first half of the relatively lower stress deformation. On the other
hand, in the dislocation shown in (b), as the dislocation line is almost parallel to the
<111> axis, it can be judged that the screw component is dominant. Comparing (b2)
and (b1) recorded at intervals of approximately 3 s, to examine the moving speed,
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Fig. 8.14 a and b are snapshots extracted frommovies of deformation during the tests. Figure 8.10c
shows the load–displacement data recorded in synchronismwith the observation (Zhang et al. 2012).
Reprinted with permission from [L. Zhang, T. Ohmura, K. Sekido, T. Hara, K. Nakajima and K.
Tsuzaki: Scripta Mater., 67 (2012), 388–391.] Copyright (2012) by Elsevier
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while the time intervals are nearly 10 times as long as those of (a1) and (a2), the
travel distance during the time interval is small and the moving speed is much lower
than the edge dislocation. The mechanical behavior corresponding to the moment
with screw dislocation dominancy is the position on the load–displacement curve,
indicated by arrow 2 in (c), and the flow stress is higher than that in the case of edge
dislocation in (a). These results indicate that the mobility of screw dislocations in
bcc metals is extremely lower than that of edge dislocations, and the flow stress is
thereby increased.

In addition, the TEM in situ deformation analysis of IF steel successfully captures
the dynamic relation between dislocation density and flow stress under the condi-
tion dominated by screw dislocations (Zhang et al. 2014). The sample exhibits a
blade-like shape with a height and width of approximately 600 nm and a thick-
ness of approximately 80 nm. Figure 8.15a shows the true stress–true strain curves
measured simultaneously with TEM observation with two curves to show repro-
ducibility. Figure 8.15b–f shows snapshots taken from a movie recorded by TEM
in situ deformation. The compression axis is horizontal, and a diamondflat-end punch
approaches the specimen from the left side of the figure. As shown in Fig. 8.15b, the
dislocation density before the yield stress is extremely low. The yield stress obtained
from (a) exceeds 1.0 GPa, which is orders of magnitude higher than the bulk yield
stress. This is consistent with the size-dependent behavior described in Sect. 8.4.

Fig. 8.15 a True stress—true strain curves measured simultaneously with TEM observation. b–
f are snapshots taken from a movie recorded by TEM in situ deformation (Zhang et al. 2014).
Reprinted with permission from [L. Zhang, N. Sekido and T. Ohmura: Mater. Sci. Eng., A611
(2014), 188–193.] Copyright (2014) by Elsevier
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Fig. 8.16 Results of fitting
by Eq. (8.16) for changes in
flow stress obtained from the
stress–strain curve and
dislocation density obtained
from TEM images (Zhang
et al. 2014). Reprinted with
permission from [L. Zhang,
N. Sekido and T. Ohmura:
Mater. Sci. Eng., A611
(2014), 188–193.] Copyright
(2014) by Elsevier
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After yielding, the stress tends to decrease gradually. At the same time, the dislo-
cation density is observed to increase gradually. The relation between flow stress
and dislocation density is discussed below. In this case, unlike the case of Fig. 8.2,
the increase in dislocation density is slow, and thus the number of dislocations for
a short time can be regarded as constant. The deformation is under the dislocation
mobility, not under the growth of dislocation density, and the relation between the
macroscopic plastic strain rate and dislocation density is discussed using Eq. (8.12).
As the relation between the dislocation mobility and the applied stress is given by
Eq. (8.14), under the condition that the moving speed of dislocations, which give
plastic deformation, is the same, the relation between the shear stress and dislocation
density is arranged as follows:

log τ ∝ A − 1

m
log ρ, (8.16)

where A is a constant. Figure 8.16 shows the results of fitting by Eq. (8.16) for the
changes in flow stress obtained from the stress–strain curve and dislocation density
obtained from TEM images. From this plot, the exponent m value is determined to
be approximately 7. According to the literature (Stein and Low 1960), the m value
obtained from experimentally determining the relation between shear stress and the
mobility in an edge dislocation dominancy in Fe-Si alloy is approximately 40, which
is 6 times larger than the result shown in Fig. 8.16. This is attributed to the fact that the
mobility of screw dislocations in bcc is lower than that of edge dislocations, which is
consistent with our understanding of themobility of screw dislocations. Additionally,
the values of the stress exponent m are discussed as follows. In Eq. (8.15), under the
condition that the dislocation density is constant, the relation between the strain rate
and stress can be expressed as follows:

∂ ln γ̇

∂τ
= m

τ
. (8.17)
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Fig. 8.17 Results of the
yield stress of pure iron
single crystal and its strain
rate dependence (Aono et al.
1981). Reprinted with
permission from [Y. Aono,
E. Kuramoto and K.
Kitajima: Rep. Res. Inst.
Appl. Mechanics, Kyu-shu
Univ. XXIX, (1981), 127.]
Copyright (1981) by
Research Institute for
Applied Mechanics, Kyushu
University

On the other hand, Fig. 8.17 shows the results of the yield stress of pure iron single
crystal and its strain rate dependence (Aono et al. 1981). The yield stress at room
temperature and its strain rate dependence can be read as 20 and 3MPa, respectively.
Substituting them into Eq. (8.17), the m value is calculated to be approximately 7.
Note that this value agrees well with that obtained from the plot shown in Fig. 8.16.
These results are the first real-time demonstration of the Johnston–Gilman model,
which expresses the relation between dislocation density and flow stress, and it can
be said that the elementary process of the relation between dislocation behavior and
mechanical response is approached by the new observation and analysis technology.
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8.4.3 Plasticity Induced by Phase Transformation

Indentation-induced phase transformation is another important behavior during
nanoindentation, as reported for various materials (Ahn et al. 2010; Crone et al.
2007; Frick et al. 2006). Phase transformation is detected by SPM imaging of the
sample surface after nanoindentation inmost cases, andmechanical behavior analysis
for theP–h relation is an important approach for investigating this behavior. As a new
analytical approach, a transition in the plastic deformation mechanisms is analyzed
from the P/h–h plots (Sekido et al. 2011b). The theoretical load with a conical or
pyramidal indenter in an elastoplastic deformation is given by the following equation:

Pt = ah2, (8.18)

where a is the material constant that depends on the elastic and the plastic properties
of a material. Thus, P/h–h plots should show a constant slope corresponding to a
when the deformation mode is kept the same during the deformation. Although the
actually measured Pm includes the influences of the tip truncation and stiffness of
the load frame, expressed by

Pm = ah2 + a2h, (8.19)

where a2 is the constant that is corresponding to the shape of the indenter tip and
the stiffness of the load frame (Ohmura et al. 2002). The coefficient a2 turns into
the y-intercept by the transformation to the P/h–h plots to separate from the param-
eter a that corresponds to the intrinsic behavior of materials. However, parameter
a changes when different deformation modes operate during a plastic deformation.
Then, Eq. (8.18) is expressed in the following two ways:

Pt = aehe
2 (8.20)

and

Pt = aph
2
p, (8.21)

where ae and ap are constants for elastic and plastic deformation, and he and hp are the
elastic and plastic penetration depths, respectively. ap is proportional to hardness H
given byH = P/A, where P is the applied load and A is the projected area of contact,
which is proportional to hp2. As h can be expressed through a simple summation of
he and hp (Oliver and Pharr 1992), the relation among a, ae, and ap is given by

a−1/2 = a−1/2
e + a−1/2

p . (8.22)
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Assuming that ae, which is correlated with Young’s modulus, is not associated
with plastic strain, only ap is the controlling factor for a in Eq. (8.18). Hence, a slope
change on a P/h–h plot corresponding to a in Eq. (8.19) denotes a change in ap,
which is affected by the plastic deformation mode and indicates that a load for the
transition of deformation modes can be visualized by the slope change on the P/h–h
curve.

Figure 8.18a–c represents the typical P–h curves obtained from the nanoindenta-
tion tests under peak loads of 1, 4, and 8 mN. A sudden displacement burst, which
is called a pop-in, is observed on the P–h curves, shown as insets in the upper left
corner of the figure. The critical load at which the first pop-in occurs is indicated as
Pc and the corresponding excursion depth is denoted as �h. The broken lines in the
three figures correspond to the calculated curves from Eq. (8.1), which are obtained
by substituting E* = 200 GPa and Ri = 230 nm. The experimental data below Pc

agree with the calculated curves, suggesting a purely elastic deformation below Pc.
Figure 8.18d–f exhibits the P/h–h plots calculated from Fig. 8.18a–c, respectively.
The slopes of the P/h–h plots are approximately 0.06 μN/nm2 at an early stage of
plastic deformation, following the first pop-ins that occur below 1 mN, as shown in
Fig. 8.18d–f. The slopes of approximately 0.10 μN/nm2 appear through a further
loading of up to 4 and 8 mN, as shown in Fig. 8.18e, f. This slope change on the

Fig. 8.18 P–h curves obtained by nanoindentation with peak loads of a 1 mN, b 4 mN, and c 8
mN. The P–h curves (a), (b), and (c) after the first pop-ins are converted into P/h versus h curves of
d 1 mN, e 4 mN, and f 8 mN, respectively (Sekido et al. 2011b). Reprinted with permission from
[K. Sekido, T. Ohmura, T. Sawaguchi, M. Koyama, H.W. Park and K. Tsuzaki: Scripta Mater., 65
(2011), 942–945.] Copyright (2011) by Elsevier
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Fig. 8.19 Relationship
between Pc and Δh for the
first pop-ins (Sekido et al.
2011b). Reprinted with
permission from [Ohmura, T.
Sawaguchi, M. Koyama,
H.W. Park and K. Tsuzaki:
Scripta Mater., 65 (2011),
942–945.] Copyright (2011)
by Elsevier

P/h–h curves is speculated to be the consequence of the change in the predominant
deformation mode.

The SPM observations indicate that the stress-induced ε-martensitic transforma-
tion is the deformation mode that predominantly operates at an early stage of plastic
deformation during nanoindentation (Sekido et al. 2011b). Figure 8.19 shows the
relation between the critical load Pc and the corresponding excursion depth Δh at
the first pop-in. The results for an Fe-33Ni steel (FCC) and a Ti-added IF steel (BCC)
are also shown for comparison. The figure shows that based on equivalent Pc values,
the values of Δh in the present alloy are significantly smaller than those in the IF
and Fe–Ni steels. Pc and Δh have been shown to be closely related to their Young’s
moduli (Ohmura and Tsuzaki 2007b); however, Young’smodulus of the present alloy
is comparable to that of the IF and Fe–Ni steels, suggesting that the smaller values
of Δh cannot be attributed to the elastic property. Note that the present alloy shows
the stress-induced ε-martensitic transformation at a lower load (Otsuka et al. 1990),
while the slip deformation has been identified as the predominant deformation mode
in IF and Fe–Ni steels, at least on a bulk scale. Therefore, a smaller Δh is derived
from the deformation mode operating in the present alloy, i.e., the stress-induced
ε-martensitic transformation. Using the geometrically necessary (GN) dislocation
loop model proposed by Shibutani et al. (Shibutani et al. 2007), the excursion depth
Δh is given as

�h = nb, (8.23)

where n is the number of GN dislocations. Equation (8.23) shows that a smaller Δh
corresponds to fewer dislocations formed during the pop-in event. ε-martensite is
known to form by the motion of partial dislocations on alternative {111} planes. As
the dislocationmultiplication in FCCmetals requires the shrinkage of extended dislo-
cations, no dislocation multiplication occurs during the stress-induced ε-martensitic
transformation. Thus, the smallerΔh in the present alloy also implies the occurrence
of ε-martensitic transformation.

In a practical design of high-performance steel by phase transformation, the
transformation-induced plasticity (TRIP) effect is a major factor for maintaining
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a good balance between strength and elongation (Cooman 2004; Aydin et al. 2013;
Cao et al. 2011; Zaefferer et al. 2004; Jacques 2004; Zackay et al. 1967). The stability
of austenite phase is affected bymany factors, including chemical composition, grain
size, grain geometrical shape, crystallographic orientation, and the phase surrounding
the retained austenite, and further understanding of individual factors is required. To
address this issue, nanoindentation techniques are applied to investigate the mechan-
ical stability of individual retained austenite grains in TRIP steels, especially for the
boundary effect.

Nanoindentation tests are performed for the austenite grains with different size
in high-carbon quenched-tempered steel (Man et al. 2019). Figure 8.20 presents the
phase maps and SPM images of the three austenite grains, which is highlighted by
dashed lines. The corresponding P/h–h plots for the three grains are presented in
Fig. 8.21. Interestingly, all P/h–h plots show double stages on the loading curve
during the plastic deformation, i.e., slope a with a low value for in stage I turns into
a higher value in stage II. In addition, the value of a in stage I is higher for the small
grains. Furthermore, the transition load Pt , which is defined as the change in the
slope of the P/h–h plot, is found to increase with decreasing the austenite grain size.
In fact, the slope a in stage I is lower and the Pt value is relatively clear for a large
austenite grain. In contrast, a is larger in stage I, and thus Pt is difficult to determine
for a small austenite grain. For getting a reliable conclusion, the nanoindentation tests
were repeated for 76 austenite grains with different sizes. Thus, Fig. 8.22a, b shows
plots of slope a in stage I and the Pt value, respectively, as a function of austenite
grain sizeD. As indicated, when the austenite grain size increases, both the slope a in
stage I and the Pt value decrease. Although the data show some scattering due to the
irregular shapes of the austenite grains, it is concluded that larger grain size has lower
resistance to plastic deformation.A change in the slope of theP/h–h plot is believed to
be the consequence of a change in the deformationmode for the plastic deformation in
the retained austenite, which is a transition from the stress/strain-inducedmartensitic
transformation of the metastable retained austenite into the dislocation glide motion
in the transformed martensite. It is also found that both the slope a in stage I and the
value ofPt increase upon decreasing the austenite grain size. This result suggests that
themechanical stability of the retained austenite increases with decreasing grain size,
that is, the resistance against stress-induced martensitic transformation increases in
smaller grained austenite. This can be partly attributed to a constraint effect by the
surrounding tempered martensite phase. As the tempered martensite phase is harder
than the retained austenite phase, the austenite to martensite transformation with
volume expansion should be inhibited by the tempered martensite phase. This effect
is more significant in a region close to the interface because the volume expression
by the γ to α’ transformation is subjected to greater compressive stresses and space
limitations from the martensite–austenite interface in smaller austenite grains.

The boundary effect on the mechanical stability of metastable austenite (γ) in the
Fe–Ni steels is characterized using a combination of nanoindentation and transmis-
sion electron microscopy (Man et al. 2020). Figure 8.23a, c shows phase maps drawn
after the nanoindentation tests, where red and green indicate γ and α’, respectively.
Figure 8.23b, d shows the corresponding Image Quality maps. Nanoindentation tests
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Fig. 8.20 a Phase map and b SPM image showing the indentation mark position in the retained
austenite grain with a smaller grain size of 1.55 μm indicated by dashed triangle. c, d The middle
size of 2.76 μm indicated by dashed quadrangle, and e, f a larger size of 5.38 μm indicated by
dashed triangle (Man et al. 2019). Reprinted with permission from [T. Man, T. Ohmura and Y.
Tomota: ISIJ Int., 59 (2019), 559–566.] Copyright (2019) by The Iron and Steel Institute of Japan
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Fig. 8.21 P/h versus h plots
corresponding to the three
grains with sizes of a
1.55 μm, b 2.76 μm, c
5.38 μm shown in Fig. 8.6.
All plots exhibit the two
stages of I (blue) and II
(green) (Man et al. 2019).
Reprinted with permission
from [T. Man, T. Ohmura
and Y. Tomota: ISIJ Int., 59
(2019), 559–566.] Copyright
(2019) by The Iron and Steel
Institute of Japan
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Fig. 8.22 a Slope a in stage
I and b the transition load Pt
plotted as a function of the
grain size D of retained
austenite phase (Man et al.
2019). Reprinted with
permission from [T. Man, T.
Ohmura and Y. Tomota: ISIJ
Int., 59 (2019), 559–566.]
Copyright (2019) by The
Iron and Steel Institute of
Japan

with a peak load of 2000 μN are conducted within the γ grain interior and in the
vicinity of the γ/γ grain boundary, as well as the γ/α’ interface. The indentation
marks at the γ grain interior, in the vicinity of the γ/γ grain boundary, as well as the
γ/α’ interface, are outlined by pink, orange, and blue circles and arrows, respectively,
as shown in Fig. 8.23b, d. Figure 8.24 shows a plot of the average values of slope
a on P/h − h plot in stage I and Pt for metastable γ in Fe-27Ni and the stable γ in
Fe-30Ni. The plot includes the results for the γ grain interior, γ/γ grain boundary, and
γ/α’ interface, which are indicated by rectangles, circles, and rhombi, respectively.
In each case, the error bars are calculated on the basis of SDs for the total data. The
results show a tendency for the average values of slope a in stage I and of Pt for
metastable γ to become lower for the γ/α’ interface, γ/γ grain boundary, and γ grain
interior, in turn. Furthermore, the average slope of the a value for the γ grain interior
is lower in stage I of metastable γ in Fe-27Ni (0.013 μN/nm2) than in the plastic
deformation stage of stable γ in Fe-30Ni (0.025μN/nm2). In addition, the difference
in the average slope values between the γ/γ grain boundary and γ grain interior is
higher for metastable γ in Fe-27Ni (0.012 μN/nm2) than that for stable γ in Fe-30Ni
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Fig. 8.23 a, c Phase maps, where red indicates austenite (γ) and green indicates martensite (α’),
and b, d IQ maps taken after nanoindentation tests with a peak load of 2000 μN. The indentation
marks at the γ grain interior and in the vicinity of the γ/γ grain boundary in Fe-27Ni-H, and in the
vicinity of the γ/α’ interface in Fe-27Ni-S, are outlined by the pink, orange, and blue circles and
arrows in (b) and (d), respectively (Man et al. 2020). Reprinted with permission from [T. Man, T.
Ohmura and Y. Tomota: Mater. Today Comm., 23 (2020), 100896] Copyright (2020) by Elsevier

Fig. 8.24 Plot of average values of slope a in stage I and Pt for metastable γ in Fe-27Ni-H and
Fe-27Ni-S, and slope a in plastic deformation stage for stable γ in Fe-30Ni, where γ grain interior,
γ/γ grain boundary, and γ/α’ interface are indicated by rectangles, circles, and rhombi, respectively.
Error bars are calculated based on standard deviation for total data in each case (Man et al. 2020).
Reprinted with permission from [T. Man, T. Ohmura and Y. Tomota: Mater. Today Comm., 23
(2020), 100896] Copyright (2020) by Elsevier
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(0.004 μN/nm2). The average values of slope a in stage I and Pt for the γ/γ grain
boundary and γ/α’ interface are higher than those for the γ grain interior, indicating
that the resistance of the boundaries to martensitic transformation is higher than that
in the γ grain interior. Furthermore, the average values of slope a in stage I and Pt for
the γ/α’ interface are higher than those for the γ/γ grain boundary, suggesting that
the constraint effect of the γ/α’ interface is higher than that of the γ/γ grain boundary,
as the hardness of α’ is higher than that of γ.

8.5 Summary

This chapter introduces nanoindentation and TEM in situ deformation analysis,
which are a method for directly analyzing the mechanical behavior on nanoscale and
capturing the relation with dislocation motion in real time. The new analysis method
enables us to grasp the behavior on the nanoscale in detail, and new knowledge is
obtained on the function of grain boundaries as dislocation sources, the deformation
behavior related to dislocation motion other than viscous motion, and the relation
between the character of dislocation and mechanical response. To clarify the mech-
anism of plastic phenomena in more detail, it is necessary to reveal the effect of
temperature, which is an important external state variable, as well as stress, and it is
desired to improve the measuring technique at low temperatures below room temper-
ature, or conversely, at high temperatures. To overcome the 106 order gap mentioned
in the Introduction, it is necessary to construct a material behavior model based on
the new knowledge. This is a barrier that could not be completely overcome even
by the conventional dislocation theory, but we would like to continue challenging it
further through advanced efforts, such as new experimental analysis methods.

A new concept of “Plaston” was proposed for further understanding the mechan-
ical behavior and controlling the performance of structural materials (Tsuji et al.
2020).Plaston presumably include a singularity with a stress intensity and an excited
state with elastic strain energy leading to a mechanically instability in a local atom-
istic arrangement. It is expected that the unstable state instantaneously transfers
to metastable states in various lattice defects including dislocations, twin defects,
cracks, phase boundaries and so on. As the transferred defects subsequently domi-
nate the macroscopic mechanical properties of materials, it is important to control
a transition path to choose an appropriate defect structure. That is a novel guide
principle to get high-performance materials. The mechanical singularity presumably
occurs at local regions such as crack tip, grain boundary, triple junction etc., which
can hardly be captured by conventional experimental approach. For the issuers, the
nanoindentation has a strong potential by inducing an excited state intentionally at
any positions in a material to see how materials behave under the unstable state.
In particular, the pop-in event, which is described in this chapter, is an interesting
phenomenon under a remarkably high-stress state close to the theoretical strength
level. Therefore, nanomechanical characterization has a great potential to reveal an
elementally step of various deformation modes and develop the concept of Plaston.
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Chapter 9
Synchrotron X-ray Study on Plaston
in Metals

Hiroki Adachi

Methods that can be used to reinforce metal include solid solution strengthening
(Fleischer 1963), precipitation strengthening (Gerold and Harberkorn 1966), dislo-
cation hardening (Bailey and Hirsch 1960), and grain refining (Petch 1953; Hall
1951). In particular, in grain refining, as expressed in the Hall–Petch equation, the
strength of the material increases linearly as the crystal grain becomes finer. As the
process does not inevitably require the addition of many elements, it is suitable for
use in recycling, lessens the load on the environment, and consequently has recently
attracted attention as a method for reinforcing structural metal materials. Another
reason for the increased focus on grain refining is that the development of a severest
plastic deformation method allows a relatively easy preparation of submicron grain
metal crystals (Valiev et al. 2000; Tsuji et al. 2002; Huang et al. 2003; Horita and
Langdon 2005; Ferrasse 1997).

The ultra-fine grained (UFG) materials thus obtained exhibit significantly
high strength as well as unique mechanical characteristics, such as the extra-
hardening phenomenon (Kamikawa et al. 2003, 2009), the hardening-by-annealing
phenomenon (Huang et al. 2006), and the yield-point-drop phenomenon (Kamikawa
et al. 2003, 2009), in AI alloys. In the extra-hardening phenomenon, when the
crystal grain size falls below a few micrometers, the strength of the UFG mate-
rial increases beyond that represented by a line extended from the slope of the
Hall–Petch plot. Although with coarse-grained (CG) materials, the hardening-by-
annealing phenomenon results in recovery and recrystallization, and since there is
decreased dislocation density, which results in decreased strength and increased
ductility, with UFG materials, this phenomenon causes an entirely opposite change
of increasing the strength of thematerial and decreasing its ductility.Moreover, while
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the yield-point-drop phenomenon is observed in steel materials with a BCC struc-
ture, normally, because Al alloys with a face-centered cubic (FCC) structure show
a continuous decrease, they show no yield-point-drop phenomenon. However, yield
point drop has been reported in UFG Al alloys. Otherwise as well, for super-fine-
grain materials, it has been reported that the strain rate dependence of yield strength
becomes very large.

As aforementioned, UFG materials exhibit unique mechanical characteristics,
believed to be a result of their mechanism of plastic deformation being different
from that of CG materials. One reason for this difference is thought to be their
significantly high grain densities compared to those of CG materials. Plastic defor-
mation in CG materials occurs due to dislocations, which gradually increase inside
grains. However, in UFG materials, deformation also occurs due to the formation of
nanotwin crystals generated from the grain boundary and stacking faults. Another
reason is thought to be the difference in the behavior of dislocations inside the
grains from CGmaterials. We referred the components of deformation as “Plaston,”
and this study aims to improve the strength and ductility of metallic materials by
understanding plastons.

The first approach is to understand the extent to which the unique mechanical
characteristics of UFG materials can be explained by dislocation motion and to
which they cannot. That is, there is a need to understand whether the characteristics
must be explained using conceptions of plastons other than dislocation. It has been
indicated that nanotwins and stacking faults can occur at grain boundaries in UFG
materials (Lu et al. 2005; Shen et al. 2005; Chen et al. 2003), so dislocation can
both occur and disappear at the grain boundaries (Mompiou et al. 2012). For this
reason, it is necessary to conduct research while considering the possibility that the
dislocation substructure might differ during deformation and after unloading, and
thus it is desirable to conduct in situmeasurements. To date, there have been examples
described in the literature where the behavior of dislocations during deformation
was observed using a transmission electron microscope (TEM). However, the films
for TEM observations are extremely thin and the surface effect on the dislocation
motion cannot be neglected. Therefore, it is desirable to use bulk materials for such
measurements. For this reason, in situ X-ray diffraction (XRD) measurements were
conducted during the deformation of materials at SPring-8, the largest synchrotron
radiation facility, and the effect of the crystal grain size on the dislocation behavior
was studied (Adachi et al. 2015, 2016; Miyajima et al. 2016; Nakayama et al. 2016),
[39].

The synchrotron radiation at SPring-8 exhibits high flux, which enables the
measurement of the diffraction intensity with a high signal-to-noise (S/N) ratio
within a short time. Furthermore, a detector with a large area enables multiple
diffraction peaks to be collected simultaneously, making it possible to carry out
in situ measurements with high temporal resolution and record diffraction peaks
over a large diffraction angle range within ~0.5 s. Additionally, synchrotron radia-
tion exhibits high directivity, which reduces the effect of the instrumental function on
the XRDmeasurement results and represents an advantage of synchrotron radiation.
TheWilliamson–Hall method is used for calculating the dislocation density from the
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obtained XRD diffraction profile, expressed as

�2θhklcosθ

λ
= 0.9

D
+ 2ε

sinθhkl

λ
,

where θ is the diffraction peak angle,�2θ is the full width at half maximum, and D is
the crystallite size, which can be obtained from the reciprocal of the intercept of the
Williamson–Hall plot, where θ and�2θ values of multiple diffraction peaks from the
XRD measurements are used to construct a Williamson–Hall plot, with 2sinθ/λ on
the horizontal axis and �2θcosθ/λ on the vertical axis. The inhomogeneous strain,
ε, in the crystallite can be obtained from the slope of the plot. Assuming that the
inhomogeneous strain is a result of dislocation, the dislocation density can be calcu-
lated using either of the following equations, (9.1) or (9.2). Here, the coefficient in
Eq. (9.1) has a value of 16.1 for the FCC structure and that of 14.4 for the BCC struc-
ture. Since the goal here is to compare CG and UFG materials, Eq. (9.1) is chosen
because it is difficult to accurately obtain the crystallite size, D, for CG materials,
which is a required parameter in Eq. (9.2) (Williamson and Hall 1953; Williamson
and Smallman 1956, 1954).
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Figure 9.1 shows the change in the dislocation density during tensile deformation
in a 2 N-aluminum alloy with a crystal grain size of 0.5 μm, formed using the ARB
method. As the deformation progresses, the dislocation density changes through four
regions. In the first region (region I), the dislocation density does not increase. As the
stress increases linearlywithmacrostrain, it is said to be an elastic deformation region.
In the second region (region II), the dislocation density increases rapidly, showing
the start of plastic deformation, where stress at this time is denoted by σI. For this
reason, the stress σI at the boundary between regions I and II can be recognized as the
yield stress when the dislocation starts to increase from the dislocation source. The
increase in dislocations in region II is almost linearwith that in themacrostrain, but the
system transitions to the third region (region III) when the dislocation density reaches
a certain value (ρII). The increase in dislocations in region III is slower than that in
region II. However, it is not that the rapid increase in the dislocation density in region
II gradually slows down as the system enters region III, but rather that the increase in
dislocation density suddenly becomes slower when it reaches a certain value (ρII =
9.1 × 1014 m−2). The significance of parameter ρII will be discussed later. Unlike in
region II, the dislocation density slowly changes in region III. Next, the dislocation
density suddenly decreases with unloading associated with fracture. This decrease
indicates the occurrence of region IV. Since the time resolution of the experiment is
2 s, the dislocation density decreases to a quarter of that value during deformation
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Fig. 9.1 Change in the dislocation density with the nominal strain for ARBed Aluminum during
the in situ XRD measurement. Reproduced from (Adachi et al. 2020) and (Adachi et al. 2021) by
permission of The Japan Institute of Light Metals

in less than 2 s, reaching the same level as that before the deformation. This is
likely because, in UFG materials with a high grain boundary density, the boundary
always exists close to the intra-grain dislocations, which leads to dislocations being
annihilated, with the grain boundary acting as the sink in the unloading (Williamson
and Smallman 1954). This means that in UFGmaterials, the dislocation substructure
is quite different during deformation and after unloading, and that it is difficult to
observe the structure during deformation by studying the dislocation substructure
after unloading using an electron microscope. This can lead to a misunderstanding
that even at room temperature, the driving component of the deformation in UFG
materials is not dislocation, but other plastons, such as boundary sliding.

Figure 9.2a shows the changes in the dislocation density during tensile deforma-
tion of a 2 N-aluminumCGmaterial with a grain size of 20μm, formed by annealing
a UFG material. Figure 9.2b shows the enlarged view around the low-strain side. In
a CG material, the dislocation density also changes through four regions. However,
region I, the elastic deformation region, is very short, and dislocations start to increase
once the stress reaches 15 MPa (=σI), whereby the system transitions to region II.
The fact that σI = 102 MP for the UFG material with a grain size of 0.5 μm shows
that the dislocation source is activated at very low stress, and dislocations start to
increase. In region II, the dislocations rapidly increase, just as in UFGmaterials, and
the increase in the dislocation density becomes slow when it reaches a certain value
(ρII = 1.57× 1014 m−2). The value of ρII is about one-sixth that of the UFGmaterial,
which is very small, and the system quickly reaches ρII after entering region II, so
region II is barely observed. In region III, the dislocation density increases more
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Fig. 9.2 Change in the dislocation density with the nominal strain for coarse-grained Al during the
in situ XRD measurement. Reproduced from [22] and [39] by permission of The Japan Institute of
Light Metals
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slowly than that in region II and achieves a value of ~6 × 1014 m−2 right before the
fracture. Next, as in UFG materials, the dislocation density increases more slowly
with unloading associated with the fracture. However, the reduced amount is about
half the increase in region III, and the dislocation density is much higher than that
before the tension occurs. This is because the low grain boundary density in the CG
material leads to little dynamic recovery. This shows that for the CG material, it is
more or less possible to analogize the dislocation substructure during deformation,
based on the dislocation substructure observed after unloading.

In the UFG material, the dislocation density rapidly increases in region II and
does not increase much in region III, and the flow stress also does not increase. In
contrast, for the CGmaterial, the dislocation density significantly increases in region
III, leading to an increase in the flow stress. Dislocations arise from the dislocation
source in region III of the UFGmaterial, but dynamic recovery, in which annihilation
of the grain boundary as the sink occurs, progresses equally as fast, resulting in their
balancing each other. As a result, the dislocation density hardly increases in region
III, and the flow stress does not increase at all. Therefore, there is no work hardening
in region III in the UFG material, which causes plastic instability and low ductility.
On the other hand, in the CGmaterial, there is little dynamic recovery due to the low
grain boundary density, so the dislocation density significantly increases in region
III and work hardening occurs, resulting in high ductility.

Next, a Ni with FCC structure is used to form even finer crystal grains because
aluminum has a low melting point and low stacking fault energy, which leads to
dynamic recovery during plastic deformation processing, and because it is difficult
to reduce the diameters of the crystal grains of 2 N-aluminum via severe plastic
deformation processing. Figure 9.3 shows the changes in dislocation density during
tensile deformation in UFG nickel with a crystal grain size of 270 nm formed using
ARB processing. The dislocation density of the UFG nickel also transitions through
four regions, where in situ XRD measurements can be used to obtain the values
of σI, ρII, and σII. For this material, the value of ρII is as high as 1.6 × 1015 m−2,
which is 1.8 times higher than that of the UFG aluminum with a particle diameter
of 500 nm. Another difference between this material and the UFG aluminum with
a grain diameter of 500 nm is that the dislocation density gradually increases in
region III, which is likely to be because of nickel having a higher melting point
than aluminum, and thus a lower stacking fault energy, resulting in slow dynamic
recovery. However, in region IV, the unloading associated with fracture causes the
dislocation density to instantaneously drop to a value close to that observed before
the application of tension, and the dislocation substructure during the deformation
of a UFG material is significantly different from that after unloading.

It is difficult to obtain finer nanocrystal grains using top-down methods such as
high-strain processing (Dao et al. 2007; Liao et al. 2006), and thus a bottom-up
method is required. Representative bottom-up strategies include electrolytic depo-
sition, amorphous crystallization, and nanopowder solidification molding methods,
which can produce a material with crystal grains of a single nanometer to a few
tens of nanometers, sizes unobtainable via severe plastic deformation processing.
Aluminum is a base metal, and a solution cannot be used as the electrolytic bath in
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Fig. 9.3 Change in the dislocation density with the nominal strain for ARBed Ni during the in situ
XRD measurement. Reproduced from (Adachi et al. 2016) by permission of The Japan Institute of
Metals and Materials

the electrolytic deposition method, so the electrolytic deposition method is instead
used to produce a nanocrystalline nickel material. A Watt bath is used with nickel
sulfate hexahydrate to produce nickel nanocrystals with a crystal grain size of 50 nm
(Schuh et al. 2002). Figure 9.4 shows the changes in dislocation density during
tensile deformation for the nickel nanocrystals (Adachi et al. 2016). Like the CG and
UFG materials, there are four regions in the dislocation density profile of the nickel
nanocrystals (NC), where region II with a rapid increase in the dislocation density is
extremely long and the dislocation density when moving between regions II and III
has a ρII value of approximately 1.15 × 1016 m−2, which is quite large compared to
those of UFG nickel and CG aluminum. Moreover, as with UFG material, in region
IV, unloading associated with fractures causes the dislocation density to decrease to
a level observed before deformation, indicating that the dislocation substructure of
the NC grains after unloading is significantly different from that during deformation.

In all of the in situ XRD measurements of materials, ranging from the coarse-
grain aluminum with a particle size of 20 μm to the nanocrystalline nickel with a
particle size of 50 nm, as described above, the dislocation density passes through
four regions and the instantaneous decrease at the time of unloading associated
with fracture becomes apparent as the grain size decreases. Let us consider what is
signified by the ρII value required by in situ XRD measurement. Figure 9.5 shows
the change in ρII, obtained via XRD measurements, of 2 N-Al with changing grain
size, where the values for pure Ni are also assembled and shown. For grain sizes
larger than 3 μm, ρII is almost constant at around 1014 m−2, but when the grain size
is less than 3 μm, ρII can be understood to be more or less proportional to the inverse
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Fig. 9.4 Change in the dislocation density with the nominal strain for electrodeposited Ni during
the in situ XRD measurement. Reproduced from (Adachi et al. 2016) by permission of The Japan
Institute of Metals and Materials

Fig. 9.5 The ρII as a function of grain size for pureNi alloys and pure aluminum alloys. Reproduced
from (Adachi et al. 2020) and (Adachi et al. 2021) by permission of The Japan Institute of Light
Metals
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Fig. 9.6 Schematic illustration showing the change in mean free path of dislocation due to grain
size. Reproduced from (Adachi et al. 2020) and (Adachi et al. 2021) by permission of The Japan
Institute of Light Metals

of the grain size. This can be explained as follows. The relationship between the
dislocation density and shear deformation, γ, per unit time by plastic deformation is

γ = ρbx, (9.3)

where b is the magnitude of Burger’s vector and x is the mean free path. As shown in
Fig. 9.6, x is large in the CG material and decreases in order for the increase in grain
boundary density, which interferes with the dislocation motion, along with grain
refinement. In other words, the dislocation density for plastic deformation increases
as a result of grain refinement, and assuming that x is proportional to the particle
size, the dislocation density is inversely proportional to the grain size, thus explaining
the result in Fig. 9.5. The parameter x does not increase indefinitely with increasing
grain size, but if the speed of dislocation motion is found to have an upper limit,
then x likewise has an upper limit. Thus, there is a lower limit for ρ, which seems to
be reached for particle sizes larger than 3 μm. Therefore, ρII is the least dislocation
density necessary for deformation to occur only due to plastic deformation, and
region II can be said to expand rapidly until this dislocation density is reached. Once
it reaches ρII, dislocation no longer needs to increase so rapidly, so its growth slows, as
does the growth speed of the dislocations, and the system transitions to region III. In
addition, in region II, deformation cannot solely be achieved via plastic deformation,
and elastic deformationmakes up for the deficit, so the stress increases corresponding
to elastic deformation. In other words, both regions II and III are plastic deformation
regions. However, note that there is elastic deformation in region III as well, due to
an increase in the flow stress caused by an increase in the dislocation density. For
coarse crystal grains, the value of ρII is very small and is achieved rather quickly,
leading to a short region II, and for fine grains, ρII is large, leading to a longer
region II. Therefore, while region II is not so significant for CG materials, it needs
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Fig. 9.7 The σII as a function of square root of ρII for pure aluminum alloys. Reproduced from
(Adachi et al. 2020) and (Adachi et al. 2021) by permission of The Japan Institute of Light Metals

to be considered to understand the mechanical characteristics of UFG materials. For
example, in UFG materials, a low initial dislocation density due to annealing leads
to a small extent of plastic deformation in region II compared to a case with larger
initial dislocations as a result of processing, resulting in a large elastic deformation
and stress. However, the flow stress in region III depends on the dislocation density
at the time and not on the initial dislocation density. Therefore, in UFG materials
with low initial dislocation density, the stress in region II is greater than that in region
III, making a yield point drop more probable.

Next, the relationship between the ρII of 2 N-aluminumwith various-sized crystal
grains and the stress σII is examined, as shown in Fig. 9.7. σII is proportional to
the square root of the dislocation density, satisfying the Taylor relationship. In other
words, the elementary process of plastic deformation involves dislocations cutting
through Hayashi dislocations and plastic deformation progressing through disloca-
tions in UFG material with a grain size of 500 nm. In addition, as shown in Fig. 9.5,
the 50 nm nickel nanocrystals exhibit the same trend as that of aluminum with grain
sizes of 500 nm to 20 μm, suggesting that plastic deformation progresses through
dislocations up to a grain size of 50 nm.

It is difficult to obtain nanocrystalline materials with a crystal grain size of 50 nm
or lower from pure metals by using an electrolytic deposition method; thus, alloying
is required. Here, a nanocrystalline Ni–W alloy is developed in an electrolytic bath
containing nickel sulfate hexahydrate and sodium tungstate (Nakayama et al. 2016;
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Fig. 9.8 The inhomogeneous strains as a function of grain size for NC-Ni and Ni-W alloys

Schuh et al. 2002; Yamasaki 2000, 1999). It is possible to change the W content
by changing the ratios of nickel sulfate hexahydrate and sodium tungstate, and in
this way, four alloys can be obtained: Ni-4.0at.%W, Ni-5.3at.%W, Ni-8.3at.%W, and
Ni-9.8at.%W, with crystal grain sizes of 10.3, 9.2, 7.4, and 6.5 nm, respectively, and
it is evident that the increase inW content decreases the crystal grain size. Figure 9.8
shows the changes in inhomogeneous strain, ε, during tensile deformation of the Ni-
8.3at.%Walloy, which is amaterial with a grain size of a single nanometer. Assuming
that this inhomogeneous strain occurs due to dislocations, the dislocation density can
be obtained by substituting the inhomogeneous strain into Eq. (9.1). However, here
the inhomogeneous strain is shown, which does not increase up to 2% macrostrain,
indicating that the system is in region I, where only elastic deformation occurs. After
that, the system enters region II, where the inhomogeneous strain increases linearly
up to 5%macrostrain. At 5% macrostrain and above, changes in the inhomogeneous
strain decelerate, indicating that the system is in region III. Based on the above
observations, plastic deformation clearly occurs due to plastrons which generate
inhomogeneous strain.

Denoting the inhomogeneous strain between regions II and III by εII, Fig. 9.8
shows the changes in εII due to the changes in the crystal grain sizes in the nanocrys-
talline Ni–W alloy. The figure also shows the εII values for nanocrystalline nickel
obtained by the electrolytic deposition method and the UFG nickel obtained by the
ARB method. As is clear from Fig. 9.5, ρII is proportional to the inverse of the
grain size for pure nickel, so εII is proportional to the inverse of the square root of
the grain size, as in Eq. (9.1). In Fig. 9.8, the εII value of the nanocrystalline Ni–W
alloy is around 30–40% smaller than the dotted line with a slope value of − 1/2 for
pure nickel. Assuming that the plastic deformation progresses through dislocations,
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it can be surmised that the dislocation density from Eq. (9.1) is as low as 1/3–1/2 of
the extrapolated values and that the deformation in the nanocrystalline Ni–W alloys
with grain sizes of 6.5–10.3 nm does not progress through dislocations. If the plastic
deformation in the nanocrystalline Ni–W alloys progresses through dislocations, the
inhomogeneous strain is predicted by the extrapolation and the value of the disloca-
tion density ρII necessary for plastic deformation to occur is almost 1017 m−2. In this
case, the strain energy in the grains becomes extremely high, making it likely that
the plastic deformation progresses through a plaston with a lower inhomogeneous
strain than dislocation.

What is the plaston in the nanocrystalline Ni–W alloy? As suggested by some
molecular dynamics calculations, it is thought that partial dislocations have been acti-
vated (Yamasaki 1999; Yamakov et al. 2001). As is apparent from Eq. (9.1), the inho-
mogeneous strain is proportional to the square of the Burgers vector. For this reason,
the activity of partial dislocations having a small Burgers vector suppresses the
increase in the strain energy inside the grains, so the plaston in the single nanometer
grain material is equivalent to a partial dislocation. In contrast, even though there
are complete dislocation activities in materials ranging from CG aluminum to NC
nickel, the total strain energy is relatively low, so the plastons are perfect disloca-
tions. It has been reported that the addition ofW to pure Ni reduces the stacking fault
energy, and that the value for the Ni-10at.% W alloy is half that of pure Ni. In the
Ni-10at.%W alloy (Suto and Kuniaki 1971), when the edge dislocations, which are
complete dislocations, decompose into partial dislocations, the ditch of the lamina-
tion defect becomes ~ 5–6 nm. This is close to the crystal grain size, which makes it
easier for partial dislocations to occur in the Ni–W alloy.

Figure 9.9 shows the changes in the 0.2% proof stress upon a change in the initial
strain rate during tensile deformation in nanocrystalline nickel with a grain size of
50 nm and the Ni-5.3at.%W alloy with a grain size of 9.2 nm. The values of the
strain rate sensitivity index, m, are found to be 0.036 and 0.026, respectively. It is
known that an m value of greater than 0.3 occurs during boundary sliding and that of
1 occurs during Coble creep (Coble 1963). The m values are much lower than either
of the above two values, which indicates that for materials with a single nanometer
grain size at room temperature, the deformation does not progress through boundary
sliding or creep, which is in good agreement with the in situ XRD results.

In coarse-grain materials, the Frank–Read source in the grains is the main dislo-
cation source, but as the crystal grain becomes finer, the stress for generating dislo-
cation from the Frank–Read source gradually increases. The dislocations bow out
from the source, and since the stress required for increasing dislocations is inversely
proportional to the source length, sources with longer source lengths can increase
dislocations with lower stress. However, dislocations cannot bow out into the grains
unless the source length is about a third of the grain size or smaller, and since the
stress is inversely proportional to the grain size, the stress increases at an accelerated
rate as the crystal grain size becomes finer. In UFG materials, the dislocation source
shits at to the grain boundaries because the dislocation generation stress decreases
(Kato et al. 2008; Kato 2009). The in situ XRD measurements mentioned above
show that intra-grain dislocations are annihilated with the grain boundary because
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Fig. 9.9 Relationship between 0.2% proof stress and initial strain rate for NC-Ni and Ni-W alloys

of the sink occurring during unloading associated with fracture. From this, we can
easily surmise that the grain boundary becomes a dislocation source. However, the
grain boundary structure changes to a stable structure along with the dislocations
emission, so it can be predicted that the grain boundary cannot emit dislocations
without limit. In nanocrystalline nickel with a grain size of 50 nm formed by an
electrolytic deposition method and the Ni–W alloy with a single nanometer grain
size, the crystal grain size hardly changes due to the materials being kept at room
temperature for a long time or being exposed to low-temperature annealing at around
373 K, but plastic elongation dramatically decreases. This suggests that, while the
grain boundary of the nanocrystalline material developed by the electrolytic deposi-
tion method is at non-equilibrium and has a high potential for emitting dislocations,
the potential decreases as the grain boundary structure becomes stable due to low-
temperature annealing. How, then, can the dislocation release potential of the grain
boundary be improved?

It is surmised that there is a limit to the extent of emit from the grain boundary in
nanocrystallinematerials, which is one of the causes for the lowductility of nanocrys-
talline materials. Attempts have been made to improve ductility by improving the
dislocation emitted from the grain boundary. In other words, it is thought that the
dislocation release potential can be improved by creating two phases of nanocrys-
talline and amorphous states, thereby placing a wide amorphous phase on the grain
boundary of nanocrystals (Nakayama et al. 2016). It was previously mentioned that
the W content in the Ni–W alloy can be changed by changing the ratios of nickel
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Fig. 9.10 Nominal stress–strain curves for Ni-W alloys with W contents between 14 and 20 at.
%. Reprinted with permission from (Nakayama et al. 2016), Copyright 2016, American Scientific
Publishers

sulfate hexahydrate and sodium tungstate in the electrolytic bath. The nanocrys-
talline single phase is maintained up to a W concentration of 14at%W, and the
amorphous single phase takes over once it exceeds 20at%W. At ~14–20at%W, two
phases, nanocrystalline and amorphous, can be obtained, and their proportion can
be continuously changed by altering the W concentration. In addition, the grain size
of the nanocrystals is an approximately constant value, at ~5 nm. Figure 9.10 shows
the changes in the stress–strain curves due to changes in the W concentration in
Ni–W alloys with nanocrystalline and amorphous phases. There is little ductility in
the nanocrystalline single-phase Ni-14at%W and amorphous single-phase Ni-20at%
alloys, but ductility is obtained in materials with nanocrystalline and amorphous
phases. The Ni-17at%W alloy has a tensile strength of 2.5 GPa and a stretch of
4%, showing high strength and ductility. This is likely because the many amorphous
regions in the grain boundaries of the nanocrystals increase the dislocation emit from
the grain boundary, maintaining the plastic deformation.

Figure 9.11 shows the results of in situ XRD measurements on the Ni-17at%W
alloy, for which because it is a two-phase alloy with nanocrystalline and amorphous
phases, only a very wide (111) diffraction peak can be observed. This shows the
change in the full width at half maximum (FWHM) of the (111) diffraction peak. It
is evident that the FWHMsuddenly decreases after the yield point, which implies that
plastic deformation reduces the amorphous phase and increases the crystalline phase.
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Fig. 9.11 Change in the FWHM of the Ni (111) peak as a function of nominal strain for Ni-
12.7at.%W alloy during in situ XRD. Reprinted with permission from (Nakayama et al. 2016),
Copyright 2016, American Scientific Publishers

An electron microscopy observation of the structure under tensile deformation with
5%plastic strain reveals that the nanocrystalline grain size increases, compared to that
before the application of tension, by 1.1 nm. This suggests that the amorphous phases
at the boundary of the nanocrystalline and amorphous phases become crystallized
due to plastic deformation. In other words, as partial dislocations arise from the
nanocrystalline and amorphous boundary during plastic deformation, the amorphous
phase at the boundarybecomes stable and changes its structure toFCC(Swygenhoven
et al. 2002), upon which it is thought that the nanocrystals grow as a result.
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Chapter 10
Microstructural Crack Tip Plasticity
Controlling Small Fatigue Crack Growth

Motomichi Koyama, Hiroshi Noguchi, and Kaneaki Tsuzaki

10.1 Introduction: Small Crack Problem

It has been generally recognized that resistance to small fatigue crack growth domi-
nates the fatigue life and strength in numerousmetallic structural components. “Small
(short) cracks”1 have been classified as mechanically small cracks, microstructurally
small cracks, physically small cracks, and chemically small cracks (Ritchie and
Lankford 1986), the details of which are listed in Table 10.1. In this chapter, we
note the growth of mechanically and microstructurally small cracks. We first indi-
cate that the growth behaviors of mechanically and microstructurally small cracks
are completely different from those of large cracks. Representative examples of the
small crack growth characteristics are shown in Fig. 10.1. The small crack growth
rate at a certain stress intensity factor range (�K) cannot be obtained through the
extrapolation of a large crack growth rate curve in an identical material (Suresh and

1In this paper, short and small cracks, which have been used for two- and three-dimensional cracks,
are not distinguished for discussion.
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Table 10.1 Definitions of small fatigue cracks (Ritchie and Lankford 1986)

Small crack Characteristics Criterion for
determining a critical
crack length

References

Microstructurally
small

Microstructure-dependent
Probabilistic crack growth

Critical microstructure
size such, e.g. grain
size

(Goto 1994; Omura
et al. 2017; Koyama
et al. 2017a;
Chowdhury and
Sehitoglu 2016)

Mechanically
small

�K is unavailable Plastic zone size (Hironobu et al.
1992; Li et al. 2017a)

Physically small Simply small, showing
non-steady state crack
growth

Engineering crack
length
e.g., < 0.5–1.0 mm

(Suresh and Ritchie
1984; Fukumura
et al. 2017)

Chemically small Chemical reaction on
crack surfaces significantly
acts

Up to 10 mm,
depending on reaction
kinetics and frequency

(Gangloff 1985)

(a) (b)
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crack

Large crack
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Fig. 10.1 Characteristics of small fatigue crack growth: (a) �K dependence of crack growth rate
and (b) hardness sensitivity of �Kth with different initial crack lengths (Zhang et al. 2019). Kc:
fracture toughness. “ Reproduced with permission fromMetall. Mater. Trans. A, 50A, 1142 (2019).
Copyright 2019, The Minerals, Metals & Materials Society and ASM International”

Ritchie 1984) (Fig. 10.1(a)). Furthermore, the threshold stress intensity factor range
(�Kth) for small crack growth is hardness-sensitive, unlike in the case of large cracks
(Tanaka et al. 1981; Fukumura et al. 2015) (Fig. 10.1(b)). Therefore, we need specific
mechanical and microstructural design strategies to improve the resistance to small
fatigue crack growth, which differs from that for large crack growth resistance.

Small crack growth occurs through two routes: (A) dislocation–emission-induced
crack tip deformation and (B) damage accumulation along a microstructural feature
near a crack tip. Specifically, in case (A), when a crack tip opens, a dislocation
emission occurs at the crack tip. Such a dislocation emission allows for a plastic
crack opening, which advances the crack tip position (Fig. 10.2(a)). Even after a
crack closes during an unloading and compression process, the crack tip position
does notmove backward.Hence, one cycle of crack opening and closing increases the
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Initial stage

Dislocation 
emission 

at the crack tip

Symmetric slip
(Crack blunting)

Crack tip 
re-sharpening Δa

Crack

Δa

Initial stage

Dislocation accumulation 
during “cyclic loading”

Crack growth

Slip plane cracking

Crack

(a) (b)

Fig. 10.2 Schematics of fatigue crack growth mechanisms driven by (a) dislocation emission at a
crack tip and (b) damage accumulation near a crack tip

crack length, the degree ofwhich is geometrically determined based on the number of
emitted dislocations. In this regime, the lowest crack growth rate is an atomistic scale
corresponding to one dislocation emission from the crack tip. In case (B), the role of
the dislocations changes, namely, a local accumulation of dislocations causes micro-
void or micro-crack formations near and/or at a crack tip through an increase in the
local stress, the formation of vacancies, and the formation of a persistent slip band,
which is referred to as damage accumulation and evolution. A damage-driven fatigue
crack formation causes a discontinuous crack growth, which is strongly dependent
on the microstructure of the crack tip (Fig. 10.2(b)). As understood from these basic
mechanisms, the primary key to controlling the fatigue crack growth is crack tip
plasticity. More specifically, the factors affecting the crack growth rate are divided
into (1) resistance to plastic deformation, (2) resistance to damage/crack formation,
(3) the crack tip deformationgeometry, and (4) the crack closure effect. Thefirst factor
is directly associated with resistance to dislocation nucleation at a crack tip and to
dislocationmotion near a crack tip. The second factor is related to how the dislocation
motion results in damage, such as vacancies, micro-voids, or micro-cracks. The third
factor indicates the crystallographic relationship between the crack growth rate and
crack tip/wake deformation. The fourth factor is a decrease in the actual stress or
stress intensity factor at a crack tip, which is associated with a plastic zone evolution
that realizes a lower crack tip stress than the elastic solution estimated based on
the remote stress and crack shape and/or size. Considering the plasticity-controlled
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Fig. 10.3 Mechanical–metallurgical mechanism-based strategy for controlling small fatigue crack
growth

factors, herein we introduce mechanical–metallurgical mechanism-based strategies
for controlling small fatigue crack growth, as schematically shown in Fig. 10.3.

10.2 Grain Refinement: Characteristic Distributions
of Dislocation Barrier and Source

First, we introduce the grain refinement effects on small crack growth, as well as a
characteristic effect of ultrafine grains (UFG). As is well known, grain refinement
increases the yield strength, which follows a Hall–Petch relationship (Tsuji et al.
2002). The enhancement of the yield strength and associated increase in hardness
also increases the fatigue strength (Fig. 10.4(a)),which stems from thegrain boundary
acting as a dislocation barrier.Also note that the fatigue life ofUFGsteel at each stress
amplitude is longer than that of coarse grained (CG) steel even after normalization
by hardness (Fig. 10.4(b)), which implies an activation of extra factors. One possible
factor is that grain boundaries can act as a dislocation source in ultrafine-grained
materials owing to a lack of mobile dislocations in the grain interior. This effect
alters the plastic strain gradient near the crack tip (Figs. 10.4(c, d)), which may
affect the plasticity-induced crack closure (PICC) behavior. Moreover, the crack
surface roughness, which also affects the crack growth resistance, is dependent on
the grain size (Figs. 10.4(e, f)). In this section, we show the possible effects of a grain
refinement on small fatigue crack growth in terms of the grain boundary roles as a
dislocation source and barrier.2

2 In this paper, we do not show the effect of grain size on crack roughness, because of the limitation
of pages. Please see the references (Suresh and Ritchie 1982) Suresh S, Ritchie RO. A geometric



10 Microstructural Crack Tip Plasticity Controlling … 217

0

100

200

300

400

500

600

1.0E+4 1.0E+5 1.0E+6 1.0E+7 1.0E+8
Number of cycles to failure

UFG steel
CG steel

Run out

104 105 106 107 108
1.0

1.5

2.0

2.5

3.0

3.5

1.0E+4 1.0E+5 1.0E+6 1.0E+7 1.0E+8

St
re

ss
 a

m
pl

itu
de

/H
ar

dn
es

s

St
re

ss
 a

m
pl

itu
de

 (M
Pa

)

Number of cycles to failure

UFG steel
CG steel

Run out

104 105 106 107 10

(b)(a)

(e) (f)(d)

(c-f)(c, e)

(d, f)

UFGCGUFGCG

D
rill holes

D
rill holes

Fig. 10.4 Fatigue property and associated small fatigue crack growth in CG and UFG IF steels.
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showing a significant difference in crack roughness between CG and UFG steels (Lin et al. 2019).
“ Reproduced with permission from Int. J. Fatigue, 118, 117 (2019). Copyright 2018, Elsevier”

The crack tip plasticity interacts with the grain boundary, and its degree increases
with a decrease in the distance between the crack tip and the grain boundary, which
decelerates the crack growth. Hence, when the PICC effect is not considered, the

model for fatigue crack closure induced by fracture surface roughness. Metallurgical Transactions
A. 1982;13:1627–31, (Niendorf et al. 2010) Niendorf T, Rubitschek F, Maier HJ, Canadinc D,
Karaman I. On the fatigue crack growth–microstructure relationship in ultrafine-grained interstitial-
free steel. Journal of Materials Science. 2010;45:4813–21, (Lin et al. 2019) Lin X, Koyama M,
Gao S, Tsuji N, Tsuzaki K, Noguchi H. Resistance to mechanically small fatigue crack growth in
ultrafine grained interstitial-free steel fabricated by accumulative roll-bonding. International Journal
of Fatigue. 2019;118:117–25.
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Fig. 10.5 Assumed grain size effect on small fatigue crack growth when the grain size is at theμm-
scale or larger (Lankford 1982). (a) Schematics for dislocation emission, motion, andmultiplication
in (b) CG and (c) UFGmetals. The black dots indicate a Frank–Read (F–R) source or grain boundary
acting as a dislocation source

rate of crack growth decreases until the crack grows to the first grain boundary,
and then increases after the crack penetrates the boundary. As schematically shown
in Fig. 10.5(a), the grain refinement enhances the grain boundary effect (sharply
decreasing the crack growth rate), although the effect only occurs for a very small
crack length or low stress intensity factor range. Furthermore, UFGmetals have been
recognized to show plasticity-induced softening and subsequent plastic deformation
propagation. When the grain size is large (CG metal), plastic deformation around
the crack tip occurs through dislocation emissions from the crack tip and disloca-
tion multiplication from the Frank–Read sources. Compared to this deformation in
CG metals, UFG metals can show a different dislocation behavior owing to a low
density of mobile dislocations in the grain interior (Huang et al. 2006). Specifically,
once the crack tip plasticity initiates in UFG metals, grains surrounding the crack
tip become highly distorted plastically because plasticity-induced softening occurs
through mobile dislocation emissions and multiplication. The grain distortion asso-
ciated with the accumulation and pile-up of geometrically necessary dislocations
causes dislocation emissions from the grain boundaries to the neighboring grain,
which results in the propagation of a grain-scale deformation. A chain reaction of
the plastic deformation in UFG metals may decrease the gradient of plastic strain
near the crack tip. Because a plastic strain gradient is one of the origins of PICC, the
propagation of a deformation across the grain boundaries may decrease the contri-
bution of PICC in UFG metals (Lin et al. 2019). Consequently, in terms of crack tip
plasticity, grain refinement has an ambivalent role2 in small crack growth because a
grain boundary acting as dislocation barrier decelerates such growth, although when
acting as a source it can accelerate the crack growth.
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10.3 Plasticity-Induced Transformation:
Thermodynamic-Based Design

10.3.1 Geometrical Effect on Crack Tip Deformation

In terms of crack tip plasticity, a martensitic transformation involving transformation
dislocations can alter the crack growth behavior. Figure 10.6 shows an example of
a transformation effect. The Fe–30Mn–6Al alloy in the figure shows no martensitic
transformation and only dislocation slips. In contrast, the Fe–30Mn–6Si and Fe–
30Mn–4Si–2Al alloys show a martensitic transformation from face-centered cubic
(FCC: γ) to hexagonal close-packed (HCP: ε) structures. One difference between the
Fe–30Mn–6Si and Fe–30Mn–4Si–2Al alloys is the plasticity of the HCP phase;
namely, the HCP phase of the Fe–30Mn–6Si alloy shows brittle-like cracking,
whereas that of the Fe–30Mn–4Si–2Al alloy is ductile (Nikulin et al. 2013). The
crack growth rate of the Fe–30Mn–4Si–2Al alloy, which involves a γ-ε transforma-
tion, is significantly lower than that of the other alloys (Li et al. 2015; Ju et al. 2016),
as shown in Fig. 10.6. More specifically, a “ductile” γ-ε martensitic transformation
decelerates the crack growth. Considering these facts, two underlying mechanisms
of crack growth deceleration can be proposed. The first factor is reversible γ ↔ ε

transformation-induced plasticity (Sawaguchi et al. 2008, 2015), which can suppress
the fatigue damage evolution associated with a vacancies and persistent slip bands
near a crack tip (Ju et al. 2016). The second factor is a geometrical effect of the
transformation dislocation motion forming the HCP structure (Ju et al. 2017).

Herein, we introduce a model for explaining the second factor, as schematically
shown in Fig. 10.7. When a crack tip opens through a slip of perfect dislocations,
repeated symmetric dislocation emissions occur at the crack tip, which causes fatigue
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with permission from Int. J. Fatigue, 103, 533 (2017). Copyright 2017, Elsevier”

crack growth for every cycle (Fig. 10.2(a)). In contrast, when the stacking fault energy
is sufficiently low to induce a ε-martensitic transformation, the emission of a leading
partial dislocation plays a role in the initial crack opening. To maintain the HCP
structure, a second emission of a leading partial cannot occur on the identical slip
plane. Furthermore, neighboring slip planes also cannot act as active planes for partial
dislocation motions (if the partials move on the neighboring planes, the structure
changes to an FCC twin.). Therefore, a second emission of leading partials must
occur on the second-neighboring planes, which causes a crack wake deformation,
and not a crack tip deformation. A crackwake deformation results in a crack opening,
but does not contribute to Mode I crack growth. Because a portion of ε martensite
can reversely transform during an unloading and compression loading process, the
effect of the γ-ε martensitic transformation occurs repeatedly. This model suggests
that a γ-ε martensitic transformation at a crack tip alters the ratio between the crack
tip opening displacement and the rate of crack growth, which decelerates the crack
growth, particularly in strain-controlled fatigue tests. In other words, the use of a
group motion of dislocations decelerates the crack growth rate, the effect of which
can be enhanced when the deformation-induced phase involves long-range periodic
structures.
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10.3.2 Transformation-Induced Hardening and Lattice
Expansion

Figure 10.8(c) shows S–N diagrams of various types of austenitic steels with a small
notch. All of the fatigue limits correspond to limits of fatigue crack non-propagation.
As introduced later, Fe–23Mn–0.5C steel has been recognized to show a superior
non-propagation limit compared to conventional austenitic steels, which can be used
as a reference material for comparing the fatigue limit and strength. Note here that
Fe–19Cr–8Ni–0.05C steel shows a martensitic transformation from FCC to a body-
centered cubic structure (γ-α′ martensitic transformation). The fatigue limit and
strength of Fe–19Cr–8Ni–0.05C steel are higher than those of the other types of
steels, includingFe–23Mn–0.5Csteel, even after normalizationbasedon thehardness
determined prior to the fatigue tests. As shown in Fig. 10.9, the region surrounding
the crack in Fe–19Cr–8Ni–0.05C steel is fully covered with α′ martensite after the
fatigue test even at the fatigue limit. In this context, the transformation-induced
plasticity (TRIP) causes two phenomena that enhance the resistance to small fatigue
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Fig. 10.8 Top and (b) side views of the micro-notch geometry (a). (c) S–N diagram of various
types of austenitic steel. (d, e) S–N diagram normalized based on the Vickers hardness before and
after the fatigue test at the fatigue limit (Nishikura et al. 2018). “ Reproduced with permission from
Int. J. Fatigue, 113, 359 (2018). Copyright 2018, Elsevier”
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Fig. 10.9 SEM image (a) and (b) phase map of a location where a fatigue crack exists in Fe–19Cr–
8Ni–0.05C steel after fatigue testing for 4.0 × 107 cycles at 300 MPa (fatigue limit) (Nishikura
et al. 2018). The dashed line was drawn along the crack, and the arrows indicate a crack tip. “
Reproduced with permission from Int. J. Fatigue, 113, 359 (2018). Copyright 2018, Elsevier”

crack growth: (1)work hardening (Ogawa et al. 2017, 2018) and (2) a transformation-
induced crack closure (TICC) (Mei andMorris 1991; Mayer et al. 1995). The former
is associated with a hard martensite phase and has been well recognized as having a
TRIP effect during tensile tests, where the uniform elongation increases. The latter
is associated with a lattice expansion arising from a close-packed structure (FCC) to
a non-close-packed structure (BCC), which assists with the PICC. The TICC cannot
act in the case of stress-controlled fatigue tests of Fe–19Cr–8Ni–0.05C steel because
a γ-α′ martensitic transformation occurs not only near a crack but also in non-cracked
regions; namely, a homogeneous transformation cannot cause a crack tip constraint
under a stress control condition (only the specimen volume increases). Therefore,
the first fact, i.e., work hardening, is the primary factor triggering the superior resis-
tance to fatigue crack growth in Fe–19–Cr–8Ni–0.05C steel. Correspondingly, when
normalized based on the hardness evaluated after the fatigue tests at the fatigue limit,
the fatigue limit of Fe–19Cr–8Ni–0.05C steel is lower than that of Fe–23Mn–0.5C
steel (Figs. 10.8 (c) and (e)). By contrast, Fe–19Cr–8Ni–0.14C metastable austenitic
steel, in which the extra carbon stabilizes the austenite (Ogawa et al. 2017), shows
a lower fatigue limit than that of Fe–19Cr–8Ni–0.05C steel even when the fatigue
limit is normalized based on the hardness prior to the fatigue test (Figs. 10.8 (c) and
(d)), whereas the fatigue limit normalized by the hardness after the test in Fe–19Cr–
8Ni–0.14C steel is higher (Fig. 10.8(e)). These facts indicate that the higher fatigue
limit normalized based on the hardness after the test in Fe–19Cr–8Ni–0.14C steel
is attributed to the TICC associated with local transformation around the fatigue
crack, and not to the effect of the work hardening. These results suggest that, to
maximize the work hardening and TICC, the austenite stability must be optimized
to induce a martensitic transformation locally around the crack while avoiding such
an occurrence in a non-cracked region of the specimen.
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10.4 Dislocation Planarity: Stress Shielding and Mode II
Crack Growth

Dislocation planarity is one of the most intrinsic characteristics controlling a long-
range stress field and is enhanced by lowering the stacking fault energy and presence
of short-range ordering, which increases the work hardening capability. Therefore,
an enhancement of the dislocation planarity improves the tensile properties as long
as no brittle cracking occurs; however, under fatigue, the dislocation planarity has
both advantages and disadvantages regarding crack growth, which arise from the
behaviors of the surface and interior of the specimen.

As a specific example, Fig. 10.10 shows a case of high-nitrogen austenitic steel
with a chemical composition of Fe–25Cr–1 N that exhibits highly planar dislocation
arrays owing to Cr–N coupling. As shown in Figs. 10.10 (a) and (b), the fatigue limit
of high-nitrogen steel is significantly higher than that of Fe–Cr–Ni austenitic stainless
steel without interstitials, although surprisingly, the steel has more potential in terms
of small crack growth resistance. In fact, even at a stress amplitude above the fatigue
limit, crack growth of the main crack stops temporarily; however, a surface subcrack
initiation at the main crack tip and a subsequent coalescence restart the growth of
the main crack. Hence, the ease of subcrack initiation on the surface deteriorates
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Fig. 10.10 S–N diagram of Fe–25Cr–1 N austenitic steel (a), and its normalized diagram based on
the tensile strength (b) (Habib et al. 2017). ECC image showing crack tipmicrostructure after fatigue
testing at 310 MPa until 2 × 107 cycles (c). ECC image showing dislocation multiplication on a
specific slip plane after further loading to 330MPa (d) and its magnification (e) (Habib et al. 2019a).
“Reproduced with permissions from Int. J. Fatigue, 104, 158 (2017) Copyright 2017, Elsevier and
Mater. Charact., 109,930 (2019) In press. Copyright 2019, Elsevier”
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the resistance to fatigue crack growth, which is attributed to a slip localization. In
high-nitrogen steel, the dislocationmotion is atomistically limited on the specific slip
plane, as shown in Figs. 10.10 (d) and (e). Because a specimen surface is basically
under a plane stress condition, a highly planar slip near the surface causes a local-
ized out-of-plane plastic deformation through a dislocation emission to the surface
during the tensile loading process. The localized out-of-plane deformation results
in a surface relief that acts as a stress concentration site, bringing about another
planar-slip-driven out-of-plane slip deformation with a different sign of dislocation
during the unloading/compression process. The repetition of this process causes
a dislocation dipole formation and persistent slip bands, which assists in fatigue
crack initiation and associated crack growth. However, when a dislocation planar
array exists in the interior of a specimen, the dislocation motion stops at a barrier,
such as Lomer–Cottrell sessile dislocations, which results in a strong pile-up stress
(Fig. 10.11(a)). Such pile-up stress prevents further dislocation motion on the iden-
tical slip plane during tensile loading, as shown in Figs. 10.11 (b)–(d), the effect of
which has been recognized to suppress crack growth along the slip plane (Awatani
et al. 1979). Subsequently, the pile-up stress enables reversible motion of the dislo-
cations and associated stacking faults during unloading/compression process (c.f.
Figure 10.12), which also enhances resistance to crack growth. Moreover, the dislo-
cation pile-up stress can act as a shield for the tensile stress at the crack tip, which
suppresses crack opening; in particular, Mode I crack growth is also prevented by the
enhancement of dislocation planarity. Therefore, if the surface crack initiation can
be suppressed, the enhancement of dislocation planarity has a significant potential to
improve the resistance to a small crack growth in austenitic steel with a high-nitrogen
content.

Similar to this context, an equiatomic Fe–Cr–Ni–Mn–Co high-entropy alloy,
which is a recently noted material, also shows a similar behavior (Suzuki et al.
2018). High-entropy alloy has been reported to exhibit a low stacking fault energy
(30 ± 5 mJ/m2 (Okamoto et al. 2016)) and a short-range ordering (Ding et al. 2018),
thereby resulting in a highly planar slip in fatigued specimens. Correspondingly, once
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Fig. 10.11 ECC images during loading slightly far from the crack tip in the region outlined in
Fig. 10.10(c) at (a) 0, (b) 285, (c) 310, and (d) 330MPa. Thewhite arrow in (a) indicates the location
where multiple slips intersect each other (Habib et al. 2019a). “ Reproduced with permission from
Mater. Charact., 158, 109,930 (2019). Copyright 2019, Elsevier”
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Fig. 10.12 ECC images during the cyclic loading after the 1-cycle in situ experiment of Figs. 10.10
and 10.11: (a) 2nd, (b) 5th, and (c) 10th cycles. (a1), (b1), and (c1) Magnified images of the section
outlined by the yellow line in (a), (b), and (c), respectively (Habib et al. 2019a). “ Reproduced with
permission from Mater. Charact., 158, 109,930 (2019). Copyright 2019, Elsevier”

the small crack growth stops, it restarts through a crack coalescence (Suzuki et al.
2018), which is the same characteristic found in high-nitrogen steel. As mentioned,
lowering the stacking fault energy is essential to improving the tensile properties,
and the short-range ordering is expected to be used for next-generation high-strength
alloys such as high-nitrogen steel and high-entropy alloys. Therefore, controlling
the dislocation planarity and its associated surface subcrack initiation is a key to
realizing a drastic improvement in the fatigue crack growth resistance in high-tensile
strength alloys.

10.5 Kinetic Effects of Solute Atoms on Crack Tip Plasticity

10.5.1 Strain-Age Hardening

The occurrence of strain-age hardening at a crack tip has been recognized to improve
the non-propagation limit of fatigue cracking. For instance, solute Mg in Al alloys
(Shikama et al. 2012; Zeng et al. 2012; Takahashi et al. 2015) and solute carbon in
steel (Li et al. 2016, 2017b, 2018; Kishida et al. 2018), both of which trigger strain
aging, significantly improve the �Kth of small crack growth. Figure 10.13 shows an
example of the carbon effect on�Kth in steel. The occurrence of dynamic strain aging
can be confirmed in terms of the stress–strain response under tension. Interstitial
free (IF) steel, which does not contain solute carbon, shows a smooth stress–strain
curve, regardless of the strain rate (Fig. 10.13(a)). In contrast, Fe–0.017C steel, in
which all carbon exists in a solute form, shows a serrated flow, particularly at low
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(a) (b) (c)
IF steel Fe-0.017C steel

Fig. 10.13 Nominal stress–strain curves of (a) IF and (b) Fe-0.017C steel. (c)�Kth plotted against
Vickers hardness (Li et al. 2017b). The dashed lines in (c) indicate a 10% error from the prediction
using Murakami’s equation. “ Reproduced with permission from Int. J. Fatigue, 98, 101 (2017).
Copyright 2017, Elsevier.”

strain rates (Fig. 10.13(b)). The occurrence of a serrated flow is evidence of the
contribution of dynamic strain aging to the stress–strain response. The degree of a
serrated flow increases with an increase in the solute carbon from 0.002 to 0.017
mass% (Li et al. 2017b). Correspondingly, �Kth increases with an increase in the
solute carbon concentration, as shown in Fig. 10.13(c). To explain the details shown
in Fig. 10.13(a), herein we introduce an empirical relationship between the hardness
and �Kth proposed by Murakami (Murakami 2019).

�Kth = 3.3 × 10−3(HV + 120)
(√

area
)1/3

, (10.1)

whereHV is theVickers hardness,
√
area is the square root of the projected area of the

initial defects, such as pre-cracks or inclusions. The effectiveness of the Murakami
equation has already been demonstrated for the �Kth predictions of carbon steel
with different initial notch geometries, and the prediction error was determined to
be less than 10% (Li et al. 2016; Murakami 2019). The solid and dotted lines in
Fig. 10.13(c) indicate the predicted values and their 10% errors, respectively. The
measured �Kth of IF steel is within the ± 10% error band shown in Fig. 10.13(c),
whereas the four types of Fe–C steel with different carbon contents show a higher
�Kth than the predicted value of + 10%. Furthermore, the difference between the
predicted andmeasured�Kth values increases with an increase in the carbon content.
These facts indicate that the dynamic strain aging arising from solute carbon occurs
particularly in the plastic zone, which increases the crack tip hardness during fatigue
tests. As a result, the presence of solute carbon overcomes the conventionally known
hardness–�Kth relation.
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10.5.2 Effects of i–s Interaction

A problematic issue in utilizing the effect of strain-age hardening is a limitation
of the solute diffusivity at room temperature. For example, normal austenitic steel
does not show dynamic strain-age hardening even if the steel contains carbon or
nitrogen in the solute because their diffusivity is insufficient for μm-scale atom
motions. This problem can be solved using attractive interactions of interstitial–
substitutional atoms (i–s). As introduced in Sect. 10.4, Cr–N interaction enhances
the dislocation planarity, whereas another type of i–s interaction, i.e., Mn–C, assists
strain-age hardening in austenitic steel at room temperature (Koyama et al. 2018a).
Figure 10.14(a) shows an S–N diagram of Fe–23Mn–0.5C and Fe–30Mn–3Si–3Al
austenitic steels. Both types of steels show deformation twinning and a dislocation
glide, although only Fe–23Mn–0.5C steel demonstrates dynamic strain-age hard-
ening even at room temperature. Fe–30Mn–3Si–3Al does not show non-propagating
fatigue cracks, whereas Fe–23Mn–0.5C clearly does, as indicated in Figs. 10.14(b–
d); namely, the Mn–C coupling improves the limit of fatigue crack non-propagation
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Fig. 10.15 Micro-notch geometries (a, b) and (c) associated �Kth data normalized using 120
+ HV. (d) Non-propagating crack tip microstructure and (e) its magnification in Fe–23Mn–0.5C
(Habib et al. 2019b). “ Reproduced with permission fromMetall. Mater. Trans. A, 50A, 426 (2019).
Copyright 2018, The Minerals, Metals & Materials Society and ASM International”

through a triggering of the dynamic strain-age hardening. Evaluating the�Kth of Fe–
23Mn–0.5C steel, the non-propagation limit of a fatigue crack is higher than that of
high-nitrogen austenitic steel. According to theECCI characterization (Figs. 10.15(d,
e)), a high dislocation density was confirmed at the tip of the non-propagating fatigue
crack. The high dislocation density increases the crack tip hardness, which thereby
improves the non-propagation limit of the fatigue crack. Hence, the use of i-s attrac-
tive interactions for strain-age hardening can be applied as a new alloy design strategy
for the development of materials with a high resistance to high-cycle fatigue.

10.6 Effect of Microstructural Hardness Heterogeneity:
Discontinuous Crack Tip Plasticity

The final example of a mechanical–metallurgical mechanism-based strategy is the
use of a microstructural hardness heterogeneity. In a general sense, the introduction
of soft portions is speculated to decrease the resistance to fatigue crack propagation;
however, in a controlled case, the soft portion can increase the resistance to fatigue
crack propagation owing to an enhancement of PICC (Li et al. 2017a), an example
of which is shown in Fig. 10.16. Figure 10.16(a) shows an RD-IPF map of hot-
rolled Fe–30Mn–3Si–3Al steel. Because of the recrystallization during hot-rolling,
the grain size distribution appears heterogeneously. Moreover, the degree of plastic
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Fig. 10.16 RD-IPF (a) and GROD maps of as-hot-rolled Fe–30Mn–3Si–3Al steel (b). The hot-
rolling temperature was 1,273 K. Engineering stress–strain (c) and stress amplitude–number
of cycles to failure diagrams of the as-hot-rolled and solution-treated Fe–30Mn–3Si–3Al steel
(d) (Koyama et al. 2018b). “ Reproduced with permission from Int. J. Fatigue, 108, 18 (2018).
Copyright 2017, Elsevier”

deformation is also heterogeneous (Fig. 10.16(b)). The partially fine grain and high
dislocation density increase the yield and tensile strength, as shown in Fig. 10.16(c).
The increase in tensile strength increases the fatigue limit (Fig. 10.16(d); however, the
fatigue limits normalized by the respective tensile strength of the as-hot-rolled and
solution-treated steel were 0.36 and 0.32, respectively. Furthermore, the as-hot-rolled
steel showed a non-propagating fatigue crack, whereas the solution-treated steel did
not. An image of the non-propagating fatigue crack is shown in Fig. 10.17(a), and
the crack is presented in the grain interior (Fig. 10.17(b). For further characterization
of the crack, the specimen surface was slightly polished mechanically, as shown in
Figs. 10.17 (c) and (d), and the identical region surrounding the crack tipwas analyzed
using EBSD (Figs. 10.17(e, f)). The crack tip was observed in the grain interior, as
indicated in Fig. 10.17(d), and the crack propagated from a highly distorted region to
a less distorted region, shown in Fig. 10.17(f). In other words, the crack propagated
from the soft to hard regions, and stopped within the grain interior. According to a
mechanical simulationusing aDugdalemodel, the plasticitymismatch at the interface
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surface (b), which show a non-propagating crack in the as-hot-rolled Fe–30Mn–3Si–3Al steel.
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of the soft and hard regions can enhance the effect of the PICC (Li et al. 2017a), which
assists in the non-propagation of fatigue cracking. Therefore, even if the hardness or
tensile strength is macroscopically identical, control of the microstructural hardness
heterogeneity can improve resistance to fatigue crack growth.

10.7 Summary

In this chapter, we introduced mechanical–metallurgical mechanism-based strate-
gies for improving the crack growth resistance in terms of the crack tip plasticity.
Figure 10.18 schematically summarizes the factors that can enhance the resis-
tance to small crack growth. Although respective factors were separately intro-
duced, such factors interact with each other. For instance, the factors hardening
the crack tip region definitely affect the behavior of a crack wake deformation.
Therefore, thus far, a prediction of the small crack growth has been recognized
to be a difficult issue. However, the coupling of multiple mechanisms can realize
unexpected fatigue resistance through synergetic effects. In fact, we succeeded in
presenting an outstanding fatigue resistance associated with the activation of multi-
mechanisms in steel (Koyama et al. 2017c).We believe that there is a large frontier for
fatigue-resistant material development on the design of a mechanical–metallurgical
mechanism-based microstructure.

In addition, uncertain problems remain regarding small crackgrowth.Mode II type
crack growth associated with damage (lattice defect) accumulation is one remaining
unknown, but has frequently been observed in various types of metal including steel
and titanium alloy (Habib et al. 2017; Maenosono et al. 2018, 2019; Mizumachi
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Fig. 10.18 Causes of the presented factors being affected by the fatigue crack growth

et al. 2019). The ease of Mode II crack growth affects the crack roughness (crack
growth path), and discontinuous crack growth, and highly disturbs the mechanical
laws of fatigue crack growth. The kinetic effects of solute atoms also still contain
numerous uncertainties, which affect the temperature and frequency dependence
of fatigue resistance. In fact, the importance of such kinetic effects has recently
increased owing to the occurrence of hydrogen-accelerated fatigue crack growth in
metal used for a hydrogen-related infrastructure (Murakami and Matsuoka 2010;
Onishi et al. 2016). The problems of Mode II crack growth and kinetic effects of the
solutes are clearly a mechanical–metallurgical issue, which is expected to be solved
through the cooperation of mechanical engineers and metallurgists.
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Chapter 11
Designing High-Mn Steels

Takahiro Sawaguchi

11.1 Introduction

High-Mn austenitic steels have attractive mechanical and functional properties asso-
ciated with characteristic plasticity mechanisms in the γ-austenite that has a face-
centred cubic (FCC) structure. These include an extended dislocation glide, mechan-
ical twinning, and mechanical martensitic transformation into ε-martensite with a
hexagonal close-packed (HCP) structure and further to α’-martensite with a body-
centred cubic or tetragonal (BCC/BCT) structure. Extensive research has been
conducted on the deformation mechanism of high-Mn steels, particularly on the
transformation- and twinning-induced plasticity (TRIP/TWIP) effects, which lead to
the remarkable combination of high strength, ductility, and toughness.

Hereinafter, high-Mn austenitic steel is defined in a broad sense as the steel char-
acterised by a high concentration of Mn, an initially fully austenitic phase state, and
low-to-moderate stacking fault energies (SFEs). This category includes traditional
Hadfield steels (Hadfield 1888), cryogenic high-Mn steels (Charles et al. 1981; Kim
et al. 2015; Sohn et al. 2015), non-magnetic high-Mn steels, TRIP/TWIP steels
(Grassel et al. 2000; Bouaziz et al. 2011; Cooman et al. 2018), high damping Fe–Mn
alloys (Wang et al. 2019; Shin et al. 2017; Jee et al. 1997), and Fe–Mn–Si-based
shape-memory alloys (SMAs) (Sato et al. 1982; Otsuka et al. 1990). In most cases,
steels contain other alloying elements, such as Cr, Ni, Al, Si, C, and N, and the
concentration of Mn depends on the alloy system (e.g. 12–29 wt% in the case of
binary Fe–Mn systems).

This article focuses on a design strategy for improving the tensile and fatigue prop-
erties of high-Mn steels from microstructural, thermodynamic, and crystallographic
perspectives. Referring to the concept of ‘plaston’, a plastically deformed infinites-
imal volume element, various plasticity mechanisms in high-Mn steels are visualised
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by the deformation of deltahedral (either tetrahedral or octahedral) models. These are
the minimum volumetric units representing the atomic coordination in each phase.
The extended dislocation glide of the γ lattice, mechanical γ twinning, and γ → ε

martensitic transformation commonly involve the twinning shear of the deltahedrons
as an elementary process, and the α’-martensite is associated with the Bain distortion
of the deltahedrons.

Section 11.2 presents a brief review of the atomic rearrangement and the related
dislocation-based models for the extended dislocation glide, mechanical γ twin-
ning, and mechanical γ → ε martensitic transformation. In Sect. 11.3, the poly-
hedron models and their mutual transformations are systematically drawn for the
four plasticity mechanisms, including the γ → α’ martensitic transformation, along
with the former three. In Sect. 11.4, the design of the tensile properties of high-Mn
steels is described, which considers the selection rule of the plasticity mechanisms,
microstructure development, and strain hardeningmechanisms. Structures developed
at the intersection of crossing habit-plane variants of the planar deformation products
are highlighted. The atomic rearrangement caused by the double shears is visualised
with distortion or kinking of the deltahedron models. In Sect. 11.5, the design of
the fatigue properties of high-Mn steels is described. The reversible back-and-forth
motion of partials with the aid of the unidirectionality of the shear deformation of
the deltahedrons plays an important role in these properties.

This article addresses only microstructural, thermodynamic, and crystallographic
aspects of the plasticitymechanisms. It does not address the improvement ofmechan-
ical properties by grain refinement, precipitation, and interstitial atoms, all of which
have been extensively studied, especially to improve the yield stress, which is a crit-
ical weak point of TRIP/TWIP steels. For these issues, review articles (Bouaziz et al.
2011; Cooman et al. 2018, 2012; Chowdhury et al. 2017; Zambrano 2018; Lee et al.
2017; Chen et al. 2017) or other chapters of this book can be referred.

11.2 Plasticity Mechanisms in γ-austenite

The extended dislocation glide, mechanical γ twinning, and the mechanical γ → ε

martensitic transformation proceed via shear displacement on the {1 1 1}γ planes,
and their products commonly have a planar morphology with crystal habit on the
{1 1 1}γ planes. The plated deformation products and the remaining γ-austenite
form a lamellar structure. As an example of the lamellar structure, Fig. 11.1 shows
a differential interference micrograph of the surface relief on an Fe–30Mn–5Si–1Al
alloy, which was formed by the shear displacement of the pre-polished surface on
a specimen plastically deformed to 3%. The banded surface relief is caused by the
homogeneous shear associated with the mechanical γ → ε martensitic transforma-
tion, which is the predominant plasticity mechanism in this alloy. ε-Martensite bands
are formed on a unique {1 1 1}γ plane in certain grains (e.g. A in Fig. 11.1), while
ε-martensite plates on different {1 1 1}γ planes cross in the other grains (e.g. B
in Fig. 11.1). The frequent appearance of the annealing twin boundaries, some of
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Fig. 11.1 Optical
micrograph of the surface
relief on the pre-polished
surface of tensile deformed
Fe–30Mn–5Si–1Al alloy

which are indicated by arrows in Fig. 11.1, is also a microstructural characteristic of
high-Mn steels with low-to-moderate SFEs.

The shear-type atomic displacements associated with the planar plasticity mech-
anisms on the {1 1 1}γ planes are shown in Fig. 11.2. With respect to the first
close-packed layer A, there are two possible second layers, B and C, with different
relative atomic positions, as shown in Fig. 11.2a, b, respectively. The atomic posi-
tions on the third {1 1 1}γ layer indicated in Fig. 11.2c, d) represent two types of

Fig. 11.2 The stacking sequence of the closest packing atomic planes and their change by the shear
displacement of the planes. aABstacking unit,bACstacking unit, cABCstacking,dABAstacking,
e γ-austenite, f lattice slip, g γ twin, h ε-martensite, i extended dislocation glide, j mechanical γ

twinning, and k mechanical γ → ε martensitic transformation
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periodic stacking sequences of the close-packed layers, ABCABC or ABABAB,
which correspond to the FCC and structures, respectively.

Figure 11.2e–h shows the atomic arrangements in the γ-austenite and the three
plastic deformation products, which are viewed from the [1 0 1]γ direction. The
perfect dislocation glide (e→ f) does not change the stacking sequence of ABCABC,
as the atoms move to the next position of the same type, for example, C to C.
Mechanical twinning (e → g) is the homogeneous shear displacement of atoms,
which changes the atomic positions regularly (A → B, B → A, and A → C), and
the stacking sequence changes from ABCABC to ACBACB, as shown in Fig. 11.2g.
The resulting structure remains unchanged, whereas the crystallographic orientation
is modified into a mirror-symmetric atomic arrangement with respect to the {1 1
1}γ plane. The γ → ε martensitic transformation (e → h) is a regularised shear
displacement of atoms on the alternate {1 1 1}γ planes. The stacking sequence
changes from ABCABC to ABABAB, as shown in Fig. 11.2h, accompanying the
structural change from FCC to HCP.

Figure 11.2i–k shows the three plasticity mechanisms as the motion of partial
dislocations of the type 1/6{1 1 1} <1 1 2>γ (Shockley partials). An extended dislo-
cation in (e) consists of a few (leading and trailing) partials and stacking faults (SFs)
between them. The passage of the extended dislocation causes a two-step atomic
displacement from C to B and then to the next C, as shown in Fig. 11.2b, i. During
this process, the stacking sequence of the SF changes locally to ABA. The mechan-
ical γ twinning (j) and the mechanical γ → ε martensitic transformation (k) proceed
via the regularised group motion of partials on every plane or on alternate {1 1
1}γ planes, respectively. In other words, they are regarded as the ordering of fully
extended SFs.

Owing to the common elementary process consisting of the partial–SF units, the
slip band, γ twins, and ε-martensite have similar morphological and crystallographic
characteristics (plated form and crystal habit on the {1 1 1}γ plane), resulting in
a generally high strain hardening capability. The selection of the plasticity mecha-
nisms essentially depends on thermodynamic conditions, which determine the exten-
sion width of SF and the degree of ordering of SFs. However, when the plasticity
mechanisms are competing thermodynamically, crystallographic orientation, and
dislocation interaction can also affect the deformation microstructure.

For this reason, the Thomson tetrahedron (Fig. 11.3) is useful. The faces of the
tetrahedron correspond to the {1 1 1}γ planes, and the edges of the tetrahedron
correspond to the six <1 1 0> γ directions of the FCC structure. The corners of the
tetrahedron are denoted byA, B, C, andD, and themidpoints of the opposite faces are
denoted by α, β, γ, and δ. The planes opposite A, B, C, and D are denoted by a, b, c,
and d, respectively, on the outer surface, and−a,−b,−c, and−d on the inner surface.
The <1 1 2>γ Shockley partials are represented by Roman–Greek pairs (arrows from
corner to mid-point). This enables us to discuss operational shears, their interactions,
and the crystallographic orientation of the deformation products with respect to the
crystallographic orientation of the γ-austenite, which is described in Sect. 11.4.



11 Designing High-Mn Steels 241

Fig. 11.3 Notations of the
Thomson tetrahedron

11.3 Polyhedron Models for FCC Plasticity Mechanisms

Interstitial lattice sites in FCC, HCP, and BCC structures are generally visualised
by either tetrahedrons or octahedrons, whose vertices are at the centre of neigh-
bouring atoms. These polyhedron models are widely used to discuss the distribution
of interstitial atoms and their transitions during phase transformations. They can be
used as unit volume elements to entirely fill the lattice spaces instead of cubic or
hexagonal unit lattices. In this section, we visualise the plasticity mechanisms as
distortions of the polyhedron models. Here, the extended dislocation, γ twin, and
ε-martensite can be composed of a regular tetrahedron, regular octahedron, and their
twin-sheared products. The α’-martensite can also be visualised by the distorted
tetrahedrons produced by the so-called Bain distortion of the γ-austenite.

Figure 11.4 presents the four-unit polyhedrons. Figure 11.4a shows the atomic
arrangement in the γ -austenite, in which a regular tetrahedron and regular octahe-
drons are drawn as the unit volume elements. Eight such tetrahedrons and four such
octahedrons are included in an FCC unit lattice. The ratios between the tetrahedron
and octahedron in terms of volume, number density, and space occupancy are 1:4,
2:1, and 1:2, respectively. When an a/6 (1 1 1) [−1 2−1]γ partial passes on the upper
atomic layer in Fig. 11.2a, the regular tetrahedron and the regular octahedron are
subjected to twinning shear. Hereinafter, we refer to the distorted tetrahedron and
octahedron in Fig. 11.2b as the “twin-sheared” tetrahedron and octahedron. By this

twinning shear, one side of the regular tetrahedron is extended from
(√

2/2
)
aγ to

aγ , with the length of the other sides remaining unchanged, as shown in Fig. 11.2c, d.
Note that the regular octahedron consists of four twin-sheared tetrahedrons, as shown
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Fig. 11.4 Four-unit polyhedrons. a Regular tetrahedron and regular octahedron in the γ-austenite,
b twin-sheared tetrahedron and twin-sheared octahedron after a partial passage, c a twin-sheared
tetrahedron inside the original regular octahedron, d mutual transformation between the regular
tetrahedron and twin-sheared tetrahedron from the c state

in Fig. 11.2c, while the twin-sheared octahedron consists of two regular tetrahedrons
and two twin-sheared tetrahedrons, as shown in Fig. 11.2d.

Using these four-unit polyhedrons, we can fill the FCC lattice, including the SFs,
γ twins, ε-martensite (= HCP lattice), and partials. An SF is a monolayer consisting
of twin-sheared tetrahedrons and twin-sheared octahedrons, most of which can be
replacedwith regular tetrahedrons and regular octahedronswith different orientations
according to the interrelation between Fig. 11.2c, d. A γ twin can be built by stacking
SF monolayers, while ε-martensite can be built by alternating stacking of the SF and
γ monolayers. The partial is the boundary between the twin-sheared monolayer and
the γmonolayer. Along the partial, the polyhedrons are elastically distorted to adjust
the atomic displacement of a/6(1 1 1)[−1 2 −1]γ.

Figure 11.5 demonstrates the deformation of the polyhedrons associated with the
γ → α’ martensitic transformation. The two regular tetrahedrons (a) are compressed
in the 001 axis and stretched in the 100 and 010 axes (d) by the Bain distortion. The
regular octahedron (b) is also distorted in the same manner (e). Hereafter, we refer
to the distorted tetrahedron and octahedron in α’-martensite as the α-tetrahedron
and α-octahedron, respectively. The twin-sheared tetrahedron residing in the regular
octahedron (c) is transferred into theα-tetrahedron (f). Comparing Fig. 11.5e, f shows
that the α-octahedron consists of four α-tetrahedrons.
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Fig. 11.5 Polyhedron models for the Bain distortion during γ → α’ martensitic transformation. a
Regular tetrahedrons in a γ unit lattice, b a regular octahedron in the γ unit lattice, c a twin-sheared
tetrahedron inside the regular octahedron, d distorted tetrahedrons in a α’ unit lattice, e a distorted
octahedron in the α’ unit lattice, f and a distorted tetrahedron inside the distorted octahedron

11.4 Plasticity Mechanisms Under Tensile Loading

11.4.1 Selection Rule and Generation Processes

There are several transmission electronmicroscopy (TEM) and high-resolution trans-
mission electron microscopy (HRTEM) research studies on the SF as the embryo of
ε-martensite and γ twins (Bray and Howe 1996; Brooks et al. 1979a, b). In designing
high-Mn austenitic TRIP/TWIP steels, the stacking fault energy of the γ-austenite
(SFEγ) is used as an important indicator to predict the appearance of mechanical γ

twinning and mechanical ε-martensitic transformation (Choi et al. 2020; Lee et al.
2019, 2018, 2010; Lu et al. 2017; Zambrano 2016; Das 2015; Xiong et al. 2014;
Curtze et al. 2011; Nakano and Jacques 2010; Curtze and Kuokkala 2010; Tian and
Zhang 2009a, b; Saeed-Akbari et al. 2009; Tian et al. 2008; Dumay et al. 2008; Cotes
et al. 2004, 1999; Allain et al. 2004; Lee and Choi 2000; Grassel et al. 1997). The
SFEγ affects the extension width of the dislocation in the γ-austenite, which is deter-
mined when the repulsive force between the leading and trailing partials is equivalent
to the attractive force to reduce the surface energy. The extensionwidth increaseswith
a decrease in the SFEγ. The generation of the mechanical γ twins and ε-martensite
requires a sufficiently wide extension width that is referred to as the ‘infinite separa-
tion’ (Byun 2003; Copley and Kear 1968) with respect to the grain size; thus, these
plasticity mechanisms appear in low SFEγ ranges. Remy schematically indicated the
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Fig. 11.6 Plasticity mechanisms observed at room temperature as a function of stacking fault
energy of the austenite. ( Reproduced with permission from Mater. Sci. Eng. 26 (1976) 123,
Copyright 1976, Elsevier Sequoia S.A„ Lausanne)

SFEγ ranges for the plasticity mechanisms, as shown in Fig. 11.6 (Remy and Pineau
1976). Although the threshold values differ depending on the study (Nakano and
Jacques 2010; Saeed-Akbari et al. 2009; Allain et al. 2004; Pierce et al. 2014), most
studies have reported that the order of appearance is dislocation glide, mechanical γ
twinning, and mechanical γ → ε martensitic transformation with decreasing SFEγ.

The appearance of the mechanical γ twinning and the mechanical γ → ε marten-
sitic transformation in certain SFEγ ranges is associated with their generation mech-
anisms. Various nucleation mechanisms have been proposed to describe how and
why the SFs are regularised on every or on alternate {1 1 1} plane to form γ twins
or ε-martensite, respectively. For the nucleation of the mechanical γ twin, these are
listed as follows: (1) the pole mechanism (Venables 1974), (2) successive devia-
tion of Shockley partials leaving Frank pairs at the Lomer–Cottrel lock (Cohen and
Weertman 1963) (3) stair-rod cross-slip mechanism (Fujita andMori 1975; Mori and
Fujita 1980), (4) interaction of co-planar perfect dislocations into three-atomic-layer
Shockley-partial embryos (Mahajan and Chin 1973), among others. Among these,
(1) the pole mechanism (Hoshino et al. 1992), (3) stair-rod cross-slip mechanism
(Fujita and Ueda 1972), and (4) co-planar dislocation interaction model (Mahajan
et al. 1977) have also been applied to ε-martensite nucleation. Many microstructural
studies have supported these models (Idrissi et al. 2010, 2013; Mahato et al. 2017;
Steinmetz et al. 2013).

Microstructural observation has revealed that the overlapping of SFs into ε-
martensite proceeds approximately but irregularly (Brooks et al. 1979b). For the
gradual growth of the ε-martensite, the thermodynamic stability of the ε-phase is an
additional requirement. The Gibbs free energy difference associated with the γ → ε

martensitic transformation and the SFEγ are interrelated via the following equation
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(Olson and Cohen 1976):

� = 2ρ
(
�Gγ→ε

chem + �Gγ→ε
mag

)
+ 2σγ/ε, (11.1)

where � is the stacking fault energy of the austenite, ρ is the molar surface density
of atoms in the (111) planes, �Gγ→ε

chem is the chemical Gibbs free energy difference
between the γ- and ε-phases, �Gγ→ε

mag is the magnetic contribution to the Gibbs free
energy differences, and σγ/ε is the energy per surface unit of the (111) interface
between the γ- and ε-phases. Equation (11.1) was developed based on the concept
that the stacking fault is an ε-martensite embryo consisting of a double atomic layer,
as shown in Fig. 11.5. There are three types of martensitic transformation paths,
namely, γ → ε, γ → α’, and γ → ε → α’, depending on the Gibbs free energies of
the phases, Gγ , Gε, and Gα .

Studies have attempted to obtain reliable SFEγ values. SFEγ can be determined
by measuring the radius of the nodes of partial dislocations using TEM (Kim and
Cooman 2011; Pierce et al. 2012), measuring the extension width with the TEM
weak-beam method, measuring peak broadening in XRD (Tian et al. 2008; Balogh
et al. 2006; Barman et al. 2014; Schramm and Reed 1975; Tian and Zhang 2009c),
and by thermodynamic and first principles calculations (Zambrano 2016; Xiong et al.
2014;Curtze et al. 2011;Nakano and Jacques 2010; Saeed-Akbari et al. 2009;Dumay
et al. 2008; Allain et al. 2004; Pierce et al. 2014; Tian et al. 2017; Medvedeva et al.
2014). The critical SFEγ values vary depending on the methods used by the inves-
tigators, alloy systems, and the method used for calculating/measuring SFEγ. Some
investigators have proposed � (mJ/m2) ranges for the appearance of the plasticity
mechanisms, for example, 12 < � < 35 for mechanical γ twinning and � < 18 for
the mechanical γ → ε martensitic transformation (Allain et al. 2004).

In the case of the γ → ε martensitic transformation, the corresponding temper-
ature is a direct indicator for predicting its occurrence. The γ- and ε-phases have
equal Gibbs free energies at the thermodynamic equilibrium temperature of T0. The
forward γ → ε martensitic transformation starts at Ms < T0 and ends at Mf upon
cooling; the reverse ε → γmartensitic transformation starts at As > T0 and ends at Af

uponheating.Undercooling andoverheating are required to obtain a sufficient driving
force, �Gγ→ε(MS) or �Gγ→ε(AS), respectively, for the transformations. The rela-
tionship among the transformation temperatures and the driving forces is shown
in Fig. 11.7a. Mechanical martensitic transformations are divided into two groups
depending on the nucleation mechanism, as schematically shown in Fig. 11.7b. At
temperatures immediately above Ms, spontaneous martensitic transformation occurs
by a ‘stress-assisted’ nucleation mechanism, as the external stress reaches the critical
value required to compensate the lack of a chemical driving force for the transfor-
mation. Plastic yielding occurs at the critical stress for the martensitic transforma-
tion, σM, that linearly increases with the deformation temperature. Above Ms

σ, σM

becomes greater than the yielding stress by slip, σy. No more spontaneous transfor-
mation occurs; however, the martensitic transformation is still available below Md
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Fig. 11.7 Martensitic transformation temperatures for a spontaneous transformation on cooling
and heating and b mechanical transformation with stress-assisted and strain-induced nucleation
mechanisms. ( Reproduced with permission from Journal of the Less Common Metals 28 (1972)
107, Copyright 1972, Elsevier Sequoia S.A„ Lausanne)

via the ‘strain-induced’ nucleation mechanism where dislocations act as nucleation
sites for the martensite.

This concept of strain-induced nucleation was first proposed by Olson and Cohen
for γ → α’ martensitic transformation (Olson and Cohen 1972). ε-Martensite was
treated as a precursor or an intermediate phase during the γ→α’martensitic transfor-
mation.The formation ofα’-martensitewas interpreted by adouble shearmechanism,
which is described in Sect. 11.4.2. Subsequently, Andersson applied the concept to
the γ → ε martensitic transformation (Andersson and Stalmans 1998).

11.4.2 Transformation- and Twinning-Induced Plasticities

In recent decades, TWIP and TRIP have been extensively studied in high-Mn
steels. The TWIP effect is interpreted to be a result of the so-called dynamic Hall–
Petch effect, which is a continuous grain subdivision by planar mechanical twins
during loading. This effect causes considerable strain hardening and suppresses local
necking, and consequently, a good combination of high ultimate tensile stress and
high elongation is available. A similar effect is expected for the mechanical γ →
ε martensitic transformation with a similar planar morphology. Further martensitic
transformation into α’-martensite can also contribute to strain hardening. In this case,
however, the strain hardening is not due to the dynamic Hall–Petch effect but by the
intrusion of a high density of dislocations through lattice expansion associated with
the martensitic transformation. Originally, the term TRIP was given to the superior
plasticity of an Fe–Ni alloy undergoing a direct γ → α’ martensitic transformation.
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Fig. 11.8 Transformation- and twinning-induced plasticities and three types of martensitic
transformation paths: a α-TRIP, b ε-TRIP and TWIP, and c double TRIP

The three types of TRIP effects together with the TRIP effect are summarised in
Fig. 11.8.

As an example of the tensile behaviour dependent on the plasticity mechanisms,
Fig. 11.9 shows the stress–strain curves of Fe–30Mn–(6-x)Si–xAl alloys (x = 0
to 6 in wt%) (Nikulin et al. 2013). In these alloys, the formation of α’-martensite
is strongly inhibited, and thus, the tensile behaviour can be interpreted by ε-TRIP,
TWIP, and dislocation glide. The alloy with x= 0 is a typical SMA, which plastically
deforms via mechanical γ → ε martensitic transformation. As the concentration of
Al that replaces Si increases, the value of SFEγ increases. The mechanical γ → ε

martensitic transformation appears for alloys up to x = 2. The elongation increases
with the change in the nucleation mechanism from stress-assisted to strain induced.
The alloy with x = 2 is a typical TRIP steel, and the alloy with x = 3 is a typical
TWIP steel and has the highest elongation; a further increase in the concentration of
Al results in a decrease in both strength and elongation.

Fig. 11.9 Stress–strain curves of Fe–30Mn–(6-x)Si–xAl alloys (x = 0 to 6). (Reprinted with
permission from Mater. Sci. Eng. A 587 (2013) 192, Copyright 2013, Elsevier B.V.)
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The extendeddislocationglide can also contribute to the strain hardeningdue to the
suppression of the recovery, which is the stress relaxation associated with dislocation
rearrangement into a cell structure. There is a variation in the dislocation structures:
Yoo and Park have reported a TWIP-like hardening mechanism by a banded dislo-
cation structure in an Fe–28Mn–9Al–0.8C alloy (� ≈ 85 mJ/m2), which is called
microband-induced plasticity (MBIP) (Yoo and Park 2008); Gutierrez-Urrutia and
Raabe have reported that multiple strain hardening is caused by dislocation substruc-
tures, such as Taylor lattices, cell blocks, and dislocation cells (Gutierrez-Urrutia and
Raabe 2012).

11.4.3 Martensite/twin Variants

Martensite/twin variants are important microstructural components in high-Mn
steels; these variants and γ-austenite all have crystallographic orientation relation-
ships (ORs).

The OR of the mechanical ε-martensite with respect to the γ-austenite, which is
called the Shoji–Nishiyama (S–N) OR, is shown as follows:

{1 1 1}γ // {0 0 0 1}ε, <1 1 −2> γ // <1 −1 0 0> ε. (S–N OR)
There are four ε-martensite variants depending on the habit plane denoted by a,

b, c, or d, using the notation of the Thompson tetrahedron in Fig. 11.3.
A remarkable microstructural event is the formation of a new crystal phase or a

new crystallographic variant by crossing shears at the intersection of different habit-
plane variants of ε-martensite. In Fe–Cr–Ni stainless steels (Olson and Cohen 1972;
Venables 1962; Bogers and Burgers 1964; Lee et al. 2013) and Fe–high-Mn steels,
α’-martensite is reported to form at the intersection of the ε-martensite habit-plane
variants. In Fe–Mn–Si SMAs, a wide variety of other intersection products have been
reported, such as ε-twins (Matsumoto et al. 1994; Zhang and Sawaguchi 2018), γ-
twins (Matsumoto et al. 1994), and the ε-phase rotated 90° from the original ε-phase
(ε90) (Yang and Wayman 1992a; b). In Fe–30Mn–4Si–2Al TRIP steel, the γ-phase
rotated 90° from the parent γ-austenite (γ90) (Zhang et al. 2011a; b) has also been
reported.

These intersection reactions act not only as a self-accommodation mechanism but
also as a source, obstacle, or sink of dislocations by providing new interfaces with
surroundingphases andvolumetric changes. To control themechanical and functional
properties, it is important to clarify the selection rule of the intersection reactions and
their contributions to macroscopic properties. The thermodynamic stability of γ-, ε-,
and α’-phases is evidently an important factor affecting the selection of the three
thermodynamically distinct intersection reactions, that is, the secondary martensitic
transformation into α’, the reverse martensitic transformation into γ, and the plastic
deformation (e.g. twinning) of ε.

Zhang et al. (2011a) pointed out that the directions of the crossing shears with
respect to the intersection axis, either 90° (Type I) or 30° (Type II), also determines
the intersection products. Figure 11.10 shows the EBSD images of the structures at
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Fig. 11.10 EBSD images for structures at the intersection of ε-martensite variants in an Fe–30Mn–
4Si–2Al alloy. (Reprintedwith permission fromPhilos.Mag. Letters 91 (2011) 563,Copyright 2011,
Taylor & Francis)

the intersections of crossing ε-martensite variants in Fe–30Mn–4Si–2Al steel tensile
deformed to 10%. Figure 11.10a–c shows a single variant structure in the grain close
to <4 1 4>γ. Two types of double variant structures are shown at an orientation on
the <0 0 1> − <1 0 1>γ boundary in Fig. 11.10d–f and the <0 0 1> − <1 1
1> γ boundary in Fig. 11.10g–i. Using Schmid’s law, plausible crossing shears are
identified as Type I for the former and Type II for the latter. The γ 90° phase was
observed at the Type I intersection, while a non-basal slip was observed at the Type
II intersection. At an orientation close to <0 0 1>γ in Fig. 11.10j–l, the martensite
fraction is significantly lower than that of the other grains because of the low Schmid
factors of Shockley partials compared with those of perfect dislocations.

The orientation dependence and double shearmechanisms for various intersection
products are summarised in Fig. 11.11. Starting from the γ-austenite (a) represented
by the regular tetrahedron, (b) one-third, T/3, (c) half, T/2, and (d) full twinning,
T, shears along Cδ/d are considered as intermediate states. Bogers and Burgers
proposed that the second shear on the non-conjugate plane with a magnitude of
T/2 can produce α’-martensite (Bogers and Burgers 1964). Figure 11.10e is one
such example produced by the second shear along Bα/a. This double shear mech-
anism is expected at the Type II (30°) intersection. From the half-twin state (c),
ε-martensite (f) is produced by shuffling on the d-plane, γ90 is produced by T/2 shear
on the c-plane, and {1 0 −1 2}ε twinning is produced by shuffling on the c-plane.
The latter two are both Type I intersection products. The double shear mechanism
for the γ90 phase was first schematically drawn by Sleeswyk (Sleeswyk 1962) and
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Fig. 11.11 Double shear mechanisms for various intersection products

experimental observation of the γ90 and the {1 0 −1 2}ε twin at Type I intersections
was confirmed by EBSD and TEM in Zhang et al. 2011b.

11.5 Plasticity Mechanisms Under Cyclic Loading

Remy and Chalant reported a positive effect of the planar plasticity mechanisms on
fatigue life (Chalant and Remy 1980). Suppression of the cross slip of dislocations
owing to planarity is considered to decelerate the accumulation of fatigue damage.
Figure 11.12 schematically shows the reversible back-and-forth movement of the
partials associated with martensitic transformations, twinning, and dislocation glide
(Sawaguchi et al. 2015). These mechanisms commonly involve the movement of
a partial dislocation connected with an SF as an elementary step. All of these are
expected to improve the fatigue life; however, the degree of improvement is different,
probably due to different degrees of reversibility.

Recently, studies have extensively investigated the reversal of mechanical twin-
ning and its positive effect on fatigue properties. Direct observations of the twinning
and detwinning in TWIP steels under cyclic loading have been made using an in situ
neutron diffraction technique (Xie et al. 2018) and by EBSD analysis on interrupted
reverse loading (McCormack et al. 2018).
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Fig. 11.12 Reversible movement of Shockley-partial dislocations associated with a, bmechanical
γ → ε martensitic transformation, c, d mechanical γ twinning, and e, f extended dislocation glide.
(Reprinted with permission from Scripta Mater. 99 (2015) 49, Copyright 2014, Acta Materialia Inc.
Published by Elsevier Ltd.)

Sawaguchi et al. reported a reversible change in the surface relief formed on
the pre-polished surface of an Fe–28Mn–6Si–5Cr–0.5NbC SMA during tensile and
subsequent compressive loadings (Sawaguchi et al. 2006). They suggested possible
improvement of the fatigue resistance by the reversible deformation characteristics
of the SMA.However, subsequent investigations revealed that the optimum chemical
composition was different from that of the SMA.

Figure 11.13 shows the fatigue lives of Fe–30Mn–(6-x)Si–xAl alloys with
different compositions (x= 0–6) at room temperature after strain-controlled tension–
compression loading at a total strain amplitude of 0.01 (Nikulin et al. 2013). Note
that the alloys are those discussed in Sect. 11.4.2. regarding their tensile behaviour.
The Fe–30Mn–4Si–2Al TRIP steel exhibits the longest value of the fatigue life (Nf),
whereas the Fe–30Mn–6Si SMA and the Fe–30Mn–3Si–3Al TWIP steels possess
lower values of Nf than those of the former. SMAs can also exhibit improvedNfwhen
the deformation temperature is increased. Figure 11.14 represents the fatigue lives
of an Fe–28Mn–6Si–5Cr SMA after strain-controlled tension–compression loading
at a total strain amplitude of 0.01 at temperatures ranging from 223 to 474 K.

The composition and temperature dependence of the fatigue life of high-Mn steels
reached a maximumwhen they were deformed in the vicinity of the Md temperature.
The temperature range is characterised by the strain-inducednucleation ofmartensite,
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Fig. 11.13 Fatigue lives of Fe–30Mn–(6-x)Si–xAl alloys (x = 0 to 6) for cyclic tension–compres-
sion loading at a strain amplitude of 0.01. ( Reproduced with permission from Mater. Sci. Eng. A
587 (2013) 192, Copyright 2013, Elsevier B.V.)

as discussed in Sect. 11.4.1. The accumulated volume fraction of the ε-martensite
increases slowly under cyclic loading, and the post-fatigue fractured microstructure
shows a dual γ/ε phase. An example of such dual phase microstructure observed on
the Fe–30Mn–4Si–2Al TRIP steel by SEM-EBSD is shown in Fig. 11.15b, while
the single ε-phase microstructure on the Fe–30Mn–6Si SMA and the single γ-phase
microstructure on the Fe–30Mn–3Si–3Al TWIP steels are shown in Fig. 11.15a, c,
respectively.

A possible reason for the highestNf value occurring at this temperature is the small
difference in theGibbs free energy between the γ- and ε-phases. The Shockley-partial
shear occurs only in such a way that the atom goes through the saddle point between
the two atoms on the lower layer, as shown in Fig. 11.4, while the movement in the
opposite direction is strongly forbidden. After partial shear, however, reversal shear
can easily occur under counter-directional loading. Owing to the unidirectionality,
the Shockley-partial shear yields reversibility under cyclic loading. However, if the
Gibbs energy of ε-martensite is sufficiently low, once ε-martensite is formed, it cannot
reversely transform into austenite. That is, the thermodynamic condition of�G� 0 is
required for the reversiblemartensitic transformation. Such reversible twinning shear
is also expected in the twinning–detwinning process. So far, however, the Nf values
at temperatures above Md are lower than those at temperatures below Md. This is
probably due to complicated dislocation interactions at relatively higher SFEγ values
with narrower dislocation extension widths.

A new application of high-Mn steels with improved fatigue life has been proposed
for the seismic response control of architectural constructions. Steel seismic dampers
have recently been used to protect buildings by elasto-plastic deformation hysteresis
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Fig. 11.14 Fatigue life a
and 0.2% proof stress b as a
function of deformation
temperature with respect to
martensitic transformation
temperatures (Tasaki et al.
2016). (Reprinted with
permission from Mater.
Trans. 57 (2016) 639,
Copyright 2016, Japan
Institute of Metals and
Materials)

that transforms seismic energy into heat. A new seismic damping alloy, Fe–15Mn–
10Cr–8Ni–4Si, was developed based on the design concept described in this article
and is currently used in some large-scale buildings (Sawaguchi et al. 2016).

11.6 Concluding Remarks

An attempt is made to describe the plasticity mechanisms in high-Mn austenitic
steels in a relatively comprehensive manner, considering the distortions of poly-
hedron models. The selection rule of the plasticity mechanisms, microstructural
development, and their effects on the tensile and fatigue properties are discussed in
terms of microstructural, thermodynamic, and crystallographic aspects. The tensile
and fatigue properties of coarse-grained and interstitial-free Fe–Mn–Si–Al alloys
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Fig. 11.15 EBSD-IPFmaps a, c, and e and phase/boundarymaps b, d, and f of the fatigue fractured
specimens of a, b Fe–30Mn–6Si, c, d Fe–30Mn–4Si–2Al, and e, f Fe–30Mn–3Si–3Al. (Reprinted
with permission from Mater. Sci. Eng. A 587 (2013) 192, Copyright 2013, Elsevier B.V.)

with different SFEγ values are shown as representatives. The effects of grain refine-
ment, precipitation, and interstitial elements are excluded here. Nevertheless, some
microstructural events, such as crossing shear reactions at the intersection of the
different ε-martensite variants and reversible back-and-forth movement of Shockley,
which are highlighted in this article, are of importance in designing mechanical and
fatigue properties of high-Mn steels.
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Chapter 12
Design and Development of Novel
Wrought Magnesium Alloys

Taisuke Sasaki and Kazuhiro Hono

12.1 Introduction

Magnesium alloy has received revived research interest owing to ever increasing
demand for lightweight materials in the transportation sector to lower the emis-
sion of greenhouse effect gases by weight reduction. However, there are only a few
applications of magnesium alloys such as cast alloys for engine blocks. If wrought
magnesium alloys can substitute some of the structural components in automotive
bodies, further reduction of weight is expected. However, there are limited appli-
cations of wrought alloys due to their poor mechanical properties, low corrosion
resistance, flammability, and high cost of processing. Therefore, the development of
novel wrought alloys is essential to broaden the applications of magnesium alloys to
automotive bodies. This chapter discusses the requirements to make wrought magne-
sium alloys industrially viable through a brief review of their mechanical properties.
A new concept to achieve improved mechanical properties is presented along with
examples of novel heat treatable wrought magnesium alloys.
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12.2 Requirements for Wrought Magnesium Alloys

The majority of structural components in transportation vehicles consist of steel
and aluminum alloys. If wrought magnesium alloys are to substitute some of these
materials, the best target materials would be Al–Mg–Si-based (6XXX series) alloys,
which are used as body panels, door frames, and space frames.

Certain magnesium wrought alloys have equivalent or superior mechanical prop-
erties comparedwith those of 6XXXseries aluminumalloys as shown in Fig. 12.1 (b).
However, applications of wrought magnesium alloys are limited. One main reason
for this is the high processing cost that originates from their poor workability and
formability. Low corrosion susceptibility and flammabilitywould also limit the appli-
cations. However, the poor flammability can be improved by the addition of Ca. The
following sections discuss the directions for developing industrially viable wrought
magnesium alloys emphasizing the reduction of processing costs.

12.2.1 Extruded Alloys

Figure 12.2 shows an extrusion limit window diagram for various magnesium alloys
and AA6063 aluminum alloy (Atwell and Barnett, 2007). This figure shows extru-
sion temperature ranges and speeds for successful extrusion. Successful extrusion
is expected if the extrusion temperature and speed are within the process windows.

Fig. 12.1 Relationship between strength and elongation to failure in 6XXX series aluminum alloys
and wrought magnesium alloys. Data points are adopted from Davis (1993); Abedesian and Baker
(1999); Kamado et al. (2005)
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Fig. 12.2 Extrusion limit
window diagram for
Mg–xAl–1Zn (x = 3, 6)
(wt.%) alloys. Reprinted
from ref. Atwell and Barnett
(2007) with permission from
Springer Nature

Mg–6Al–1Zn (AZ61) and Mg–6Zn–0.5Zr (ZK60) are commercial wrought magne-
sium alloys with yield strengths of ~ 230 MPa, which is comparable with that of the
AA6063 alloy. However, AZ61 and ZK60 alloys have poor extrudability compared
with AA6063. This means that the processing cost for AZ61 and ZK60 is much
higher than that for AA6063. Therefore, the key to make these magnesium alloys
industrially viable is to substantially improve their extrudability.

Figure 12.2 also shows that better extrudability may be achieved by lowering
the composition of alloying elements; the extrusion limit windows for Mg–3Al–1Zn
(AZ31), Mg–2Zn–1Mn (ZM21), and Mg–1Mn (M1) alloys are much larger than
those for the AZ61 and ZK60 alloys. However, lowering the content of alloying
elements is accompanied by a reduction in the yield strengths (Murai, 2004). Murai
et al. reported that the maximum extrusion speed can be increased by lowering the Al
content in Mg–xAl alloys from x = 2.0 to 0.5. However, the decrease in Al content
results in the decrease of the yield strength from180 to 140MPa, respectively. The use
of precipitation hardenable “dilute” alloy might be a promising approach towards the
achievement of an excellent extrudability and high strength simultaneously because
the dilute alloy is solution treatable and expected to be extrudable in the single-
phase region. The extruded products are expected to be strengthened by subsequent
artificial aging. This is the design concept for high-strength magnesium alloys with
excellent extrudability.

12.2.2 Sheet Alloys

Room temperature formability is one of the important properties required for
sheet alloys as a low processing cost is anticipated. Although aluminum alloy and
steel sheets are easily processed into final shapes by stamping or other forming
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Fig. 12.3 (a) Schematic illustration showing the principle of the Erichsen cupping test. (b) Snap-
shots of Mg–3Al–1Zn (wt.%) (AZ31) alloy and 6XXX series aluminum alloy sheets after the
Erichsen cupping test

processes at room temperature, magnesium alloy sheets need elevated temperature
environments of ~300 °C for the forming process due to the poor formability at room
temperature. The Erichsen cupping test is widely used as an indicator of the forma-
bility of sheet alloys. It evaluates the stretch formability in Index Erichsen (I.E.)
value, which corresponds to the height required to fracture a cupped sheet metal
deformed by a spherically shaped punch (Fig. 12.3 (a)). Figure 12.3 (b) shows snap-
shots of the samples after the Erichsen cupping test, demonstrating that the AZ31
commercial alloy sheet has a much lower stretch formability than a pure aluminum
sheet; the I.E. value for the AZ31 sheet is only 2 ~ 3 mm, which is much lower than
that of pure aluminum alloy (8.9 mm).

The poor room temperature formability of the magnesium alloy sheet is attributed
to the limited number of slip systems due to the hexagonal close-packed (hcp) struc-
ture and the strong (0002) texture that develops during the hot-rolling process. As
schematically shown in Fig. 12.4 (a), the [0002] directions (c-axes) of themagnesium
grains are strongly aligned to the sheet normal direction (ND) during the hot-rolling
process. In such a case, the deformation along the sheet thickness direction is difficult
because the slip system is limited to the basal slip at room temperature in magnesium
alloys (Fig. 12.4 (b)).

Weakening the basal texture is known to be an effective approach toward
improving the poor room temperature formability. For example, the strong (0002)
texture is weakened by the addition of trace Ce into a Mg–1Zn (wt.%) alloy
(Mackenzie and Pekguleryuz, 2008). Chino et al. showed that the Mg–1Zn–0.2Ce

Fig. 12.4 Schematic illustration of (a) a typical crystallographic texture developed in magnesium
alloy sheets and (b) illustration of basal < a > slip in magnesium and magnesium alloys
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(wt.%) (ZE10) alloy exhibits a high I.E. value of 8–9 mm, which was comparable
with that of Al–Mg–Si (6XXX series) aluminum alloys (Chino et al. 2008, 2010a).
The development of such weakened texture was also reported following the addi-
tion of Ca or rare-earth (RE) elements into Mg–Zn-based alloys (Chino et al. 2009,
2010b, 2011; Wu et al. 2011; Bhattacharjee et al. 2014; Bian et al. 2016; Park et al.
2017), and the optimization of the thermo-mechanical processing route in Mg–Zn
and Mg–Al alloys (Chino and Mabuchi 2009; Huang et al. 2009, 2011, 2012, 2015a,
b; Suzuki et al. 2015; Yi et al. 2016; Trang et al. 2018).

Figure 12.5 shows the relationship between the yield strengths,σys and I.E. values
for various magnesium alloys. Some magnesium alloys have comparable stretch
formability with that of aluminum alloys. However, there is a trade-off relationship
between the I.E. value and the yield strength, σys, that is, high I.E. values are achieved
at the expense ofσys. Therefore, because a value of σys below 150 MPa is not satis-
factory for automobile body applications, another approach is required to achieve
excellent room temperature formability and satisfactory strength simultaneously.

To overcome the tread-off relationship between yield strength and stretch forma-
bility, the use of a precipitation hardenable alloy is regarded as a promising approach.
As shown in Fig. 12.6, a solution treatment is applied to the hot-rolled sheet to form
a supersaturated solid solution and recrystallized microstructure. If the recrystallized
microstructure shows a weak (0001) texture, the solution-treated sheet may yield a
good room temperature formability. The low strength of the solution-treated sample

Fig. 12.5 Relationship
between the yield strengths,
σys and I.E. values for
various magnesium alloys.
The figure also includes the
data for 6XXX series
aluminum alloys

Fig. 12.6 Illustration of the processing route of heat-treatable alloys
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can be substantially increased by subsequent artificial aging. This is a new design
concept for developing formable high-strength magnesium sheet alloys.

12.3 Development of Industrially Viable Precipitation
Hardenable Alloys

As most binary magnesium alloys are based on systems with potential for precipita-
tion hardening, selection of the alloys that exhibit precipitation hardening is relatively
simple. However, most precipitation hardenable alloys reported in the literature are
not industrially viable because of their sluggish precipitation kinetics and poor age
hardenability. Figure 12.7 (a) shows the variation in Vickers hardness (VHN) as a
function of aging time for various binarymagnesium alloys. For comparison, the age-
hardening curves for Al–Cu–Sn alloy are also shown (Ringer et al. 1995; Nie et al.
2005; Sasaki et al. 2006; Mendis et al. 2007; Oh-ishi et al. 2009). Binary magnesium
alloys show very sluggish kinetics for age hardening and demonstrate a relatively
small hardness increment by artificial aging compared to Al–Cu–Sn alloys. Most
magnesium alloys take tens of hours to reach their peak hardness through artificial
aging. Thus, for making the precipitation hardening usable in heat-treatable wrought
alloys, the kinetics for precipitation hardening must be substantially accelerated.

In most of the binary magnesium alloys, precipitates form on the (0002) plane
(basal plane) of the magnesium matrix. Since the basal slip is the main deformation

Fig. 12.7 (a) Variations in Vickers hardness as functions of aging time for various binary magne-
sium alloys and Al–Cu alloy. (b) Bright-field TEM images obtained from various magnesium alloys
at their peak aged conditions. Reprints from ref. Ringer et al. (1995); Nie et al. (2005); Sasaki et al.
(2006); Mendis et al. (2007); Oh-ishi et al. (2009), Copyright 2012, with permission from Elsevier
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mechanism in magnesium alloys, the dispersion of the fine plate-like precipitates
forming on the prismatic planes of the matrix is expected to be the most effective
for precipitation strengthening (Nie, 2003). However, the precipitation of the “pris-
matic plate” is limited to magnesium–rare earth elements (Mg–RE) systems (Nie,
2012). Since the precipitates observed in the peak-aged binary alloys are coarse and
heterogeneously dispersed (Fig. 12.7 (b)), a practical approach to achieve the high
peak hardness would be to refine the precipitates via micro-alloying, double aging, or
stretch aging. Recent studies on precipitation hardenable magnesium alloys showed
that micro-alloying is effective to increase the precipitation hardening response
substantially, and very high peak hardness values of ~ 100 VHN were achieved
in Mg–Sn and Mg–Zn-based alloys (Fig. 12.8) (Mendis et al. 2007; Elsayed et al.
2013; Sasaki et al. 2015).

However, excellent extrudability or room temperature formability may not be
anticipated from these alloys as they contain a high content of alloying elements.
In search of precipitation hardenable RE-free alloys, Oh-ishi et al. reported that the
age-hardening response of dilute Mg–Ca alloys can be substantially enhanced by
the trace addition of Zn and Al because the strengthening phase changes from the
equilibrium Mg2Ca phase, which precipitates heterogeneously with an incoherent
interface, to fully coherent Guinier Preston (G.P.) zones (Oh-ishi et al. 2009). The
formation of the G.P. zone in the Mg–Ca system was first reported by Oh et al. (Oh
et al. 2005). They reported that the trace addition of Zn in the Mg–0.5Ca (wt.%)
alloy resulted in the formation of the monolayer G.P. zone enriched with Ca and Zn.
Later, Oh-ishi et al. thoroughly investigated the effect of the Zn content on the age
hardening response in the Mg–Ca–Zn alloy (Oh-ishi et al. 2009), reporting that the
highest age-hardening response is achieved by the addition of 1.6 wt.% of Zn, and
the addition of excess Zn results in the change of the precipitate phase. Oh-ishi et al.
also identified the structure of the monolayer G.P. zones using atomic resolution
high angle annular dark-field scanning transmission electron microscope (HAADF-
STEM) observations, as presented in Fig. 12.9 (a). In theG.P. zone, Ca or Zn occupies
the nearest-neighbor Mg site at intervals of two Mg atoms, resulting in the ordered
structure as shown in Fig. 12.9 (b).

Fig. 12.8 Variations in
Vickers hardness as
functions of aging time for
various magnesium alloys.
Data points adopted from
ref. Mendis et al. (2007);
Oh-ishi et al. (2009);
Elsayed et al. (2013)
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Fig. 12.9 HAADF-STEM image obtained from the peak aged Mg–0.5Ca–1.6Zn alloy (a) and
Schematics of the ordered G.P. zone formed on a single basal plane of the Mg (b). Reprinted from
ref. Oh-ishi et al. (2009), Copyright 2012, with permission from Elsevier

Fig. 12.10 Relationship between atomic radii and enthalpy of mixing among alloying elements
and magnesium in Mg–Ca–Zn and Mg–Ca–Al alloys

Figure 12.10 shows the relationship between atomic radii and the enthalpy of
mixing among Mg, Ca, and Zn. These elements have a negative enthalpy of mixing,
and the atomic radius of Ca is larger than that of Mg, and that of Zn is smaller than
that of Mg. This leads to the internal order of atoms within the monoatomic layer of
the basal plane as shown in Fig. 12.9. In addition to Zn, Al also has a large negative
enthalpy of mixing with Ca with a smaller atomic radius. Thus, Al was also expected
to work to induce the precipitation of ordered G.P. zones.

Jayajaj et al. proved that the G.P. zone also forms by adding a trace amount
of Al into the Mg–Ca system. As shown by the variation in the Vickers hardness
as a function of the aging time (Fig. 12.11), micro-alloying Al into the Mg–0.5Ca
alloy results in a substantial increase in the peak hardness along with a kinetics
acceleration (Jayaraj et al. 2010). While the Mg–0.5Ca alloy shows only a small
hardness increment, the Mg–0.5Ca–0.3Al alloy shows the higher peak hardness of
72 VHN in only 2 h of aging at 200 °C. As shown in a bright-field (BF) TEM image
of the peak-aged Mg–0.5Ca–0.3Al alloy (Fig. 12.11 (b)), the ordered G.P. zone is
precipitated as evident from the diffraction contrasts and the streaking feature in
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Fig. 12.11 (a) Variations in Vickers hardness as functions of time for Mg–0.5Ca–xAl (x = 0.1,
0.3, 0.5, and 1.0) alloys during artificial aging at 200 °C, (b) Mg–0.5Ca–0.3Al alloys, (c) 3D atom
map of Al and Ca taken from the Mg–0.5Ca–0.3Al alloy. Reprinted from ref. Jayaraj et al. (2010),
Copyright 2012, with permission from Elsevier

the selected area diffraction (SAD) pattern. A 3D atom map of the peak-aged Mg–
0.5Ca–0.3Al alloy shows that Al and Ca are enriched in the G.P. zones (Fig. 12.11
(c)).

12.4 Examples of Heat-Treatable Wrought Alloys

12.4.1 Extruded Alloys

Following the fundamental work on the age-hardening responses in dilute Mg–Ca–
Al and Mg–Ca–Zn alloys, Nakata et al. demonstrated that the Mg–Ca–Al–Mn-
based alloys are extrudable at speeds as high as those used in 6XXX aluminum
alloys (Nakata et al. 2015). As shown in the snapshots of Mg–0.3Al–0.15Ca–
0.2Mn (AXM0301502) and AZ31 alloys extruded at 60 m/min (Fig. 12.12), the
AXM0301502 extruded alloy shows a crack-free surface even at a die-exit speed of
60 m/min, while many cracks appear perpendicular to the extrusion direction on the
surface of the AZ31 extruded alloy.

Fig. 12.12 Surface appearance of Mg–0.3Al–0.15Ca–0.2Mn (AXM0301502) and AZ31 alloys
extruded at 60 m/min. Reprinted from ref. Nakata et al. (2015), Copyright 2012, with permission
from Elsevier
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Fig. 12.13 Nominal stress–strain curves for AZ31 (a) and as-extruded and T5 treated
AXM0301502 alloys. Note that the T5 treatment stands for the artificial aging to the peak hardness
right after the extrusion. Nominal stress–strain curves for a T6-treated 6N01 Al alloy (b) and solu-
tion treated and T6-treated Mg–1.3Al–0.33Ca–0.46Mn (AXM10304) alloys. Reprinted from ref.
Nakata et al. (2015, 2017a), Copyright 2012, with permission from Elsevier

The artificial aging for only 3 h immediately after extrusion leads to an increase in
the yield strength from 170 to 207 MPa, which is higher than that of the AZ31 alloy
due to the precipitation of the G.P. zones (Fig. 12.13 (a)). The yield strength was
further increased to 290 MPa by composition optimization into Mg–1.3Al–0.33Ca–
0.46Mn (wt.%) (AXM10304) and subsequent T6 treatment consisting of solution
treatment and artificial aging (Fig. 12.13 (b)). Although the yield strength of 290MPa
is higher than that of the 6N01 aluminum alloy, such high strength is achieved at the
expense of extrudability. The AXM10304 alloy is extrudable at 24 m/min, which is
slower than the extrusion speed of AXM0301502 alloy, 60 m/min. However, Nakata
et al. demonstrated that the excellent extrudability and the high yield strength can
be simultaneously achieved by the optimization of the homogenization process prior
to the extrusion; a Mg–1.6Al–0.2Ca–0.9Mn alloy can be extrudable at 60 m/min by
and exhibits a high yield strength of 284 MPa (Nakata et al. 2017b).

Along with good extrudability and high strength, the diluteMg–Ca–Al alloys also
show an interesting feature. As shown in Fig. 12.13 (b), the dilute Mg–Ca–Al alloy
does not show significant loss of ductility by the T6-treatment unlike precipitation
hardenedMg–Al,Mg–Zn, andMg–Sn alloys; the peak agedAXM10304 alloy shows
a large elongation of 20%, which is comparable with that of the solution-treated
samples.

12.4.2 Sheet Alloys

The large tensile elongation of the Mg–Ca–Al–Mn alloy indicates that the Mg–Al–
Ca-based dilute alloy might also exhibit excellent room temperature formability and
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Fig. 12.14 Snapshot of the sample after the Erichsen cupping test, inverse pole figure map and
(0002) pole figures of the solution treated (a) Mg–1.2Al–0.5Ca–0.4Mn (AXM100) and (b) Mg–
1.2Al–0.8Zn–0.4Mn–0.5Ca (AZMX1000) alloys. Reprinted from ref. Bian et al. (2017), Copyright
2012, with permission from Elsevier

satisfactory strength (Bian et al. 2017). However, the solution treated Mg–1.2Al–
0.5Ca–0.4Mn (AXM100) alloy sheet shows an I.E. value of only 5.9 mm, which is
lower compared with that of the 6XXX series aluminum alloy, Fig. 12.14 (a). An
inverse pole figure (IPF) map and (0002) pole figure (Fig. 12.14 (a)) obtained by
electron backscatter diffraction (EBSD) indicate that the lack of formability is due
to the development of a strong basal texture as discussed in Sect. 12.2.2 (Bian et al.
2016). Bian et al. reported that the poor room temperature formability of the Mg–
0.5Ca–0.1Zr (at.%) alloy can be substantially improved by the addition of Zn (Bian
et al. 2016). The Mg–1.2Al–0.8Zn–0.4Mn–0.5Ca (AZMX1000) alloy exhibited a
high I.E. value of 7.7 in the solution treated condition since the addition of Zn
caused the development of a “quadrupole” texture, in which (0002) poles were tilted
toward RD and TD (Fig. 12.14 (b)).

The T6-treatment gives rise to the strength of the AZMX1000 alloy sheet (Bian
et al. 2017). The AZMX1000 alloy reaches the peak hardness with only 1 h of
artificial aging at 200 °C, and the yield strength of the AZMX1000 alloy increases
from 177 to 204 MPa (Fig. 12.15 (a)).

In the actual car manufacturing process, body panels made from steel and
aluminum alloys are heat treated at low temperatures for short time, e.g. at 170 °C
for 20 min for paint curing. The phenomenon that the sheet materials are strength-
ened during the paint baking process is referred to as “bake-hardening.” The bake-
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Fig. 12.15 (a) Nominal stress–strain curves for T4- and T6-treated Mg–1.2Al–0.8Zn–0.4Mn–
0.5Ca (AZMX1000) alloys and nominal stress–strain curves for (b) Mg–1.3Al–0.8Zn–0.7Mn–
0.5Ca (wt.%) (AZMX1110) and (c) AZ31 alloy before and after inducing 2% strain and artificial
aging at 170 °C for 20 min. Reprinted from ref. Bian et al. (2017, 2018a), Copyright 2012, with
permission from Elsevier

hardening process corresponds to strain aging, and the descriptions of the bake-
hardenability are usually based on uniaxial tensile tests. First, 2% strain is induced
into a specimen followed by artificial aging at 170 °C for 20 min. Note that the 2%
strain is a typical amount of strain induced into the body materials during stamping,
and artificial aging at 170 °C for 20min simulates the industrial paint-baking process.
The pre-strained and artificially aged sheet sample is again subjected to a tensile test.
The bake-hardenability is defined as the difference between the maximum stress
during pre-straining and the yield stress after baking.

The bake-hardenability in the magnesium alloy was demonstrated for the first
time in the Mg–Ca–Al–Zn dilute alloy (Bian et al. 2018a). The AZMX1110 alloy
exhibits a strength increase of approximately 40 MPa because of the bake-hardening
process, while the commercial AZ31 alloy exhibits softening rather than strength-
ening, Fig. 12.15 (b) and (c) (Bian et al. 2018a). Consequently, the yield strength of
the AZMX1110 alloy increases from 177 to 238 MPa through the bake-hardening
process, which is significantly higher than that of the AZ31 alloy (186 MPa)
((Fig. 12.15 (c))).

Figure 12.16 shows the relationship between the yield strength and the I.E. values
for various magnesium-based sheet alloys. The AZMX1110 alloy showed much
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Fig. 12.16 Yield strengths
and Index Erichsen values
for various
magnesium-based alloys.
Reprinted from ref. Bian
et al. (2018a), Copyright
2012, with permission from
Elsevier

higher room temperature formability and yield strength compared with the existing
alloys. Therefore, the bake-hardenable AZMX1110 sheet alloy successfully over-
came the usual trade-off relationship between formability and strength, which has
been hindering the application of magnesium sheet alloy (Bian et al. 2018a).

12.4.3 Toward the Improvement of Room Temperature
Formability

The detailed analysis of the microstructure evolution during the stretch forming
indicates the direction for the microstructure design to further improve the room
temperature formability (Bian et al. 2017, 2018a). Figure 12.17 (a) and (b) shows
IPF maps and (0002) pole figures of the AZMX1000 alloy stretch formed to dome
heights of 3 and 7.7 mm during the Erichsen cupping test. The (0002) pole figures
show that the angular distribution of these (0002) poles gradually becomes narrower
toward the ND compared with those of the unstretched sample (Figs. 12.14 (b) and
12.17), indicating that the basal slip mainly operates during the stretch forming.

An EBSD-assisted slip trace analysis also revealed that the activation of the non-
basal slip is the key to achieve excellent room temperature formability (Bian et al.
2018b). Note that the EBSD-assisted slip trace analysis initially uses EBSD orienta-
tion data to predict the traces generated by the major slip modes such as basal < a > ,
prismatic < a > , and pyramidal II < c + a > . Then, it compares the predicted traces
with the traces detected from the SEM micrograph. The traces observed from the
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Fig. 12.17 Inverse pole figure maps and (0002) pole figures obtained from the top and bottom
surfaces of the samples after (a) 3 mm and (b) 7.7 mm deformation by Erichsen cupping test.
Reprinted from ref. Bian et al. (2017), Copyright 2012, with permission from Elsevier

SEMmicrograph (Fig. 12.18 (a)) match well with the predicted trace of the basal < a
> slip, indicating that these traces were generated by the basal < a > slip. The analyt-
ical results shown in Fig. 12.18 (b) indicate that the basal < a > slip is the dominant

Fig. 12.18 (a) An SEM image and corresponding EBSD IPFmap alongwith slip traces predictions
for basal < a > , prismatic < a > and pyramidal ll < c+ a > showing the methodology utilized for slip
trace analysis on a stretch deformed grain. (b) SEMmicrographs showing traces generated by basal
< a > , prismatic < a > and pyramidal II < c + a > slips on the surface of the 3 mm stretch formed
on Mg–1.2Al–0.3Ca–0.4Mn–0.3Zn alloy. Reprinted from ref. Bian et al. (2018b), Copyright 2012,
with permission from Elsevier
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deformation mode during the stretch forming of these samples, but Fig. 12.18 also
shows the active operation of the prismatic < a > slip during the stretch forming.

Since the active operation of the prismatic < a > slip was also reported in fine-
grained AZ31 and AZ61 alloys during the tensile test by Koike et al. (Koike et al.
2003; Koike and Ohyama 2005), the operation of the prismatic < a > slip would
be a distinct feature in a magnesium alloy with relatively fine-grained structure.
Zheng et al. also reported the enhanced work hardening and large elongation by the
operation of < c + a > dislocations in an ultrafine-grained Mg–6.2%Zn–0.5%Zr–
0.2%Ca (wt.%) alloy subjected to high-pressure torsion (HPT) (Zheng et al. 2019).
Recent studies also reported that pure magnesium and magnesium alloys can show
super-formability even at room temperature by grain boundary sliding and dynamic
recrystallization when the average grain size is down to the micron scale (Somekawa
et al. 2017, 2018; Zeng et al. 2017). Therefore, the formation of the fine-grained
structure would be a key to further improve the room temperature formability.

12.4.4 Strengthening by G.P. Zones

The cause of the bake-hardenability of the AZMX1110 alloy sheet was investigated
through a correlative analysis by TEM and 3D atom probe (3DAP). As shown in
Fig. 12.19 (a) and (b), only a uniform imaging contrast can be observed in the BF-
TEM image and selected area diffraction patterns obtained from the AZMX1110
alloy, which was artificially aged at 170 °C for 20 min after inducing 2% strain.
Although it is difficult to understand the reasons for the bake hardening from the
result of TEM analysis, a correlative TEM-3DAP analysis of the bake-hardened

Fig. 12.19 (a) A bright-field TEM image and selected area diffraction patterns taken from the
zone axes of

[
1120

]
,
[
0110

]
, and [0001]. (b) HAADF-STEM image taken fromMg–1.3Al–0.8Zn–

0.7Mn–0.5Ca (wt.%) (AZMX1110) alloy after inducing 2% strain and artificial aging at 170 °C for
20 min. Reprinted from Bian et al. (2018a), Copyright 2012, with permission from Elsevier



274 T. Sasaki and K. Hono

sample revealed the microstructure features that explain such reasons. Figure 12.20
(a) ~ (c) shows a two-beam BF-TEM image of the 3DAP specimen, the resulting
3D atom maps for the Al, Zn, Mn, and Ca, and the 3DAP map overlaid on the
corresponding TEM image obtained from the bake-hardened sample, respectively.
Four dislocations (designated as a, b, c, and d) are readily visible in the BF-TEM
image (Fig. 12.20 (a)). They are confirmed to be segregated with Ca in the bake-
hardened sample (Fig. 12.20 (b)). The 3DAP map overlaid on the corresponding
TEM image in Fig. 12.20 (c) clearly shows this feature. The proxigram analyzed
from the dislocation indicated by a red arrow shows that the concentrations of Al,
Zn, and Ca in the dislocation core are significantly higher than those in the matrix
(Fig. 12.20 (d)), whichmeans that Ca, Al, and Zn are segregated along the dislocation
cores. A closer look into the 3D atom map in Fig. 12.20 (e) also shows the presence
of solute clusters enriched in Ca, Al, and Zn within the matrix. Therefore, Al, Zn,

Fig. 12.20 (a) Bright-field image of a needle-shaped sample before 3DAP analysis, (b) 3D atom
map of Mg, Ca, Zn, Al, and Mn, and (c) overlaid bright-field TEM and 3D atommap obtained from
Mg–1.3Al–0.8Zn–0.7Mn–0.5Ca (wt.%) (AZMX1110) alloy after inducing 2% strain and artificial
aging at 170 °C for 20 min. (d) is proxigrams of local solute concentrations at dislocation lines
analyzed from the dislocation indicated by red arrow in (b) and (e) is 3DAP elemental mappings of
Mg, solute atoms, and detected Al, Zn, and Ca clusters in the selected region. Reprinted from Bian
et al. (2018a), Copyright 2012, with permission from Elsevier
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and Ca atoms segregated into dislocation cores are considered to contribute to the
bake-hardening effect along with co-clustering of these atoms.

12.5 Summary and Future Outlooks

In this chapter, a heat treatable alloy was introduced as a novel wrought magne-
sium alloy that would broaden alloy applications in the transportation sector. As a
result of the development of precipitation hardenable magnesium alloys, which show
substantial age hardening, Mg–Ca alloy micro-alloyed with Zn and/or Al was found
to be promising as an industrially viable precipitation hardenable alloy. Mg–Al–Ca–
Mn dilute alloy is extrudable at 60 m/min, which is comparable with the extrusion
speed of the 6XXX series medium strength aluminum alloys, and the T6-treated
sample exhibits higher yield strength (280 MPa) due to the dispersion of G.P. zones.
From theMg–Ca–Al–Zn alloy, a bake-hardenable alloy with excellent room temper-
ature formability was also developed. This is the first time that bake hardenability
was observed in magnesium alloys. The bake-hardenable Mg–Al–Ca–Zn–Mn alloy
shows a stretch formability of 7.8 mm in I.E. value, which is comparable with that
of the 6XXX series aluminum alloys. Bake hardening resulted in the segregation
of solute elements along with the dislocation core and the solute cluster forma-
tion, and these effects increased the strength to 240 MPa. Although age-hardening
phenomena have not been used in conventional wrought magnesium alloys, the opti-
mized alloy shows sufficient age hardening response as observed in many heat-
treatable aluminum alloys. Further development of heat-treatable magnesium alloys
may reveal wider applications of wrought magnesium alloys.
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